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Summary
Aluminium-lithium alloys such as 8090 (Al-Li-Cu-Mg) have been developed with the aim of
using them instead of conventional aluminium alloys such as 2024 (Al-Cu-Mg) and 7050 (AlZn-Mg-Cu) in order to save weight (by up to 10%), especially in aerospace structures. This
aim has not, however, been achieved largely because the fracture resistance of Al-Li alloys is
often inferior to conventional alloys, with Al-Li alloys being especially prone to low-energy
intergranular fracture. Thus, Al-Li alloys have only been used in niche applications to date,
such as for the external tank of the space shuttle and the fuselage skin and frames of a
helicopter. Service experience for the latter showed that crashworthiness was poor due to the
occurrence of brittle intergranular fracture, and the use of Al-Li alloys in this application has
now been discontinued.

Various hypotheses have been proposed to account for the poor intergranular fracture
resistance of Al-Li alloys including: (i) a planar slip mode due to the presence of easily
sheared δ' precipitates produced by age-hardening, which results in dislocation-pileups and
high stress concentrations at grain boundaries, and (ii) lithium segregation at grain boundaries
which weakens interatomic bonding across boundaries. One of the aims of the present work
was to resolve controversies regarding the cause(s) of brittle intergranular fracture. Another
aim was to determine if grain refinement by severe-plastic-deformation processes (friction-stir
processing, high-pressure torsion, and equal-angle channel pressing) increased the fracture
resistance and strength, without compromising other properties such as the age-hardening
response.

A wide range of techniques was used to characterise the microstructures, slip characteristics,
and fracture-surface appearance, including: (i) optical microscopy (OM), (ii) scanning
electron microscopy (SEM), (iii) transmission electron microscopy (TEM), and (iv) atomprobe tomography (for direct measurements of grain-boundary segregation). Other techniques
used (to a lesser extent) included: (i) atomic force microscopy (AFM), (ii) scanning laser
confocal microscopy (SLCM), and (iii) electron backscattered diffraction (EBSD). A range of
Al-Li alloys with varying Li contents were tested and compared with other aluminium alloys,
e.g. Al-Mg alloys with varying Mg contents, and with a nickel-base superalloy (Waspaloy)
with easily sheared, coherent L12 γ' precipitates, analogous to the coherent δ' precipitates in
Al-Li alloys.
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Since the work involved several aims and used a wide variety of techniques and alloys,
separate results followed by a discussion have been written for (i) the effects of severeplastic-deformation processing on microstructures, (ii) the effect of grain size on agehardening, (iii) the fracture behaviour with respect to slip characteristics and solute content,
and (iv) grain-boundary segregation. These topics are, of course, interconnected, but the
above layout of the thesis makes it easier to follow than combining all the results into one
section followed by one discussion section.

The major aims of the work have largely been achieved, with the observations (and a critical
review of the literature) showing that planar slip is not an important factor in promoting brittle
intergranular fracture. Rather, it appears that lithium segregation (leading to a specific
temperature-dependent 2-D structure) at grain boundaries, in conjunction with strain
localisation in precipitate-free zones at grain boundaries, is mainly responsible for brittle
intergranular fracture in commercial alloys (with low levels of alkali-metal impurities). For
example, brittle intergranular fracture was observed at low testing temperatures for a
mechanically alloyed 5091 alloy that exhibited homogeneous slip, and transitions to ductile
transgranular fracture occurred with increasing temperature despite no changes in slip mode.
For the nickel base superalloy, marked slip planarity was observed, but fractures were
transgranular and ductile (at 20°C and -196°C). Numerous other observations also showed
that there was no correlation between slip morphology and fracture behaviour.

Direct evidence for lithium segregation at grain boundaries using atom-probe tomography was
not obtained, probably because preferential field-evaporation of lithium (due to its low atomic
number) occurred at grain boundaries. However, only a limited number of grain boundaries
were examined since atom-probe tips often fractured (presumably at grain boundaries
weakened by segregation) prior to collecting sufficient data for analysis. Magnesium
segregation at grain boundaries was detected in some alloys (and has been reported in the
literature for other alloys), and probably also results in grain-boundary embrittlement. Thus,
results obtained in the present work, along with those from previous work, showed that the
tendency for brittle intergranular fracture increased with (i) increase in Mg contents in Al-Mg
alloys, and (ii) increasing Mg + Li contents in Al-Li-Mg alloys. Theoretical considerations
discussed in the literature suggest that both Li and Mg segregation at grain boundaries in Al
alloys should promote brittle intergranular fracture.
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The present work showed that brittle intergranular fracture was suppressed in 8090 alloys
with ultra-fine grain sizes produced by friction stir processing  work which involved
establishing the processing conditions required for the production of ultra-fine grain sizes.
The transition from brittle intergranular fracture in coarse-grained material to ductile dimpled
fractures in ultra-fine grained material was probably due to the fragmentation of coarse
constituent particles (resulting in numerous, small, dispersed particles that acted as a voidnucleation sites) along with an increase in the volume fraction of precipitate-free zones at
grain boundaries.

The age-hardening response of grain-refined material was significantly different from that in
coarse-grained material for the 8090 alloy, and such differences would need to be borne in
mind if ultra-fine grained material were to be used. For example, for the 8090 alloy processed
by high-pressure torsion to a grain size ~170 nm, the initial hardness was high (VH ~200) due
to grain-size strengthening according to the Hall-Petch relationship, but decreased with ageing
time (at the high ageing temperatures of 170 to 200°C) because softening due to grain growth
was more dominant than hardening due to precipitation. For friction-stir processed material,
with a 600 nm grain size, precipitation-hardening was observed, but the peak-hardness was
less than that for the coarse-grained material (despite some grain-size strengthening) due to a
larger volume fraction of precipitate-free zone at grain boundaries.
While most of the objectives of present work were achieved, there are quite a few ‘loose ends’,
and further work is recommended in regard to (i) a more complete characterisation of
microstructures after severe plastic deformation for different techniques and processing
variables, (ii) further atom-probe and high-resolution transmission electron microscopy to try
to detect lithium segregation at grain boundaries, and (ii) the effect of ultra-fine grain and
nanocrystalline grain sizes on fracture behaviour. The incompleteness of some of the above
topics is largely because it was decided it was better to obtain a broad overview of the issues,
using a wide variety of experimental techniques, rather than concentrate on one particular
material and processing technique.
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1 Introduction to Aluminium Aerospace Alloys
1.1 A Brief History of Aerospace Aluminium Alloys
The first use of aluminium alloys for structural components arose from the accidental
discovery of age-hardening by Alfred Wilm in Berlin in 1906. In 1919, through studies of the
influence of various heat treatments and chemical compositions on the hardness of the alloy
Duralium (Al 3.5Cu 0.5Mg 0.5Mn), it was determined that hardening was due to microscopic
particles Al2Cu [1].

Additionally, at the same time, it was concluded that the critical

requirement for age-hardening was a decreasing solid solubility of alloying elements with
decreasing temperature.
In 1938, Guinier and Preston independently discovered “G-P zones” by x-ray diffraction –
ordered, solute rich clusters of atoms that form during natural ageing from a supersaturated
solid solution and preceded the formation of the Al2Cu precipitates. It was not until 1942 that
the first Al2Cu precipitates (in Duralium) were observed by TEM by H. Mahl and P. Pawlek
[2]. Since foil preparation techniques had not yet been developed, the metal was too thick to
be visible in transmission, and a replica of the surface was produced using oxide film
replication (Figure 1)[3] i.e. the specimens were electrolytically oxidised in a bath of
ammoniacal citric acid of low concentration (3%) and then the oxide film was lifted off the
sample by concentrated mercury chloride.

Figure 1 TEM micrograph of Al-4%Cu aluminium oxide replica showing θ΄(CuAl2) (white plates) and a
grain boundary (that runs diagonally across the image) [3] (x18,000)
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Since the time of the discovery of age-hardening and the subsequent understanding of it, there
has been a quest to improve the properties of aluminium alloys, e.g. yield strength, density,
toughness and stress corrosion cracking resistance.

Yield strengths achieved by age-

hardening of ingot-metallurgy aluminium alloys have increased considerably since the first
significant commercial Al-Cu alloy (2014-T4) was developed (ca. 1920), with a strength of
~290MPa. The development of 7xxx Al-Zn-Mg-Cu alloys in the 1940’s resulted in a step
change in strengths to the 520-540MPa range, with only small increases to about 590MPa
achieved since then. However, complex ageing treatments, and Fe + Si impurity limits, have
resulted in modern 7xxx alloys having much higher SCC resistance and toughness than earlier
alloys [4]. Al-Li alloys such as Al-Li-Cu-Mg-Zr (8090) developed in the 1980’s also had
peak strengths in the range 480-550MPa.
“Weldalite” 2095 (Al-Cu-Li-Mg-Ag) holds the record for the largest yield strength of
commercial ingot aluminium alloys (up to ~700MPa). The increased strength compared with
previous alloys was due to a change in the type and morphology of the strengthening
precipitates from Nano-scale, spherical, rod, or plate-like precipitates with small aspect ratios
to thin (2nm) plates with very high aspect ratios (up to 100:1) on {111} planes [5]. These thin
plate precipitates constrain matrix deformation into much smaller volumes than do
precipitates in other alloys since the large-aspect-ratio plates are not easily sheared or bypassed by dislocations [6].

A graph summarising the yield strengths of aluminium alloys from first use to current
development is depicted in Figure 2. In the future, the increase in strengths of aluminium
alloys used in commercial applications may be achieved by Severe Plastic Deformation (SPD).
At present, the production of large scale parts processed by SPD have not been attempted and
are a long way from industrial processing and manufacture [7]. The production of a severe
plastically deformed, large plate or ingot could include extrusion into a required base shape
followed by surface Friction Stir Processing (FSP) or Equal Channel Angular Pressing (ECAP)
(followed by machining) or accumulative roll bonding. Small-scale components produced by
SPD have been successfully made out of titanium in the form of high strength threaded bolts
for use in aircraft, automobile and medical industries [8].
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Figure 2 Increase in strength and hardness of aluminium alloys with time. Moutsos et al. [9]

1.2 Alloying with Lithium - the Benefits, Problems and Applications
Replacing aircraft structures with lighter materials provides great weight reductions (Figure 3),
which would reduce fuel costs considerably. In fact, each weight percent of lithium added
reduces density by 3% and increases the elastic modulus by 6% for lithium additions up to
4wt% [10]. Apart from beryllium which is hazardous to health, lithium is the only element
that can decrease density and simultaneously increase modulus when alloyed with aluminium.
Furthermore, the solid solubility of beryllium in aluminum is very limited (1%), and additions
of beryllium to aluminium increase tensile strength of aluminium only slightly with large
decreases in elongation.

Figure 3 Effects of property improvements on aircraft structural weight savings [11]

Despite great efforts over the past ~ 30 years, the goal of replacing conventional Al alloys
with Al-Li alloys in commercial and military aircraft has not become reality, with the
exceptions being (i) the external tank of the NASA space shuttle which is made completely
out of Al-Cu-Li-Ag-Mg alloy 2195 (Figure 4) and (ii) the EH101 Augusta-Westland
helicopter, used for sea and air rescue (Figure 5). In the helicopter, Al-Li alloys make up the
stringers, frames, skins and fairing, with mainly composites making up the rest of the
structure.
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Figure 4 Space shuttle Atlantis launched May 14th 2010. Lightweight external tank made out of 2195 Al-Li
alloy (arrowed) [12].

Figure 5 A military helicopter used for air-sea rescue. Al-Li alloys are used for most of the skin, frames
and stringers (Image provided by S. P. Lynch , 2010).
Page 15 of 249

In commercial aircraft, there is no significant use of Al-Li alloys. Reasons that Al-Li alloys
have not yet replaced conventional aluminium alloys include:

i)

Lower S-L fracture toughness (as low as 10MPa/m for 8090) than conventional Al
alloys (typically ~20MPa/m for 7050) in near peak-aged conditions and variations in
S-L fracture toughness through thick sections, with low fracture toughness (below
18MPa/m[13]) especially near the surface in S-L and S-T orientations [14]. The S-L
designation is for a crack plane perpendicular to the S axis and crack growth in the
longitudinal L direction, depicted in Figure 6. One consequence of low fracture
toughness near the surface are delaminations which occur during hole drilling (S. P.
Lynch, personal communication , 2005) (Figure 7).

Figure 6 The S-L designation indicates a crack plane perpendicular to the S axis and a crack growth in
the longitudinal, L direction. Similarly S-T indicates a crack plane perpendicular to S and a crack growth
in the transverse, T direction. [15].

Figure 7 Schematic diagram of a section of a drilled hole (with drilling direction labelled),
showing delaminations.
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ii)

A strong texture of rolled sheet alloys, producing a greater tendency for shear
fracture and crack deviations away from that normal to the stress direction,
making structural-integrity calculations difficult (Figure 8) [16-18].

Figure 8 Fatigue crack deviation (in conventional mode I, constant load/increasing ΔK conditions at
moderate to high stress intensity levels) in AA8090 in the TL orientation a) schematic of one half of
broken specimen and b) image of an area of fracture surface, as indicated in a). [17]

An accident of a military helicopter containing a substantial amount of the 8090 Al-Li alloy is
depicted in Figure 9. The helicopter was crashed at sea due to pilot error, associated with
insufficient pilot training. Examinations of the near-peak-aged 8090 T852 forgings from
crashed helicopters showed that cracking had occurred along grain boundaries with little signs
of plastic deformation except for shallow dimples on some grain facets (Figure 9c). Exposure
of material to service temperatures (50-80°C) for extended periods of time (months/years)
may have increased the materials propensity for BIF.
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Figure 9 Photos of a crashed helicopter a), b) showing damaged Al-Li parts, and c) SEM of brittle
intergranular parts (images provided by S. P. Lynch, 2010).
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2 Microstructures of Ingot-Metallurgy Aluminium Alloys
2.1 Heat Treatment of Age-Hardening Alloys
In age-hardening alloys, the critical requirement for precipitation is a decreasing solid
solubility with decreasing temperature, and aluminum lithium alloys meet this requirement.
A typical heat treatment, based on the Al-Li binary phase diagram typical of age-hardened
alloys is conducted in three steps (Figure 10):

Figure 10 The three steps of a typical heat treatment of age-hardening alloys. (1) heating to the solution
treatment temperature (STT), (2) rapidly quenching to room temperature (RT) and (3) heating up to an
artificial ageing temperature (AAT).

i)

Heating the alloy in the single (α) phase field (to produce a homogeneous solid solution
at high temperatures) (Figure 11) but sufficiently below the solidus line to avoid
incipient melting at the grain boundaries (545ºC for Al-Li-Cu-Mg 8090). Note that, to
ensure uniform heating, longer ageing times are required for large samples.

ii)

Rapidly cooling to suppress the separation of the second phase, so that the alloy is
supersaturated with vacancies. The rate that this phase is suppressed is dependent on
the cooling medium and on the elemental composition. For example, if other elements
are introduced, these can act as sites for nucleation and hence can increase the extent of
precipitation.

In the case of the Al-Li binary, the δ' solvus indicates at which

compositions δ´ will be present, For example, below an alloy composition of ~ 1.5
wt. % (5.5 atomic %) lithium, δ' does not form, since, as shown from (Figure 11), it lies
outside the δ' solvus. Hence, quenching an alloy containing ~1.5 wt. % of lithium or
less would not precipitate δ' since there would not be sufficient amounts of lithium for δ'
nucleation. Introducing other elements into the alloy limits lithium in solid solution,
reducing the extent of precipitation.
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Figure 11 The equilibrium aluminium-lithium phase diagram showing single α phase and metastable
δ´ (Al3Li) solvus [19].

iii)

Ageing at temperatures below the solvus line to facilitate growth of precipitates. The
precipitate growth is controlled by the rate of atomic migration, so that precipitate size
increases with increasing ageing temperature. The size of the precipitate is finer as the
temperature at which precipitation occurs is lowered. If ageing continues for a long
period of time at any temperature, coarsening of the particles occurs (i.e. the small ones
re-dissolve and the large ones continue to grow at the expense of smaller ones). For the
Al-Li alloy, the ageing temperature is composition dependent, with compositions
between 1.5 and 2 wt.% requiring ageing at temperatures up to 200C, since higher
temperatures would not be within the δ' metastable solvus. Similarly, at compositions
of ~3wt% lithium, ageing up to 250C should be possible, since again the composition
would lie within the δ' metastable solvus. By altering the times and temperatures of the
ageing treatment and also incorporating different ageing sequences, the distribution and
size of precipitation can be controlled, and optimum increases in strength and hardness
can be obtained. Typical ageing curves of an age-hardening alloy are depicted in Figure
12. At lower temperatures (130°C), longer times are required to reach peak hardness,
but the peak hardness is larger than that achieved at higher temperatures.

Lower

temperatures provide more extensive precipitation and higher hardness values probably
because initial precipitates provide ample nucleation sites for subsequent precipitates.
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Figure 12 Age-hardening curves of Al-Cu alloys at 130°C and 190°C, showing higher final peak hardness
at 130°C than at 190°C, but it takes a longer time to reach peak hardness at 130°C than at 190°C. More
extensive precipitation is observed at the lower temperature since GP1 zones are also present, which are
absent at the higher temperature. Adapted from[20].

2.2 Grain Structure, Texture, Dispersoids and Constituent Particles
Three types of grain structures are present in ingot metallurgy aluminium alloys, i) unrecrystallised, ii) partially-recrystallised and iii) recrystallised (Figure 13). The types present
depend on the amount of grain refiners, processing and heat treatment. Un-recrystallised
microstructures exhibit a large amount of elongated grains, whereas smaller amounts of
elongated grains are observed in partially recrystallised microstructures. The reason for the
reduction of elongated grains in the latter is due to a reduction of stringers of dispersoids (Cr,
Mn, or Zr) or longer solution treatment times. These dispersoids pin grain boundaries, inhibit
recrystallisation, and promote a strong deformation texture (depicted in Figure 14 by pole
figures) which develops during rolling and extrusion.
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Figure 13 Grain structures present in ingot metallurgy alloys, a) unrecrystallised, b) partially
recrystallised and c) recrystallised, showing dispersoids, constituent particles and subgrains. (images
courtesy of Daokui Xu., 2011).
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Figure 14 Pole figures of rolled Al-Li 2090 plate, showing preferred orientation texture of grains. Note
RD – rolling direction and TD – transverse direction, and 001, 101 and 111 are the major poles of the
alloy [21].

Typical dispersoid additions in Al alloys are Cr, Mn, and Zr, and they range in size from
0.02m (Zr dispersoids) to 0.5m (Cr and Mn containing dispersoids). They have excellent
resistance to coarsening at high temperatures and their size and distribution can be refined by
thermomechanical processing. Constituent particles, unlike dispersoids are not deliberately
added for grain refinement but form during ingot solidification, from impurities such as Fe
and Si. These constituent particles align themselves along grain boundaries in the rolling
direction (Figure 15). Some are angular in shape, others appear as elongated plates and their
size ranges from 0.5 µm to 30µm [22]. Recent versions of 2XXX and 8XXX alloys have
reduced Fe and Si levels from ~0.4 wt. % to ~0.1wt%.

Figure 15 Optical microscopy of electropolished 8090 T8771 (solution treated, stretched 7%, aged 32h at
170°C) showing constituent particles present at grain boundaries.
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2.3 Precipitates Produced During Ageing
2.3.1 Precipitates in Aluminium alloys
The precipitation sequence in any given age-hardening ingot metallurgy alloy is mainly
dependant on the composition of a given system. Precipitates of various age-hardenable
aluminium alloys are listed in Table 1, including the precipitate composition, shape and
coherency. In general, the precipitates in any given system are initially coherent in very
underaged conditions, partially coherent at peak, and then become incoherent upon
overageing. Also, the number density of the precipitates increases and is usually the highest
at peak hardness.

Introducing a greater number of defect sites via plastic deformation,

increases the amount of heterogeneous nucleation sites, and results in a finer distribution of
precipitates after ageing, which can increase the peak hardness of a given alloy system.
Table 1 Precipitates in aluminium alloys [19, 23-31]

Alloy

2000 series
(Al-Cu-Mg)

6000 series
(Al-Mg-Si)

7000 series
(Al-Zn-Mg-Cu)

Precipitates

Shape

Crystallography

GPB zones

rods

Coherent or {100} 

 (Al2Cu)

semi-coherent plates

{100} 

S (Al2CuMg)

coherent laths

(001)s // (021), [100]s // [100] 

GP zones

needle

 (Mg5Si)

needle

 (Mg1.8Si)

needle

B

lath

GP zones

spherical or disks

 and  (MgZn2)

plates and rods

Long dimension
coherent with
<100> for all phases

coherent {111} 
(10.0) 

(110) ;

(00.1) 

(111) 

GP zones

Plate shaped

Not specified

δ' (Al3Li)

spherical

coherent cube-cube

T1 (Al2CuLi)

plates

<100> habit plane

S' (Al2CuMg)

lath

{210} along <100>

8000 series
(Al-Li-Cu-Mg)

Page 24 of 249

In 8090 Al-Li-Cu-Mg alloys, four precipitation sequences can be given depending on
composition [32]:

 ss
 ss
 ss
 ss

  ( Al3 Li)   ( AlLi )
  ( Al3 Li)  Al2 MgLi
 T1 ( Al2CuLi)

 GPB zones  S   S  Al2CuMg 

GP zones are normally not detected in Al-Li-Cu-Mg but there is some evidence of their
existence i) from differential scanning calorimetry experiments at temperatures just above
room temperature [27] and ii) from atom probe studies of solution treated and stretched
material in which plate shaped GP zones (rich in Mg and Cu) only a few atomic layers thick
are present (Figure 16) [28, 29].

Figure 16 Atom probe 3-D elemental map of Cu (grey) and Mg (black) in Al-6Li-1Cu -1Mg -0.2Mn alloy
aged at 150°C for 6h showing a plate-shaped metastable precipitate (similar to GPB2 zones). Quantitative
measurements were made across the line. [29]

δ' is usually the first precipitate observed, and is so fine and small after solution treatment that
it is not visible in bright field TEM imaging, but can be highlighted by dark field imaging
using the centered dark-field technique (Figure 17). The speed with which the δ' form from
the as-quenched condition is considered very rapid, and δ' formation cannot be suppressed
when lithium concentrations are above ~5.5 atomic % [33-36].
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Figure 17 Centered dark field image of as-quenched Al-7.8at %Li alloy, with inset superlattice reflection,
confirming δ´ [34].

The decomposition process, from a supersaturated solid solution to δ' precipitates, is not well
understood. Initially, it was believed that δ' formed via the classical nucleation and growth
mechanism [37], but observations of a non-stoichiometric δ' phase, and an ordering reaction
or precursor proceeding δ' have led to a spinodal decomposition model [38-40]. Spinodal
decomposition is a mechanism by which a solid solution can separate into two distinct phases
with different chemical compositions and differs from classical nucleation since it occurs
uniformly throughout the material and not at discrete nucleation sites. Recently, it has been
determined that the coarsening rate of δ' is quicker in the initial stages of ageing and slower in
the latter stages of ageing (Figure 18) [41].

This suggests that the proposed spinodal

decomposition does occur at the start of ageing, but after a certain period of time (~ 10 h at
160° for Al-Li 1420) the classical power law t1/3 for coarsening is followed, suggesting that
growth then occurs via the spinodal decomposition mechanism.

Figure 18 The average particle size, R vs. time (hours) at 160°C [41]
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The δ' precipitates are spherical (Figure 19), have an ordered L12 structure (Figure 20), are
fully coherent and have a cube-cube orientation with the aluminium matrix.

Additionally,

lattice mismatch between δ' and the aluminium matrix is very small (ranging from 0.08 to
0.3% [42]), resulting in small misfit strains and low interfacial energy.

Figure 19 a) Three dimensional image of lithium in Al-6Li-1Cu-1Mg-1Mn heat treated 150°C for 12h
showing numerous δ´ precipitates. Quantitative measurements were taken across the line. [28]

Figure 20 L12 Superlattice Unit Cell Structure

In addition to δ' spherical precipitates, lath-shaped precipitates such as S and S΄ phases
(Al2CuMg) have been found to be present in Al-Li-Cu-Mg systems when the Cu/Mg ratio is <
3:1 [29, 43], and nucleate mostly on dislocations and sub-grain boundaries (Figure 21). This
ability to nucleate on defects has been used to its advantage in Al-Cu-Mg systems, whereby
introducing a greater number of defect sites (via plastic deformation) lead to a finer
distribution of S precipitated heterogeneously and resulted in increases in strength [23].
Page 27 of 249

Figure 21 3D image of Cu (grey) and Mg (black) atoms in Al-6Li-1CXu-1Mg-0.2Mn alloy heat treated
150°C for 12h showing a lath shaped S precipitate [28].

Plate- shaped precipitates such as the T1 (Al2CuLi) phase, form in Al-Cu-Li alloys and like
the S phase nucleate on defect sites.

Again, increases in strength can be obtained by

introducing plastic deformation and hence increasing the amount of nucleation sites. T phase
is of special interest because it forms with very high aspect ratios and can lead to strength
increases above that normally obtainable via precipitation hardening [5]. An alloy in which
these types of precipitates have been optimized is Al-Cu-Li-Mg-Ag alloy 2095 (Figure 22).
The increase in strength from a fine distribution of these precipitates is due to their shape
which is of high aspect ratio, making it difficult for dislocations to shear or bypass.

Figure 22 TEM dark-field micrograph showing small T1 precipitates and subgrain boundaries in Al-CuLi-Mg alloy 2095 aged 163°C for 20h [44].
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2.3.2 Grain Boundary Precipitates and Precipitate - Free Zones
Precipitate free zones (PFZ), as the name suggests, are precipitate depleted regions along both
sides of a grain boundary. In precipitation hardenable alloys, PFZ’s can be caused by solute
depletion or vacancy depletion. Solute depleted PFZ’s are formed due to heterogeneous
precipitation of grain boundary precipitates. The precipitates form on the grain boundary
depleting the surrounding matrix of solute, thereby forming a solute lean region around the
precipitate (Figure 23). The volume of solute surrounding the PFZ is less than the critical
minimum solute concentration required for the nucleation of precipitates. The PFZ width is
dependent on composition, ageing temperature, quenching rate and ageing time. For example,
increasing ageing temperature and time allows for growth of GBP, since there is more solute
available in the matrix for depletion. Additionally, the quench rate of the alloy determines the
formation of GBP. For example, if the quench rate is fast (for example, quenched into water),
then there is no time for nucleation, but if the quench is slow (quenched into oil) then
precipitates can form. The solute depletion mechanism is believed to be the main cause of
PFZ formation in Al-Li alloys, since the δ΄ PFZ increases linearly with the square root of
ageing time, concurrent with the growth of δ particles on high angle boundaries [45]. A
typical image of a PFZ in peak aged 8090 is depicted in Figure 24.

Figure 23 Solute distribution at a grain boundary showing PFZ formation via solute depletion [46]
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Figure 24 Vickers hardness (5kg load) vs. ageing time at 170ºC for 8090 plate, and inset showing PFZ and
coarse GBP after ageing 32h at 170°C.

For PFZ formation involving vacancy-depletion, a critical quenched-in vacancy concentration
is required for nucleation of matrix precipitates (Figure 25). Even though solute levels may
be high, a critical quenched-in vacancy concentration must be present to aid diffusion and
clustering of solute to form the precipitate. A vacancy-concentration gradient is produced
during quenching from solution treatment, since grain boundaries act as sinks for vacancies.

Figure 25 PFZ formation via vacancy depletion [46]
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A great number of equilibrium precipitates heterogeneously precipitate along grain
boundaries in Al-Li alloys, including: θ (Al2Cu), δ (AlLi), S’ (Al2CuMg), T1 (Al2CuLi), T2
(Al6Cu (LiMg)3) or I (Al6CuLi3). These precipitates nucleate and grow more easily along
grain boundaries than in the matrix since grain boundary diffusion is faster than matrix
diffusion. In a specific alloy system precipitate densities at grain boundaries will vary as will
the precipitates propensity of forming on low or high angle boundaries. For example peak
aged 8090 alloy has a lower density of grain boundary precipitates (T2) compared with peak
aged 2090 (Al-Mg-Li-Cu) aluminium alloys that contain T2, coarse T1 and θ phases at the
grain boundary [47]. Also, precipitates within a given system can form on low (<10°) or high
angle (>10°) boundaries.

In the Al-Li-Cu system, δ, S’, I and T2 form on high angle

boundaries[48] , but θ and T1 have been observed to nucleate at low angle boundaries [4, 49].

2.4 Grain Boundary Solute Segregation
Grain boundary segregation has been detected by Auger Electron Spectroscopy (AES),
Energy Dispersive X-ray Spectroscopy (EDXS) and Atom Probe. The AES technique has a
disadvantage over the other techniques in that AES requires at least three electrons for
detection and lithium just fulfills this requirement. Hence lithium is not detected by this
technique, but other elements such as magnesium and zinc have been successfully detected
using AES in Al-Mg and Al-Mg-Zn alloys [50, 51]. For the Al-Zn-Mg alloy, increases in
magnesium and zinc were detected at the grain boundary. In order to determine whether these
were due to precipitation or due to segregation, the boundary auger peak-to-peak amplitudes
were converted to atomic percentages, and the ratio of magnesium to zinc was estimated at
the grain boundaries [51]. Since the stoichiometric composition of precipitates were known
(MgZn2), it was compared with the experimentally derived ratio. The experimental ratio was
found to be above 1:2, and hence it was concluded that the boundary contains excess
magnesium.

In the case of Al-Mg, segregation of Mg in a binary Al-7wt%Mg alloy was investigated after
quenching from two solution treatment temperatures, 350 or 540°C [50]. At the lower
solution treatment temperature, (350°C) segregation was not detected, probably because the
vacancy concentration and flow was small compared with the higher temperature. At the
higher solution treatment temperature (540°C), magnesium segregation was observed at the
grain boundary (Figure 26). A small decrease in regions ~150nm on either side of the
boundary thought to be associated with vacancy migration towards the grain boundary during
the quench is also present.
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Figure 26 Energy loss plot (obtained by AES) of a high angle grain boundary in Al-7wt%Mg, quenched
from 540°C showing magnesium segregation at the boundary [50].

As mentioned previously, TEM studies have also been carried out in order to detect elements
at grain boundaries, in 7000 series aluminum alloys (Figure 27). Overageing or retrogression
and re-ageing (reheating peak aged alloy for 5mins-8h at 160° - 220°C, and then re-ageing to
peak) led to a twofold increase in the level of magnesium solute but decreased zinc and
copper concentrations. Despite differences in beam diameter for these two studies (one ~
5nm and the other ~20nm), the trends observed were similar.

Figure 27 Plot of the grain boundary concentration of elements Zn, Mg, and Cu (as determined via
Scanning Transmission Electron Microscopy) in alloys 7150 and 7075 vs. peak-aged (T6), overaged (T7X)
and RRA conditions, showing increases in Mg [52]

Atom probe tomography has also been used to observe grain boundary segregation in HPT
1570, 7075 and ECAP 7136 alloys [53] [54]. For the 1570 (Al-5.7Mg-0.32Sc-0.4Mn) alloy,
HPT was also conducted at room temperature after an initial solution treatment, and an
increase in magnesium solute was found on the grain boundary of ~20at% compared with the
matrix, which spanned ~6nm, Figure 28. The increase in Mg solute at the grain boundary was
not attributed to the Al3Mg2 grain boundary phase since this phase contains ~ 40at. % Mg.
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Figure 28 a) 3-D elemental map of Mg and Al at a grain boundary in AA 1570 and b) concentration
profile across the segregation (sampling thickness 1nm). [28] [53]

For the HPT 7075 alloy with a grain size of 26nm (whose processing details are not
mentioned in the paper), segregation at grain boundary triple points and along grain
boundaries has been imaged by the Imago Local Electrode Atom Probe (LEAP) 3000XSi.
Solute segregation occurred at low angle boundaries less than or equal to 12° and Mg and Zn
concentrations at grain boundaries were ~13at% higher than the concentration in the matrix
(Figure 29).

Figure 29 Atom probe tomography of alloy 7075 a) 3-D representation of solute segregations of Zn and
Mg at grain boundaries and b) grain boundary misorientation distributions of grain depicted in a). [54]
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ECAP of the Al-Zn-Mg-Cu (7136) alloy was conducted at 473K (~200°C) and segregations
of magnesium and copper were observed at grain boundaries (Figure 30) [55]. The peak
concentrations of magnesium at the three grain boundaries (labeled GB1, GB2 and GB3 in
Figure 30) are about the same ~ 1.8 ± 0.12 at. %, about 10 times higher than the matrix
magnesium concentration. The peak concentrations of copper vary at the three boundaries,
with GB1 exhibiting the most segregation 1.2 ± 0.11 at.%, approximately 20 times the matrix
concentration, GB2 ~ 0.8±0.11at.% approximately 13 times the concentration at the matrix,
and GB 3 ~1.0at% about 17 times that of the matrix.

Zn was depleted in all three grain

boundaries with a minimum value of ~0.45 ±0.08 at. %, which is close to half the
concentration in the matrix. Grain boundary precipitates rich in Mg, Cu and Zn were also
present (Figure 30).

Figure 30 3-D atom probe elemental maps of ECAP 7136 a) Mg, b) Cu and C) Zn, showing segregation of
Mg and Cu at three grain boundaries (labelled GB1, GB2, GB3) but absence of Zn, and grain boundary
precipitates rich in Mg, Cu and Zn [55].

Lithium solute segregation in Al-Li at grain boundaries has been detected by Parallel Electron
Energy Loss Spectroscopy (PEELS), as detailed in section 5.4.3 [14] . In the underaged
condition, across the grain boundary, there was an increase in lithium solute compared with
the solution treated condition, however in the peak aged condition the increase in solute at the
grain boundary was not obvious (Figure 56, Figure 57). In the literature, atom probe studies
across grain boundaries in Al-Li alloys have not been reported, and hence the increases cannot
be confirmed.
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3 Strengthening of Ingot-Metallurgy Aluminium Alloys & Grain
Refined Materials
3.1 Strengthening of Aluminium alloys
Strengthening arises from i) solid solution, ii) dislocations, iii) grain boundaries, and iv)
precipitates. The contributions of each strengthening mechanism depend on many factors,
including the composition, the material production method (i.e. ingot metallurgy vs. powder
metallurgy), the heat treatment given after production (controls the precipitate size and
distribution), and the deformation introduced (i.e. cold rolling or SPD, which determines
dislocation strengthening and/or grain size strengthening). For age-hardening alloys, the main
contribution to strengthening is due to precipitation, and grain size strengthening (from SPD)
which will be detailed in this section.

3.1.1 Precipitation Strengthening
Precipitation strengthening in a given system depends on the magnitude of the interactions
between dislocations and the precipitates. Hence any factor that alters the nature of these
interactions, such as precipitate size and distribution or precipitate shearing/bypassing has an
effect on the strengthening of the system. In general, when precipitates are small and closely
spaced and coherent with the matrix, dislocations shear precipitates, but when precipitates are
widely spaced and incoherent, dislocations loop around particles.

The strengthening

mechanisms that are involved in precipitate shearing include: coherency strengthening, order
strengthening,

modulus

strengthening,

chemical

strengthening,

and

stacking

fault

strengthening [20]. Precipitate bypassing or looping involves local strain hardening and, in
aluminium - alloy systems, contributions of strengthening from both precipitate shearing and
looping are important, since peak hardness usually results from a combination of both
mechanisms.

3.1.2 Precipitate Shearing
Examples of alloy systems where precipitates are coherent, closely spaced, and shearable are
shown in Figure 31.
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Figure 31 TEM images showing shearing of precipitates by dislocations in a) deformed Al-Li single
crystals [56] and b) Fe-Ni-Al alloy [57]

The resistance to deformation involves: coherency strengthening, chemical strengthening,
modulus strengthening and order strengthening, as listed below:
1

Coherency strengthening is due to the interaction between the strain fields of i) the
dislocations and ii) those arising from the difference in lattice parameters of the Al
matrix and the (coherent and semi-coherent) precipitates. In alloys that contain large
strain fields around zones (such as Al-Cu), coherency strengthening is thought to be a
large contributor to strengthening, unlike Al-Ag and Al-Zn whose zones possess no
strain fields [20]. Although elastic strain fields were probably one of the first
strengthening mechanisms recognised, they still remain one of the most poorly
characterised. Usually, there is a discrepancy between theoretical predictions and
experimental results because relevant details such as the misfit strain itself, particle
volume fraction and dispersions, the antiphase boundary energy, and the elastic moduli
required to estimate the strains are unknown.

2

Chemical Strengthening arises when a new precipitate/matrix interface area is created
due to precipitate shearing. The contribution from strengthening by this mechanism is
significant for microstructures that contain a high number density of fine precipitates
with very large interfacial areas.

3

Modulus Hardening is a result of a difference in elastic moduli between the particles
and the matrix. The contribution from modulus hardening is obviously higher if there
is a greater difference in elastic modulus and can be further increased by a high number
density of particles.
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4

Order strengthening occurs via the formation of an antiphase boundary during shearing.
As the dislocation shears a precipitate, it creates an antiphase boundary, which increases
the energy of the system. In order to minimise this created energy and restore the
boundary, another trailing dislocation must move. In other words, dislocations move in
pairs, one destroys the order and the trailing dislocation restores the order.

There have been many studies in the literature about the contributions of each mechanism to
strengthening of Al-Li alloys. In general, it is agreed that coherency strains around particles
are small and the interfacial energy between particle and matrix is small, and hence the
contributions from coherency strengthening and chemical strengthening are not significant.
There is consensus that order strengthening is a major contributor to strengthening in peak
aged Al-Li alloys due to creation of anti-phase boundaries [19, 56, 58, 59] but the
contribution of modulus hardening to strengthening is still not well understood. While some
have attributed strengthening to both modulus and order strengthening in Al-Li alloys [60, 61],
others have shown that the strength contribution depends upon ageing treatment, such that in
the underaged condition, modulus chemical and coherency strengthening are more important
than in peak aged conditions where order strengthening predominates [62].

3.1.3 Orowan Looping
A transition from precipitates being sheared by dislocations to precipitates being looped by
dislocations occurs with ageing time as precipitates become incoherent. When precipitates
are looped by dislocations, there is local strain hardening and an increase in strength, as
proposed by Egon Orowan [63]. The force required to induce looping is derived from the
force required to bow a dislocation around precipitates (Figure 32). Additionally, every
dislocation bypassing a precipitate creates a loop around the precipitate that increases the
effectiveness of the precipitate as an obstacle to other dislocations, increasing the stress
required to maintain dislocation mobility. For example, in Al-Li the critical diameter at which
Orowan looping occurs is ~9.4nm [64, 65].
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Figure 32 schematic diagram of precipitates being looped by dislocations [20]

The peak strength is thought to be achieved when precipitates become incoherent and cannot
be sheared by dislocations, and the transition to the looping mechanism begins. Although this
is generally accepted, there is some controversy in the literature about:

i)

Whether the transition from shearing to looping occurs at the peak-aged state of the
alloy. Kalogeridis et al., obtained results suggesting that the transition from shearing
to looping occurred after peak ageing, similar to that determined for Nickel- based
superalloys (which have ' precipitates analogous to δ' in an FCC matrix), but others
have suggested that the transition from shearing to looping occurs at the peak aged
state [56].

ii)

Whether the peak strength always coincides with the transition from shearing to
looping at a critical precipitate thickness. Nie and Muddle successfully modelled the
peak hardness behaviour and have shown that peak strength can be modelled by
modifying precipitate strengthening equations to include the form, orientation and
distribution and number of precipitates.

This obtained peak strength may not

necessarily coincide with a shearing to looping transition. In their analysis for Al-CuLi-Zr alloys, (mainly strengthened by T1 plates), they successfully modelled the
increase in strength by using only interfacial strengthening, indicating that it is not
necessary to invoke a transition from shearing to looping to account for the peak
strength [66].
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3.2 Strengthening in Grain Refined Materials
In recent years, there have been extensive efforts to increase the strength of materials in
general by refining grain sizes to the nanocrystalline (NC)(<100nm) and ultra-fine grained
(UFG)(100nm - 1µm) regimes, especially using SPD techniques such as ECAP, FSP, and
HPT [8, 67-79].
Strengthening via grain size reduction, can be explained via the Hall-Petch relationship
(Equation 1), which shows that the yield strength will increase as the grain size decreases,
since grain boundaries hinder dislocation motion.

Equation 1

 y   o  kd 1/ 2

y – Yield strength
o – Frictional stress on moving dislocations
k – Constant related to dislocation pile-ups
d – Average grain diameter

In polycrystalline pure metals, a dislocation which reaches the grain boundary cannot
continue to slip into another grain (because the orientation of the slip plane and direction
change from grain to grain). To propagate slip the dislocations pile-up at the grain boundary.
These pile-ups produce stress-concentrations and, together with the applied stress, trigger
yield in adjacent grains [20, 80]. This explanation suffers from the fact that such pile-ups are
scarcely or never observed in materials that obey the Hall-Petch relationship, such as
aluminium [81].

Plastic flow has recently been redefined due to new acoustic emission (AE) experiments
which show that when dislocation mobility is high, crystals deform in an intermittent manner
through jumps in the stress-strain curve, rather than in a smooth fluid-like motion. These
“jumps” or strain bursts occur as a result of dislocation avalanches [81]. Furthermore, in
polycrystals these experiments have shown that grain boundaries act as strong obstacles to
these avalanches, and simulations have further shown that, if the energy involved in the
avalanche is too high (and cannot be relaxed in the given grain), then excess energy will be
transmitted to other grains [81, 82]. Despite this new redefinition, the interactions between
dislocations and grain boundaries are still not well understood.
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Recently it has been shown that below a critical grain size, there is a break-down of the
Hall-Petch relationship, with a decrease in yield strength observed as the grain size is reduced
[81, 83-85]. This inverse Hall-Petch relationship usually occurs at grain sizes of about 10nm
and below, (Figure 33). The most extensive literature about nanocrystalline materials has
focussed on copper or nickel, and most papers detailing these materials support an inverse
Hall-Petch relationship with the critical grain size at about 10nm [85-89]. Explanations for the
inverse hall-petch relationship include a transition from the tradition dislocation transfer
between grains by dislocations to a grain boundary dominated deformation, whereby grain
boundaries control strengthening. Hence grain boundaries can rotate, slide, move or migrate,
which would lead to a decrease in strengthening since grain boundaries no longer hinder
dislocation motion.

There are also at least two studies that suggest and show a change in the slope of the HallPetch relationship occurring at a critical size (before the Hall-Petch break down), with some
observing this to be at ~100nm, and others at ~150nm [77, 85](Figure 33). The reason for the
change in slope before the hall-petch break down is not well understood, with one paper
suggesting that the reason for the change was due to an “increased participation of mobile
extrinsic dislocations in grain boundary regions in nanocrystalline materials”[77].

Figure 33 Plots of the Hall-Petch relationship a) schematic generic diagram for metal and alloys [85], and
b) for Al- 3wt. % Mg produced by torsion straining [77], showing change of slope before breakdown at
100nm for a) and ~ 150nm for b).
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4 Deformation Mechanisms in Aluminium Alloys and Other
Materials
The slip mode of different coarse grained aluminium alloys will be reviewed in this section.
Slip occurs by the movement of dislocations in a grain and can be planar, or wavy, closely or
widely spaced, and associated with large height offsets or small height offsets.

Slip

characteristics may be important because they may affect strain concentrations on grain
boundaries, which may be important for fracture. Hence, this section will describe slip and the
factors that can alter it.

4.1 Slip Definitions
Optical or SEM observations indicate that planar slip is characterised by fine straight lines
that are confined to grains (Figure 34 Figure 35). Using TEM, straight slip lines appear as
discrete narrow bands of high dislocation density, which arrange themselves in large groups
forming extended pile-ups (Figure 36, Figure 37). Planar slip lines can be fine or coarse and
they can have high or low height offsets associated with them (Figure 35). In general, slip
lines that are widely spaced (coarse) and have large height offsets are considered
inhomogeneous, but closely spaced (fine) slip lines with small height offsets are considered
homogeneous.

Wavy slip is characterized by (wavy) irregular slip lines on deformed surfaces (Figure 34,
Figure 38). TEM shows that these wavy slip lines are not confined to discrete dislocation
bands, but dislocations are more homogeneously distributed within grains and dislocations are
arranged in bundles (Figure 37b). Like planar slip, wavy slip can be either fine or coarse and
depicted by wide or closely spaced waves and can have different height offsets (Figure 34).

Coarse planar slip (with widely spaced narrow slip bands) occurs especially in underaged Al
alloys, where precipitates are coherent and readily sheared by dislocations. Fine,
homogeneous planar slip tends to occur in overaged alloys when precipitates are incoherent
and are by-passed by dislocations.
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Figure 34 Schematic diagram showing extremes of slip behaviour a) coarse planar slip organized in bands,
with large slip-step heights (h) and slip spacing (s), b) fine wavy slip and c) coarse wavy slip.

Figure 35 Optical Micrograph and height measurements of planar slip lines of a Fe 36%Ni 12%Al crystal
surface (deformed 2%) a) solid solution with fine slip lines (small heights and spacing’s) and b) aged
material (13nm shearable ΄particles present) with coarse slip lines (large heights and spacings) [90]. Note
scales of micrographs are the same.
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Figure 36 TEM of planar slip in Al-6%Zn -3%Mg alloy deformed 2% a) underaged and b) peak aged
conditions [91]

Figure 37 TEM of dislocations in Al 6Zn 3Mg a) aged 72h at 130°C strained ½%, showing planar slip
(narrow discrete bands of dislocations) and b) aged 72h at 150°C, strained 4%, showing homogenous slip
(relatively uniform dislocation density)[92].

Figure 38 Coarse wavy slip bands in an aluminium single crystal, strained firstly at -183°C and then at
22°C[57].
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Quantification of heights and spacings of planar slip lines has been carried out by oblique
shadowing of replicas and optical microscopy in the past [90]. More recent techniques include
the use of AFM to carry out measurements [93]. Generally, quantification of slip lines in the
literature (especially wavy slip lines) has been seldom attempted [94]. Slip morphology
(planar vs. wavy) is reported but slip band heights, widths, spacings and waviness are not.
Slip for a specific alloy in this project will be defined as coarse planar, fine planar, coarse
wavy and fine wavy, or a mixture of wavy/planar/coarse/fine.

4.2 Variables Affecting Slip
Fine or coarse slip is thought to be promoted by different factors that are nicely summarised
in a table by Hornbogen and Gahr (Table 2).
Table 2 Factors that affect slip characteristics. Reproduction of table by Hornbogen and Gahr [90]

Fine Slip

Coarse Slip

(homogeneous)

(inhomogeneous)

high stacking-fault energy

low stacking fault energy

bypassed particles

sheared particles

dislocation climb

short range order

dislocation forest

radiation damage and holes

many operating slip systems

limited operating slip systems

small grain size

large grain size

In single-phase alloys, the ability to form stacking faults (i.e. the stacking fault energy)
usually gives an indication of the materials propensity for planar or wavy slip. If the stacking
fault energy is low, perfect lattice dislocations can dissociate into pairs of partial dislocations,
limiting the probability of cross-slip, and hence promoting planar slip. If the stacking fault
energy is high, dislocation dissociation is constrained and hence cross-slip and more wavy
slip is promoted. Recently, it has been found that there is little correlation between slip and
stacking fault energy for precipitation hardened materials which show an ordered atomic
structure (such as Al-Li alloys which contain ordered, shearable δ´ )[95]. In these materials,
instead of a low stacking fault energy, the prerequisite for planar slip is short range order.
Ordered precipitates promote slip planarity, by their deformation mechanism, which involves
the emission of dislocation pairs on a slip plane, as detailed in section 3.1.1. Since dislocation
pairs are confined to one slip plane, cross slip is difficult, and more marked planar slip is
expected.
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In precipitation-hardened aluminium alloys, the types of precipitates/particles present in the
microstructure seem to govern the type of slip (fine/coarse homogeneous or fine/coarse and
planar). Sheared, coherent precipitates promote coarse planar slip, since shearing leads to a
reduced cross-section of obstacles, but incoherent (non-shearable) particles promote fine
homogeneous slip since dislocations bow around particles and dislocation loops are formed
and movement of subsequent dislocations is restricted. Generally precipitates are coherent in
underaged and peak-aged conditions and partially coherent in over-aged conditions, but this is
not always the case. For example, δ´ is coherent even in overaged conditions. Slip is planar
in underaged and peak aged conditions although it is coarser in the peak aged condition since
the volume fraction of shearable precipitates is higher. There are many examples in the
literature where additions of non-shearable, incoherent dispersoids have homogenized slip
including: Al-Mg-Si (with Mn or Cr containing dispersoids) [96, 97] and AlSc (with
scandium dispersoids) [98]. For the Al-Mg-Si alloy, increasing Mn contents from 0.001wt%
to 0.5 wt. %, in 9% strained material homogenized slip (Figure 39). In materials that exhibit
planar or wavy slip, a small grain size is supposed to promote finer slip (as detailed in Table 2
by Hornbogen and Gahr), although how this occurs is not well explained in the literature.

Figure 39 TEM micrographs of Al-Mg-Si, strained 9%, showing slip homogenization with increasing
manganese content a) 0.001 Mn, b) 0.21 Mn and c) 0.5Mn, due to increasing number of dispersoids (not
evident for scales shown) [96]
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4.2.1 Solute Content
The effect of increasing the solute content on slip has not been thoroughly studied because it
is usually difficult to rule out other factors (such as changes in precipitation) that may also
affect slip behaviour. One paper has compared 7075 alloys (with different ratios of Mg to Zn),
with similar grain sizes and dispersoid size and populations. It was concluded that, since the
sizes of the semicoherent matrix precipitates in the alloys studied were the same, increasing
the volume fraction of these matrix precipitates promoted coarse planar slip, presumably since
the precipitates were shearable [99] . Hence the influence of solute content is directly related
to the types of precipitates formed in the system, where non-shearable precipitates promote
fine slip and shearable precipitates promote coarse slip.

Increasing solute content in Al-Li alloys is likely to enhance substitutional solid solution
strengthening (in solution treated, but not aged material) and lead to an increase in the slip
resistance encountered by dislocations and hence larger amounts of dislocations would
contribute to slip.

4.2.2 Texture
Strong textures that develop from rolling can influence slip behaviour differently. Weaker
textures at near-surface positions, suggest greater amounts of higher angle boundaries at these
locations which are effective barriers to slip [100]. An increase in the amount of boundaries
that are barriers to slip would imply slip lengths are smaller in the midthickness of plates than
at the surface. On the other hand, a strong texture may decrease the effectiveness of grain
boundaries as slip barriers due to alignment of slip systems in neighboring grains [101]. In
this case, slip lines cross many grains until a marked change in grain orientation is
encountered and hence, longer slip lengths are produced, promoting coarser slip.

Observations at mid-thickness positions in 8090 plate (where texture is stronger and more
low-angle boundaries are expected) have shown that slip is coarser at these locations than at
near-surface locations [102]. In this analysis, surface slip observations showed that surface
locations exhibited mainly fine slip (small spacing), but midthickness locations exhibited both
coarse (large slip spacing) and fine slip.

Additionally, slip step height distributions

corresponded with the surface slip observations i.e. larger slip heights were observed for
coarser slip and smaller slip heights were observed for finer slip.
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4.2.3 Temperature
Experiments of Al-Li 8090 have shown that there is a transition from relatively planar slip at
room temperature to a more homogeneous slip at -196ºC [103-106]. The suggestions for the
change to more homogeneous slip with temperature are:
 δ' precipitates become harder with decreasing temperature, hence dislocations
have difficulty shearing them and,
 a lower stacking fault energy at cryogenic temperature than at 20ºC makes
cross-slip more difficult which results in an increase in the strain hardening
exponent [104].

An increase in strain hardening rate, and a change to a more homogeneous slip mode with
decrease in temperature (-196°C and below) has even been observed in pure aluminium single
crystals [107]. The transition to a more homogenous slip mode was shown by the
observations on tensile samples after a certain amount of strain. The surfaces of tensile
samples at room temperature show clusters of cross-slipped regions but at -196ºC an absence
of clusters is observed and instead cross-slip that is homogeneous (and not confined to
clusters) across the sample is observed. Hence, cross slip is not more difficult at the lower
temperature, but is easier, as has been suggested by others [108].

For alloys with coherent precipitates such as Al-Li alloys, such precipitates would increase
the strain hardening exponent at -196ºC more than that of aluminium single crystals without
precipitates; and hence a transition to a more homogeneous slip mode with a decrease
temperature should be more pronounced – although this is not well understood.
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5 Fracture Mechanisms
Fracture mechanisms in aluminium alloys are derived from the observations of fracture
surfaces and other metallographic and crystallographic observations. Such characterisation,
together with the precipitate state, the constituent and dispersoid populations, and the slip
mode, are taken into account when proposing the fracture mechanism.

Much like the

deformation mechanisms, the fracture mechanisms in coarse-grained alloys have been
extensively studied, and yet there are many unanswered questions regarding the BIF
characteristics of Al-Li alloys. This section first summarises the basic fracture mechanisms of
metsals, of conventional aluminum alloys and of aluminium-lithium alloys, and finally details
the BIF of Al-Li alloys.

5.1 Basic Fracture Mechanisms
Fracture modes in metals depend on a large number of variables, including alloy composition,
heat-treatment / microstructure / strength, grain size and shape, crack-plane orientation (for
anisotropic microstructures), and environment.

Three atomistic processes produce crack

growth for inert environments at low homologous temperatures, decohesion, dislocation
emission or dislocation egress, Figure 40. Other fractures such as those produced in
aggressive environments (stress-corrosion cracking, hydrogen embrittlement etc.) are not
considered.

Figure 40 Schematic diagram showing a) decohesion, b) dislocation emission and c) dislocation egress. Δα
represents the element of crack growth. S represents a source that emits a dislocation.
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Decohesion is the tensile separation of atomic bonds and involves smaller strains and plastic
zones than dislocation emission or egress. The electronic interactions between atoms
responsible for weakening the interatomic bonds are not well understood. Fracture surfaces
are predominantly featureless, characteristic of cleavage or brittle intergranular fracture, (see
Figure 42). Dislocation emission occurs from the crack tip and dislocation egress occurs at
the crack tip from a source to produce an element of crack growth. On the micro-scale, these
processes result in extensive void nucleation and growth ahead of cracks Figure 41, (provided
there are sufficient void nucleation sites) and fracture surfaces are typically dimpled (Figure
42).

The size and shape of the dimples are controlled by the particle size and shape. Particles are
usually constituents or dispersoids which are not spheroidal and hence provide little resistance
to void nucleation. Additionally, whether the dimples are equiaxed or elongated depends on
the type of loading.

When samples are loaded i) uniaxialy, dimple shapes are usually

equiaxed ii) in shear, dimples are elongated and point in opposite directions on matching
fracture surfaces, and iii) in tensile, the dimples are also elongated but they point in the same
directions on matching fracture surfaces (Figure 43). Materials that exhibit BIF usually
exhibit lower fracture toughness values than materials that exhibit predominantly microvoid
coalescence, mainly because there is little plasticity associated with brittle fracture. For
materials, there is usually a trend of decreasing fracture toughness with increasing yield
strength because the plastic zone size is smaller, and hence less plastic work is required for
fracture.

Figure 41 Schematic diagram showing microvoid coalescence on the micro-scale. Voids (grey) are
nucleated at particles (black) ahead of cracks.
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Figure 42 SEM micrographs (prepared by two-stage replica technique) of basic fracture modes: a) BIF in
sintered tungsten (A-D are grain facets, H is an external shadow and E-G are sintering pores ), b) DTF in
maraging steel, and c) cleavage fracture in cleaved iron, showing cleavage steps (some labelled 1,2, 3),
river lines (one labelled 4), and a grain boundary and mechanical twin interface (arrowed) [109].
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Figure 43 Schematic of dimple morphologies a) loaded uniaxialy, b) in shear and c) in tensile [109].

5.2 Fracture in Conventional Aluminum Alloys
A schematic diagram (Figure 44) depicts the most common fast fracture modes in aluminium
alloys in inert (air) environments - dimpled transgranular, dimpled transgranular shear,
dimpled intergranular, cleavage, and brittle intergranular. Generally these 4 fracture modes
either involve void nucleation (at grain boundary precipitates or dispersoids) or decohesion (at
impurity particles or grain boundaries). Typical fracture surfaces of dimpled transgranular,
cleavage of particles and brittle intergranular fracture are shown in Figure 45.

Figure 44 Schematic diagram illustrating common fracture modes in precipitation-hardened Al alloys
[110].
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Figure 45 TEMs of fracture surfaces of a) direct carbon replica of 7075-T6 showing brittle intergranular
(BI), ductile transgranular (DT) and cleavage (c) areas, and b) Two-stage replica of 2024-T3 showing
brittle intergranular area with particle pull-out due to precipitation, [109]
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Dimpled transgranular fractures result from nucleation at dispersoids and constituent
particles and can be shear, equiaxed or tear depending on the loading conditions (Figure 43).
Shear dimples produced where crack growth is approximately 45° to the stress axis occur in
aluminium alloy sheet with strong texture and are especially problematic since they make
crack growth rate calculations difficult.
Dimpled intergranular fracture occurs by strain localization in soft PFZ’s, nucleation of
voids at GBP’s and then coalescence of voids. Peak aged conventional aluminium alloys are
especially prone to dimpled intergranular fracture mainly due to large area fractions of grain
boundary precipitates that act as void nucleation sites.

Once again, fracture surfaces can

contain various dimple morphologies as depicted in (Figure 43).

Cleavage of large constituent particles (such as Al7Cu2Fe and Mg2Si) can occur in
aluminium alloys when particles are large. For older versions of alloys such as 2024 and
7075 the Fe and Si impurity levels were ~ 0.4%, but modern aluminium alloys have reduced
impurity levels which have led to reductions in the amount of cleavage fracture. As detailed
previously, cleavage fracture involves decohesion (the separation of atomic bonds), and in
aluminium alloys it occurs at large, constituent particles.

Brittle intergranular fractures are also present in aluminium alloys and may involve
decohesion (the tensile separation of atoms) along grain-boundaries or microvoid coalescence
on an extremely fine scale (often not resolved by SEM).

In aged aluminium alloys,

precipitates are present within featureless brittle facets. Although these fractures have been
thoroughly studied, the reason for decohesion at grain boundaries is not well understood.

The plastic work required for these different fracture modes (Figure 44) ranges from very
small for cleavage of constituent particles and brittle intergranular fracture, to very large for
dimpled transgranular fractures and, hence, the fracture toughness is markedly dependent on
the relative proportions of these fracture modes. Many studies have been completed that
attempt to determine the effects of altering grain boundary parameters, such as the width of
the PFZ and the size and spacing of the grain boundary precipitates, on the toughness of
aluminium alloys. These parameters and are shown schematically in Figure 46.
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Figure 46 Schematic showing the parameters at the grain boundary that influence fracture, PFZ width
and grain boundary precipitate size and spacing (adapted from [111])

Mechanical property and fractographic data [112-114] indicates that the intergranular fracture
resistance increases with increasing PFZ width (when GBP are not too closely spaced) as do
recent combined microscopic, fractographic observations and tensile tests [115].
Additionally, intergranular fracture resistance decreases with increasing GBP size and areafraction (for similar PFZ widths), as would be expected based on the plastic work required for
nucleation, growth and coalescence of voids at grain boundaries. For example, when the
precipitate free zone width is large and the area fraction of grain boundary precipitates is
small, a large amount of plastic work is required before voids can grow and coalesce[112].
On the other hand, when there is a narrow precipitate free zone or a large area fraction of
grain boundary precipitates, only a small amount of plastic work is required for voids to
coalesce. These effects of microvoid coalescence on precipitate free zone width and grain
boundary precipitate area fraction are shown schematically in Figure 47.

Figure 47 Schematic illustrating the effect of PFZ width and grain boundary precipitate area-fraction on
the scale of microvoid coalescence (adapted from Pasang [116]) d) requires the largest amount of plastic
work (would produce the highest toughness)
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Apart from the grain boundary precipitates, which facilitate nucleation of voids, the amount of
constituent particles and dispersoids can also have a detrimental effect on fracture toughness.
Decreasing the amounts of constituent particles (which can be also located at grain boundaries)
results in a higher fracture toughness. A study of aluminium alloy 7050 sheet, showed that the
number of insoluble constituent particles can be minimized by limiting iron and silicon
contents, and fracture toughness can be improved, Figure 48 [117]. Minimising the amounts
of dispersoids at the grain boundaries (which act as points of void nucleation) has also led to
further improvements in toughness [118-120]. Small, coherent dispersoids such as Al3Zr do
not easily initiate voids, but large incoherent Mn and Cr based dispersoids (in older
conventional aluminium alloys) initiate voids easily.

Figure 48 Effect of Fe and Si additions on toughness of sheet alloy 7050 showing decreasing toughness
with increasing Fe and Si additions [117]

5.3 Fracture Modes in Al-Li Alloys
Modes of fracture in Al-Li alloys are typically, dimpled intergranular, brittle intergranular,
transgranular shear and, in alloys with high Na and K impurity levels, cleavage-like. For
higher-lithium Al-Li based alloys such as 8090 (Al 2.3Li, 1.2Cu 0.7Mg 0.1Zr (wt.%)), there
is a much greater propensity for brittle intergranular overload fracture for the short-transverse
orientation compared with other Al alloys. Transgranular shear fractures are only a problem in
Al-Li sheet (not plate) due to a more marked crystallographic texture.
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In peak aged Al-Li alloys, using TEM of replicas and high resolution SEM, small shallow
dimples have been found to be present on brittle intergranular facets [100]. Lynch et al.
proposed that a lithium segregation-induced weakening of bonds was responsible for the
localized shallow dimples observed on Al-Li brittle intergranular fracture surfaces.

He

suggested that weak bonding can facilitate not only decohesion but also nucleation of
dislocations from crack tips as both involve breaking of bonds. Dislocations emitted from
crack tips on slip planes can produce crack growth and opening and hence would promote the
growth and coalescence of voids (Figure 49a).

This mechanism would result in brittle

intergranular fracture surfaces with shallow dimples (sometimes not observed via SEM).

When weak bonding at crack tips is absent, dislocation emission is probably difficult [121] so
that void growth and coalescence occurs by egress of dislocations at near crack tip sources.
Here only a small amount of dislocations from near crack tip sources would exactly intersect
void tips to produce some crack growth, most dislocations would egress behind the crack tip,
producing blunting and deep dimples. This mechanism would result in intergranular fracture
surfaces with very deep dimples, hence named ductile intergranular fracture (Figure 49b).

Figure 49 a) BIF - weak bonding (due to lithium segregation) at grain boundaries producing shallow
dimples, and b) ductile intergranular fracture - strong bonding at grain boundaries, producing deep
dimples [100].
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5.4 Brittle Intergranular Fracture in Al-Li Alloys
The problem of brittle intergranular fracture in Al-Li alloys has been attributed to a number of
causes including:

i)

GBP and PFZ.

ii)

Coarse planar slip due to shearing of δ', leading to the formation of shear bands
impinging on grain boundaries,

iii)

lithium segregation at grain boundaries, and

iv)

The presence of alkali-metal impurity (AMI) phases at grain boundaries.

The following sections will discuss the above causes and will detail the evidence for each of
these.

5.4.1 GBPs and PFZs
Al-Li based alloys have reasonably wide precipitate free zones and quite widely spaced grain
boundary precipitates for S-L plate in near-peak-aged (T8771) conditions (Figure 50) similar
to other aluminium alloys. Well-defined dimples (based on GBP width and PFZ spacing) on
fracture surfaces would hence be expected. Despite this, intergranular fracture surfaces have
deep, well-defined dimples only in some areas, while other areas are featureless or exhibit
very shallow dimples (Figure 51). Since well-defined dimples were absent in many regions of
intergranular fracture surfaces, GBP and PFZ are not considered to be the main explanation
for brittle intergranular fracture.

Figure 50 Dark-field TEM of grain-boundary for 8090-T8771 plate, showing PFZ and grain boundary
precipitates. [100]
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Figure 51 Fracture surface of Al-Li 8090 plate aged 32h at 170°C cantilever bend tested at 20°C, a) SEM
image and b) TEM image of a replica, showing well-defined dimples (A), shallow dimples (B) and
featureless except for GBP in (C) [100].

5.4.2 Localised Planar Slip
The first paper to link planar slip with low ductility in Al alloys was by Ryum et al. in 1967
[92]. In this paper, Al-Mg-Zn alloys with increasing Mg and Zn concentrations were aged for
various times and tensile tested to determine mechanical properties. TEM was also conducted
to determine microstructures and dislocation morphologies. Dislocations were found to be
confined to bands that were associated with poor uniform elongation (low ductility). In the
paper it was stated “the very existence of narrow bands suggests a new explanation for the
brittleness of these alloys” and “where the bands intersect with the grain boundary high local
stresses are built up which may lead to the formation of cracks spreading along grain
boundaries…”.
In Al-3Li-0.3Mn (sheet), the first paper to link planar deformation, with brittle intergranular
fracture was by Sanders et al. in 1980 [122]. The dislocation structures were imaged with
TEM and fracture surfaces were observed with the SEM. The microstructure consisted of
ordered coherent δ´ precipitates, and their size increased with increasing ageing time at
200°C. PFZ’s were present in aged materials and grew in size during isothermal ageing. A
TEM micrograph of material aged (0.25h at 200°C) and deformed revealed large offsets at
intersections between slip bands and grain boundaries (Figure 52). SEM fracture surfaces of
the same material (aged 0.2h at 200°C) were brittle intergranular (Figure 53), while ageing for
longer times produced dimpled intergranular fractures. It was concluded that intergranular
fracture was promoted by the shearable δ´ precipitates, coarse grain boundary precipitates
and the PFZ’s.
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Figure 52 TEM micrograph of underaged (0.25h at 200°C) Al-Li-Mn sheet showing a grain boundary
offset produced after or during fracture. Note the intersection of the slip line with the grain boundary at
the offset [122].

Figure 53 SEM micrographs of fracture surfaces of tensile specimens of Al-Li-Mn sheet underaged (0.2h
at 200°C), at low and high magnifications, showing brittle intergranular fracture [122].

Another paper by Sanders and Starke in 1982 examined a range of Al-Li binary alloys with
increasing lithium contents (3.5, 5.8 and 8.8at.% lithium) and concluded that strain
localisation was associated with a large volume fraction of shearable precipitates [10]. TEM
was used to view microstructures and dislocations from deformed specimens and SEM was
used to view fracture morphology of deformed specimens.

TEM’s taken from highly

deformed regions showed that alloys that were low in lithium concentration (and either did
not contain δ΄ or only contained very fine δ΄(characteristic of a mottled TEM micrograph))
had dislocations arranged in bundles, but when the lithium concentration was increased and
shearable δ´ precipitates were present, well-defined slip bands were observed (Figure 54).
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The authors also observed that increasing ageing time resulted in more intense and widely
spaced slip bands, although no micrographs of the trend were published. Grain boundary
fracture was observed for the alloy that contained the most lithium (8.8 at. %) aged to produce
shearable δ΄, which also exhibited a decrease in macroscopic ductility, and hence it was
concluded that the decrease in ductility was explained by the increased tendency for planar
slip. It was also suggested that planar localised slip developed when dislocations sheared the
coherent δ΄ particles and that these produced stress concentrations at the boundary which led
to shearing of the boundary.

Figure 54 TEM micrographs of deformed Al-Li (from fractured tensile specimens), aged 0.25h at 200°C a)
Al-3.5at.% Li, b) Al- 5.8at.% Li, c) Al-8.9 at.% Li, showing dislocation bundles and aged 4h at 200°C d)
Al-8.9 at.% Li, showing deformation bands[10].

Since the time it was first proposed, it is still believed by many [93, 123-125] that localised
planar slip promotes strain localisation by increasing the amount of dislocation pile-ups at the
grain boundary, based on the observations above. A more recent paper by Blankenship et al.
explains the observation of a twofold increase in toughness by re-ageing 8090 for a few
minutes at 200°C by a dissolution of δ´ precipitates [126]. They used Guinier X-ray analysis
to obtain semi-quantitative measures of volume fractions of δ´ and S΄ phases and found that
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upon double-ageing (when toughness increased twofold) the δ΄ volume fraction declined, to
0.10 from 0.20 for single aged material [126]. They concluded that the increase in fracture
toughness of the double-aged material was due to a dissolution of δ΄ during ageing at the
higher temperature. Unfortunately the Guinier X-ray analysis could not be conducted for the
S΄ phase since it did not provide sufficient diffracting volume to make comparisons between
the microstructures examined. Despite a twofold increase in fracture toughness, upon
fracturing the single and double aged samples, the authors observed no difference in fracture
surface features (dimpled intergranular facets were observed for both single and double aged
material). One SEM figure of the fracture surface was taken and noted as being typical of all
tempers (i.e. both single and double aged material). The dislocation distribution after
deformation for single aged 8090 and double aged material was also examined (Figure 55). It
was shown that single aged material exhibited coarse slip bands unlike double-aged material,
and concluded that the increase in fracture toughness is due to a transition from coarse planar
slip to homogeneous deformation.

Figure 55 8090 T8771 after 4% plastic strain a) with coarse planar slip band impinging on sub-grain
boundary and b) after double ageing without slip band [126].

Pitcher et al. also examined the effects of double ageing on δ΄ in 8090. Small angle neutron
scattering (SANS) was used to estimate δ΄ volume fractions and TEM to measure particle
sizes in single (T8771) and double (200°C for 15 minutes) aged material [127]. It was shown
that after single ageing the δ΄ volume fraction was 0.13% and upon re-ageing the volume
fraction reduced to 0.10%.

Largest δ΄ sizes as measured by TEM did not change upon

double-ageing but smaller precipitates in the 15-19 nm range were reduced to 10-14nm after
double ageing.
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5.4.3 Lithium Segregation
Miller et al. was first to suggest that lithium solute segregation was the cause of brittle
intergranular fracture in solution treated Al-Li alloys by default since, there were no GBP’s or
PFZ’s present, there was no evidence of Na segregation on fracture surfaces and slip was not
more extensive than in conventional high solute aluminium alloys.

Subsequent Auger

Electron Spectroscopy revealed a lithium peak present in solution treated Al -2.6Li -1.14Cu 0.58Mg -0.10Fe -0.03Si alloy plate fractured in the ST direction under ultra-high vacuum
[128].

Another, study of an 8090 alloy using (PEELS) has shown that lithium segregation develops
during ageing, as does the occurrence of BIF [14] (Figure 56 and Figure 57). This study
examined 8090 lithium compositions at the grain boundary in underaged, peak aged and
solution treated conditions.

The increase of lithium concentration with ageing was

approximately only 1-2 atomic%. Note that these calculations based on EELS data which
were not easily determined since it was not possible to see the lithium energy loss electron
peak in the collected data, since lithium is a light element. Hence, plasmon shift peak
energies were used and related to a change in electron density, which was then assumed as
being due to lithium solute.

Figure 56 Lithium concentrations across a high angle grain boundary for 8090 solution treated quenched
and aged for a) 1 day and b) 14 days at 21ºC [14].
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Figure 57 Lithium concentrations across high angle grain boundaries for single aged (32h at 170ºC) T8771
material a) on a coarse scale and b) on a fine scale [14].

Indirect evidence for the lithium segregation hypothesis for embrittlement includes theoretical
calculations, ductile-to-brittle transitions, and re-ageing and texture observations. Theoretical
calculations based on work by Seah et al., have shown that lithium solute would be
embrittling if it segregated to the grain boundary (see section 14.1, Figure 182) [189]. This
was accomplished by determining the energy required to break bonds across the grain
boundary determined by counting dangling bonds per unit area and summing their energies
(which can be calculated from sublimation enthalpies). The loss in fracture energy is then
proportional to the difference of the energy of the matrix and segregant and the atom sizes.
From the plot according to Seah, anything below aluminium would be embrittling, but
elements furthest away would have a greater propensity to embrittle. In Al-Li-Cu-Mg alloys,
copper would not be embrittling if it was to segregate, since it lies above aluminium in the
Seah plot, but magnesium and lithium would segregate. Note that the lines depicted in the
Seah plot are those for Fe, any elements above these lines increase grain boundary cohesion,
but any elements below increase grain boundary embrittlement.

The activation energy for embrittlement of 8090 Al-Li alloys, 78-84 ±5 kJ/mol, was found to
be similar to the activation energy for δ΄ precipitation, 84KJ/mol, suggesting that
embrittlement is controlled by lithium diffusion to grain boundaries. Activation energies were
determined by Arrhenius plots of the (inverse) time to produce 50% intergranular fracture
versus the inverse of ageing temperature [16]. For 8090 plates of 67.5 and 45mm thickness at
low ageing temperatures (4-120°C), activation energies were 84±5 and 78kJ/mol respectively.
For higher ageing temperatures (20-150°C) a decrease in activation energy was observed for
T/2 specimens in both plates (58kJ/mol for 67.5mm plate and 42 KJ/mol for 45mm plate).
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In very underaged Al-Li alloys (aged 2-32h at 60°C), ductile-to-brittle transitions that occur
with ageing time at various temperatures (from 20°C to -196°C) have been observed (Figure
58) [16]. Since GBPs and PFZs have not developed when the alloy is underaged, and δ´
precipitates are small and do not change with temperature, lithium solute segregation has been
used to explain these transitions. They have been explained in terms of ‘two-dimensional’ (2D) grain-boundary phase transitions (i.e. changes in atomic structure) that are dependent on
the level of grain-boundary segregation, grain-boundary misorientation, and temperature
(Figure 59). There are several indications in other materials that such grain-boundary phase
transitions might occur, e.g. (i) analogous 2-D phase changes on surfaces with adsorbates, (ii)
transitions from planar to faceted boundaries and re-arrangements of intrinsic grain-boundary
dislocations with changes of temperature, and (iii) molecular-dynamics studies [100, 129] [16,
130].

Figure 58 Plot showing abrupt change from 100% DTF(Ductile Transgranular Fracture) to 100% BIF
(Brittle Intergranular Fracture) with decreasing temperature for a very underaged 8090 plate for
different ageing times[16]

Figure 59 Displacive changes in two types of polyhedral. Non-diffusional transformation of solute.

Sharp ductile to brittle transitions with decreasing temperature, observed for very underaged
8090 alloys (with no PFZ’s GBP’s or change in slip mode), have also been observed in other
alloys, such as Cu-Sb (Figure 60), where it is well established that grain-boundary segregation
is involved.

In these other systems, the ductile-to-brittle-transition temperature (DBTT)

increases with increasing impurity content (and grain boundary segregation levels).
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Figure 60 Plot showing decrease in fracture energy with decreasing temperature (corresponding to the
development of BIF) in Cu-Sb alloys with different Sb contents [131].

Observations of almost a twofold increase in toughness by re-ageing 8090 T8771 for a few
minutes at 200°C) were first observed by Lynch et al.[13]. Fracture surfaces of single aged
specimens exhibited two different types of facets, that each contributed to half of the complete
fracture surface. One type of facet was relatively smooth except for precipitates or
impressions of precipitates, but the other was covered with well-defined dimples. Transitions
from smooth to dimpled were sometimes observed within one grain facet. In contrast, fracture
surfaces of double-aged specimens were almost completely covered in well-defined dimples
(Figure 61a). Slip lines observed around hardness impressions within grains in single and
double-aged material showed no change in slip morphology (Figure 61b). TEM of single aged
(T8771) and double aged material (aged 5min at 200°C) was compared and it was shown that
microstructures were the same, and that it was only when times or temperatures were
longer/higher that any microstructural changes were observed. Since there was no change in
slip morphology and nor microstructure, the increase in toughness with short time ageing at
200°C was also explained by a reversion of 2 dimensional grain boundary phases associated
with lithium segregation [100].

The decreasing propensity for BIF and increase in fracture toughness for 8090-T8771 alloys
after very short re-ageing treatments at higher ageing temperatures is also analogous to the
behaviour of steels embrittled by phosphorus re-tempered for very short times at higher
temperatures [132] (Figure 62). These effects are not completely understood, but there is no
doubt that segregation is involved for steels and, hence, it is likely that segregation is also
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involved for Al-Li alloys. For Al-Li alloys and steels, it has been suggested that re-ageing/retempering for short times produces transient decreases in the level of grain-boundary
segregation or reversion of 2D grain boundary phases, with segregants initially diffusing to,
for example, grain-boundary precipitates at faster rates than they can be replenished by
diffusion from the matrix [132] [13, 14].

Figure 61 8090 a) fracture toughness plot and SEM micrographs showing brittle and ductile fracture
surfaces and b) slip lines around hardness indents, showing an increase in fracture toughness, without
change in slip [16].

Figure 62 a) S-L fracture toughness KQ versus re-ageing time for 8090 T8771 plate and b) impact energy
versus re-tempering time for a low alloy steel embrittled by phosphorus. [100]
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Studies of Al-Li alloys have shown that BIF occurs to lesser extents when crystallographic
textures are stronger (corresponding to a greater proportion of low-angle boundaries), e.g.
near the mid-thickness position of plates. The DBTT for very underaged 8090 alloys are also
lower when textures are stronger [16] (Figure 63a). Analogous effects have been observed for
tungsten bi-crystals embrittled by oxygen segregation, where the DBTT is lower for lower
angle grain boundaries [133] (Figure 63b). Such effects can be explained on the basis that
levels of segregation are lower for low-angle grain boundaries compared with high-angle
boundaries, due to the ‘more-compact’ structures of low-angle boundaries.

Figure 63 Ductile to brittle transitions in a) 8090 plate showing higher transition temperatures for T/2
(midthickness specimens) than for T/6 (one sixth of thickness specimens) aged for 16h at 60ºC, [13] and b)
W-O showing much higher transition temperatures for high angle grain boundaries than for small angle
boundaries [133]. Note DTF is an abbreviation for Ductile Transgranular Fracture.

5.4.4 Alkali-Metal Impurity Phases
Phases identified at grain boundaries as liquid sodium-potassium rich present in some Al-Li
alloys (with levels of Na and K >5ppm) have been found to be embrittling, resulting in low
fracture toughness values [134-136].

Similarly, wetting the external surface of stressed

aluminium alloys with liquid Na-K alloys is known to induce brittle intergranular and
cleavage-like fracture [137]. Sodium and potassium can be introduced from the lithium itself,
refractories in the melting and casting facilities and from aluminium pig.

The levels of alkali metal impurity phases in Al-Li alloys with 5 ppm of K and Na are similar
to levels of other aluminium alloys, but the compounds that these impurities make with
different alloys differs. In many aluminium alloys, silicon can produce a high melting point
Na-Al-Si phase. For example, in Al-Mg alloys, the Mg2Si phase forms, but bismuth in this
alloy promotes the compound Na-Bi, therefore limiting Na-K compounds. In Al-Li alloys,
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elements that form compounds with sodium are low, due to their compound formation with
lithium so that low melting point sodium rich phases are present in significant amounts if Na
and K are greater than 5ppm. These liquid phases at grain boundaries result in liquid metal
embrittlement and produce numerous ‘brittle islands’ surrounded by dimpled areas on brittle
intergranular areas, and cleavage islands on transgranular areas when Na and K levels are
high (> 10ppm) (Figure 64).

Figure 64 a) SEM of intergranular fracture of Al-Li experimental alloy with 10wt. ppm Na, showing
brittle islands surrounded by dimpled regions produced by overload at 20ºC and b) transgranular
fracture of Al-Li alloy plate showing circular cleavage Islands. (unpublished images taken by S. P. Lynch
et al. for similar images see [134, 137, 138])

It was also found that as sodium levels were increased, more ‘brittle/cleavage islands’ are
present. Islands were absent at testing temperatures down to -78ºC (but increased with
increasing temperature) probably because embrittling phases had a range of melting points.
(Pure sodium melts at 98 ºC, binary Na-K phases are liquid down to -13 ºC and Na-K-Cs
phases can be liquid down to -78 ºC.) Brittle/ cleavage islands form by (i) growth of
secondary cracks – due to adsorption-induced decohesion or dislocation emission at the crack
tip and then (ii) a transition to a dimpled fracture mode when the crack runs out of liquid
(Figure 65).
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Figure 65 Schematic diagram showing the mechanism of liquid induced embrittlement. Note that similar
processes occur when the impurity is solid, except that slower surface diffusion of impurities to crack tip
controls rates [135].

Currently, the amounts of alkali-metal impurities in commercial alloys are less than 5ppm.
Hence, it has been argued that the observed brittle intergranular fracture of current 8090
alloys cannot be attributed to alkali-impurity phases. Furthermore, there have only been small
isolated areas of cleavage or brittle liquid islands observed on fracture surfaces in these newer
commercial alloys.
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6 Fracture of Grain-Refined Materials
Many papers in the literature show that when grain sizes are refined from coarse grain sizes,
typically ~200 μm to 10’s of microns or less than 500nm, fracture surfaces are generally
dimpled or there is an increase of dimples on fracture surfaces compared with coarser-grained
counterpart materials. A grain refinement leads to an increase in dimples present on fracture
surfaces because it also refines the microstructure and hence increases the amount of void
nucleation sites. Usually, dimple formation occurs via microvoid coalescence typical of
conventional coarse-grained materials, but on a smaller scale. Sometimes, especially for
nanoscale grain sized materials, the dimple size is larger than the grain size (unlike
conventional alloys where the dimple size does not exceed the grain size). For the refined
grained materials, this observation is not well understood.

There are examples in the literature where grain refinement has led to dimples or an increase
of dimples on the fracture surface and similarly to conventional alloys the dimple size does
not exceed the grain size. For example, fracture surfaces of tensile samples of an Al-Mg-Si
alloy artificially aged and then cryorolled resulted in dimples, with the extent of dimples
increasing with increasing amount of cryorolling (thickness reductions of 55, 70 and 90%),
Figure 66 [139]. Cryorolling lead to a refinement in microstructure and grain size, but grain
size distributions and precipitate morphologies are yet to be adequately characterised.

Figure 66 Fracture surface morphology of tensile specimens of Al-Mg-Si alloys cryorolled by different
amounts a) 0%, b) 55%, c) 70% and d) 90% [139].
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Similarly, fracture surfaces of tensile tested bulk nanocrystalline Al-5%Mg alloy (with 26nm
grain size) showed dimples [140]. The alloy was produced by an in-situ consolidation
mechanical alloying technique, which was artefact-free. It was concluded that the microvoid
coalescence mechanism was responsible for the observed dimpled fracture surfaces. The
authors did not indicate whether the dimple sizes were greater than the grain size, but from
examination of the SEM image it seems that this may be the case. Similarly fracture surfaces
of tensile specimens of electrodeposited nanocrystalline pure nickel (40 and 44nm in grain
size) have been observed to contain dimples that are larger than the grain size, Figure 67 [140,
141]. In one paper the dimples were 6-10 times that of the grain size (40nm), but in the other
paper a larger range of dimple sizes were observed (50-500nm) for a 44nm grain size.

Figure 67 SEM micrographs of fracture surfaces of failed tensile specimens a) electrodeposited nickel with
grain size 40nm, and b) nanocrystalline Al-5%Mg alloy with 26nm grain size[140, 141].

There are other papers in the literature where fracture surfaces of refined alloys have
produced dimples, with dimple sizes larger than the grain size. For example, Ti-6Al-4V
produced by i) ECAP and ii) ECAP followed by extrusion was deformed in uniaxial tension
at three temperatures 300, 77 and 4.2K [142]. Fracture surfaces were dimpled and the material
that was only subjected to ECAP was fragmented in larger segments than material subjected
to ECAP followed by extrusion. For the material that was only ECAP the average grain size
in α was 0.5 to 1 μm and the  phase was reduced from an initial 12 to 8%. The thickness of
twin colonies of the  phase were between 50-100nm. For material that was extruded after
ECAP, the α phase fragments were from 200-400nm, and the  phase volume fraction was
only 5%. Typical morphologies of shear and equiaxed dimples on fracture surfaces are
depicted in Figure 68. The dimple size distribution on the fracture surfaces were about 2-3μm,
larger than the scale of the α phase grains (0.5-1μm).
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Figure 68 SEM micrographs of fracture surfaces subjected to tension of ECAP Ti-6Al04V (average grain
size in α phase is 0.5-1μm and average twin thickness in  is between 50-100nm) at 77K a) shear failure
with elongated dimples and b) normal failure, showing relatively equiaxed dimples [142].

Another example where grain refinement has led to a change in fracture behaviour has been
detailed in the literature in grain refined tungsten. Tungsten rods produced by powder
metallurgy and by swaging, with an initial grain size of more than 10μm were refined by
ECAP (conducted at 550°C) to produce a 0.9μm grain size. The ductile to brittle transition
was investigated by observing the cracks around microhardness indentations after testing at
different temperatures for 20s in vacuum.

Cracking was observed around hardness

indentations for the coarse (as-received) material at all tested temperatures (425°C to 483°C).
At these same temperatures, cracking around hardness indents was absent in the ultra-fine
grained material. At the lowest testing temperature (250°C) cracking was observed for the
ultra-fine-grained tungsten (0.9μm) but as the temperature was raised to 350°C (and hardness
decreased) the amount of cracking was insignificant. It was concluded that the ductile-tobrittle transitions of tungsten rods could be reduced from above 483°C to below 350°C in
ultra-fine-grained tungsten produced by ECAP. Fracture tests of tungsten rods were not
carried out, but it is expected that where cracking was observed fracture surfaces would
contain brittle featureless facets, and when cracking was reduced fracture surfaces would
contain less brittle facets and more dimpled features.

As detailed, grain refinement usually leads to an increase in plasticity (usually represented by
dimples on fracture surfaces), but the following example shows that this is not always the case.
For example, in-situ TEM fracture of aluminium thin films with different thicknesses 125nm
and 500nm and similar grain sizes (average of 120-130nm) fractured differently[143]. For the
125nm film, intergranular cracking was observed, and the crack was arrested by a large grain.
At crack arrest/blunting no dislocations were emitted from the crack tip, and the measured
crack opening displacement was lower than that predicted for plasticity dominated processes.
SEM observations of the fracture surface revealed relatively flat and featureless topography.
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For the 500nm thick Al film, fracture occurred with extensive dislocation activity in all grains
along the fracture surface and in grains 300 to 400nm from it. Fracture surface observations
revealed a knife edge, consistent with extensive plasticity. The difference in behaviour was
not understood and the authors did not attribute the differences to sample dimensions,
microstructure or microchemistry.

For HPT of aluminium alloys, very few fracture tests (and no fractography) have been carried
out, with most research focussing on the extent of elongation at fracture. One such paper,
shows that, in aluminium alloy 1570 (Al-5.7Mg-0.32Sc-0.4Mn), annealed at 380°C for 2h, a
decrease in grain size (from coarse grained to ~130nm) via HPT at room temperature lead to a
substantial reduction of ductility [144]. Furthermore, HPT at 200°C produced a larger grain
size (210nm) than deformation at room temperature (130nm), a drastic decrease in elongation
to fracture and an unexpected brittle fracture in tension. ECAP of Al 2.8Cu 1.6Li (wt.%) at
room temperature followed by water quenching and then slight ageing (200°C for ½h)
produced ultra-fine-grained material but no estimates of the grain size were given[145].
Tensile tests were conducted, and it was established that there was an increase in elongation
to failure and in yield strength upon ageing ECAP material. The reason for the increase in
yield strength and elongation to failure was attributed to fine T1 precipitates that were
observed after annealing the ECAP material, although details were not given. Much like the
HPT aluminium alloy 1570, fracture surfaces of failed tensile specimens were not examined.

In-situ TEM fractures of nanocrystalline alloys show that there are some different aspects of
nanomaterial fracture that are different from fracture in conventional coarse-grained materials.
For example, dislocation activity is reduced or supressed during fracture of nanomaterials
compared with coarser grained conventional materials. Grain boundary induced mechanisms,
such as grain boundary sliding, migration and motion have been shown to dominate the
deformation behaviour rather than dislocation controlled mechanisms [146]. Grain boundaries
and their triple junctions are preferred places for nucleation of nanoscale voids ahead of a
crack, rather than void nucleation at particles (GBP’s, constituents or dispersoids) [140].
Additionally, microtwins and stacking faults that result from partial dislocation emissions
from grain boundaries have been observed in TEM images of severely deformed aluminium
alloys, with grain sizes several hundred nanometers in size, but their influence on fracture is
not well understood [147].

Although there are many differences in deformation of

nanomaterials compared with coarse grained materials, as noted above fracture surfaces
usually are dimpled, so fracture mechanisms need to be established that take this into account.
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7 Research Objectives
Based on the review of the literature and identification of gaps in the present understanding,
the objectives of the present work are to:

1.

Establish the causes of BIF in Al-Li based alloys and, in particular, address the
controversy regarding the planar-slip hypothesis and the lithium-segregation
hypothesis for BIF using a variety of experimental techniques. These studies will
include:
(i)

Characterizing the slip-mode and fracture-mode of a variety of Al-Li and other
alloys as a function of microstructure and testing temperature to determine
whether or not there is a strong correlation between planar slip mode and
brittle fracture,

(ii)

Critically examining previous work that suggests that there is a strong
correlation between planar slip and the occurrence of brittle intergranular
fracture, and

(iii)

Attempting to detect lithium (or other) segregation at grain boundaries using a
3-D atom probe and high resolution STEM.

2. Determine whether microstructural refinement of Al-Li alloys using severe plastic
deformation techniques (FSP, HPT, ECAP) changes resistance to BIF and, if so,
whether changes in slip mode, grain boundary segregation, or other fracture modes are
involved. As part of this investigation, determine (i) the effects of processing
parameters on microstructure, (ii) the effects of grain refinement on strength, and (iii)
effects of grain refinement on subsequent precipitation-hardening response. Grain
refinement via SPD would also help to achieve aim 1(iii) since probing refined
material would increase the probability of intercepting a grain boundary in a small
atom probe tip.
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8 Experimental Procedures
8.1 Alloy Compositions
Alloys used in this study are: Al-Li-Cu-Mg 8090, Al-Mg-Li-C-O 5091, Al-Zn-Mg-Cu 7079,
Al-2.7Li-0.1Zr, Al-10.6Mg and Ni-Cr-Co (Waspaloy) with their compositions listed in Table
3. The nickel-based alloy (Waspaloy) was chosen since it is strengthened by coherent γ' (Ni3(Al,Ti)) (L12) precipitates, analogous to coherent L12 δ' (Al3Li) precipitates in Al-Li alloys
and reportedly exhibits marked slip planarity [148]. The powder metallurgy alloy 5091 was
chosen for its fine grain size (500nm) and fine dispersion of oxides and carbides, such that
fine, homogeneous slip would be expected.
Table 3 Nominal Composition of Alloys

Alloy

Composition (wt. %)

8090

2.2 Li 1 Cu 0.7 Mg 0.11 Zr
0.07 Fe 0.01 Si

8Li

0.5Cu 0.73Mg 0.03Zr 0.03Fe
0.009Si

5091

1.29 Li

7079

4.33 Zn 3.25 Mg 0.59Cu 0.16Cr
0.19Mn 0.2Fe 0.11Si 0.06Ti

1.69 Zn 3.4Mg 0.24Cu 0.08Cr
0.09Mn 0.09Fe 0.01Si 0.03Ti

Al-Li-Zr

2.7Li 0.1Zr

9.7Li 0.03Zr

Al-Mg

4.11 Mg 1.17C 0.410 O

Composition (at %)

10.6 Mg 0.3Fe 0.25Cu 0.25Si

Waspaloy

19.3Cr 13.9Co 4.0Mo 3.1Ti

4.7 Li 4.3Mg 2.5C 0.65O

11.7Mg 0.14Fe 0.001Cu 0.002Si
21.4Cr 13.6Co 2.4Mo 3.6Ti

Note: Aluminium or Nickel (in Waspaloy) is the remainder.
8090, and the experimental alloy Al-Li-Zr were chosen due to their high lithium content,
marked slip planarity due to shearable δ' (Al3Li) and their reportedly high susceptibility to
brittle intergranular fracture. 7079 was chosen due to its reported intergranular fracture
behaviour and its semi-coherent precipitates that are expected to promote finer slip, and the
Al-Mg alloy was chosen for its high magnesium content and reported Mg grain boundary
segregation[50, 149]. 8090 Al-Li was received as commercial plates of 37.5 and 12.7mm
thick in the near peak aged condition (T8771), 5091 as a 50mm diameter extruded billet, AlLi experimental alloy as a rectangular ingot, 7079 as rolled, 76mm thick plate, heat treated to
peak aged condition (T651), Al-Mg as a cast and homogenized part, and Waspaloy as a
commercial part.
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8.2 Grain Refinement Techniques
8.2.1 Equal Channel Angular Pressing (ECAP)
The ECAP method involves forcing a specimen through an angular die (typically ranging
between 60-150º) with the same cross section (Figure 69). The ECAP equipment is usually
computer controlled with a double action hydraulic unit.

The dies are designed with

changeable inserts for different die angles (90, 120 and 150). Typically, a forward load limit
of 500 KN and a back pressure of 250kN can be applied (where the machine is designed with
back-pressure). Backpressure is beneficial because it (i) allows for a greater number of passes,
and (ii) reduces the tendency for failure. Sometimes the ECAP equipment includes a heating
jacket to allow heating during pressing. Typical specimen dimensions are 20x20x100mm.
The Bc route, which rotates the specimen +90º between passes, is typically used as it
produces a more homogeneous structure with a finer average grain size and a higher degree of
grain misorientation [150, 151]. The specimens are placed in region 1 shown in Figure 69,
and after extrusion are removed from region 2.

Figure 69 a) Image of ECAP process (without cover-plate) using 90º die insert, with arrows indicating
specimen placement at 1 to specimen removal at 2, and b) line drawing of material flow during the ECAP
process [152]

The ECAP was conducted at Monash University (at room temperature since, at the time there
was no heating facility). In the current tests, the conditions for processing included: (i) the
‘Bc’ route (which rotates the specimen +90º between passes), (ii) a back pressure of 250kN,
and (iii) a 2mm/min feed rate. Specimens with a cross-section of 20 x 20 mm were cut from
8090 Al-Li plate. 8090 was initially pressed in the solution treated condition, but since large
amounts of cracking was present, two 8090 T8771 samples were heat treated (1hr at 545ºC
and 3hr at 300ºC and water quenched) before processing.
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8.2.2 Friction Stir Processing (FSP)
Friction stir processing is a method in which a rotating tool with a pin and shoulder is plunged
into a metal surface and then is traversed across (Figure 70). Frictional heat is generated
between the tool and plate which causes material to soften without reaching the melting point.
The plasticised material is transferred from the leading edge of the tool to the trailing edge.
FSP involves severe plastic deformation, producing fine grain structures. The formation of
these structures has been attributed to dynamic re-crystallisation, since high temperatures can
be reached during processing (>400ºC) [153, 154]. The technique has gathered much interest
because, in addition to its ability to produce refined microstructures, it is capable of
eliminating porosity in cast structures [153, 155, 156].

Figure 70 Schematic illustration of friction stir processing: A rotating tool with a probe (or pin) is plunged
into the plate and is traversed across the surface.

Friction Stir Processing (FSP) was carried out on two sets of Al-Li 8090 plates in the T8771
(solution treated, stretched 7%, and aged 32hr at 170 º C) condition by Rockwell Scientific
CA. USA. The first set of plates sent had dimensions of ~341mm x 78mm x 38mm, and the
second set dimensions of 187 x 78 x 12.5mm. Prior to FSP, the surfaces were milled (to
avoid surface oxide accumulation in the processed region) with ~ 0.2mm of material removed.
Processing parameters such as the (i) traverse speed, (ii) cooling during processing, (iii)
rotations per min (RPM), (iv) number of passes, and (v) pin and tool dimensions were altered
to determine the optimum parameters for obtaining the finest grain sizes.

The regions

analysed in TEM were within the center of the processed regions, well away from the
processed/unprocessed boundary.
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8.2.3 High Pressure Torsion (HPT)
High pressure torsion is a technique in which a disc shaped sample is deformed by both shear
and compressive deformation (Figure 71a). As the number of rotations increase, the grain
refinement and hardness of the alloy increase. All samples were deformed until saturation.
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applied strain. The saturation strain point is reached more rapidly at the outer surface or edge
of the disc before the interior or center of the disc. As the strain is increased the saturation
strain front moves towards the center of the disc, but theoretically never gets there. For brittle
materials it is more desirable to make smaller sized samples (8mm) rather than large samples
(30mm) since smaller disks avoid shearing/cracking in the die. On the other hand, large
samples are easier to handle, polish, and test.

Figure 71 High Pressure Torsion technique a) schematic diagram showing disk shaped specimen
placement and compressive and torsional forces and b) photo of HPT equipment at Leoben in Austria.

HPT was carried out in the University of Leoben in Austria (Figure 71). 8mm, 12mm or
30mm HPT disks of 8090, 5091 and Al-Li-Zr were machined and sent to Austria for
processing. When the processed disks were received, hardness traverses were conducted
across the complete disk initially, but later they were only taken from the outer edges of the
disk since this is closer to saturation. The load, the number of rotations and the speed, altered
with the disk size and the material type. The regions analysed in the TEM were 2-4mm from
the disk circumference (depending on the disk size), well away from the center of the disk and
about ~0.3mm below the surface.
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8.2.4 Mechanical Alloying
Mechanical alloying is a process which involves loading of elemental powders into a ball mill,
containing a (usually carbon-based) lubricant. The ball-mill is made out of steel and hence
iron-rich particles can be introduced during the process. Composite powders are produced by
continuously fracturing and cold-welding during this milling process.

The process is

conducted in air with the carbon lubricant and hence carbides and oxides are formed [157159].

Once a uniform particle size of composite powders is produced, the powder is

consolidated using conventional powder metallurgy methods. This was the technique used to
produce 5091 (Al-Li-Mg-O-C). It was received as an extruded billet, and subsequent tests
were carried out after a solution treatment of ½ h at 500ºC.

8.3 Mechanical Testing
4-point bend tests and hardness tests were conducted in order to view slip lines on bend
samples and around hardness indents. 4-point bend tests were conducted using a screw driven
device (Figure 72). The samples were rectangular blocks measuring 40x5x10mm, and were
machined from coarse-grained, as-received 8090 T8771 and FSP 8090 (after ageing to peak)
plate in the T/3 position. The strains across the rectangular samples were determined by using
hardness indents as markers and measuring the change in the position of the indents after
bending.

For hardness indents made on as received non-deformed electropolished alloys, the load was
varied depending on the grain size and the hardness of the material (and indicated where
relevant), and the indents were made inside individual grains (where possible). Indents were
added to the following alloys and heat treatments: 8090 and 7079 in the as-received peak aged
condition, 5091 solution treated (at 500°C) and Waspaloy heat treated to form spherical γ'
(1040°C 2h oil quench, 730°C 6h air cool). Slip morphologies around hardness indents were
viewed optically and via SEM (in some cases) and compared between the different alloys.
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Figure 72 Point Bend Screw Driven Device, with sample and screw indicated by arrows
(Sample dimensions : ~40 x 10 x 5 mm).

Fracture testing using cantilever bending [16] was conducted at various temperatures from
room temperature down to -196ºC (using a combination of alcohol and liquid nitrogen or
liquid nitrogen). Specimens were machined to a 7mm x 8mm rectangular cross-section. A
chevron notch was cut that was approximately the same size for all specimens.

Non-

deformed alloys were solution treated in a salt bath (8090 - 545ºC ½ hr., 5091 - 500ºC ½ hr.)
and quenched in water (20ºC). For both deformed and non-deformed alloys, ageing was
carried out at various times/temperatures prior to testing. Fracture testing of small HPT alloys
were conducted by mounting the specimen in an araldite mould (in order to slightly extend the
size of the samples), and then a chevron notch was cut, and the samples were fractured in
overload.

8.4 Microstructural, Fractographic and Slip Characterisation
As received and processed microstructures were characterised using optical, Scanning
Electron Microscopy (SEM), Transmission Electron Microscopy and atom probe microscopes.
Fracture surfaces were observed with both optical and SEM microscopes.

8.4.1 Optical Microscopy
To determine the grain morphology, aluminium specimens were etched with Keller’s etchant
(1.0ml HF, 1.5ml HCl, 2.5ml HNO3, 95.0ml H2O) in a fume cupboard, and cleaned with
ethanol, and viewed in an optical microscope. The optical microscope with both interference
contrast and bright field interferometry lenses, (and the SEM and confocal microscope) was
used to characterize slip lines for Al-Li 8090 (other alloys were characterised only via bright
field optical microscopy). Slip lines were viewed around hardness indents and/or on 4-point
bend samples (detailed in the previous section).
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Samples were prepared by electropolishing. For 4-point bending, where it was required for
two sides of the sample to be polished (the sides to be subjected to tension and compression),
the electropolishing was carried out by using an in-house assembled electropolishing unit.
The electrolyte used was a perchloric-ethanol solution, cooled to -20ºC, the voltage used was
18V, and the cathode was stainless steel. For slip line observation around hardness indents,
(where only one side of the sample needed polishing (and hence only the side in compression
was viewed optically) the Struers LectroPol 5 electropolisher with a rectangular aperture was
used. The electrolyte used in this case was a 60ml perchloric- 590ml methanol -350ml 2butoxyethanol solution and the voltage, temperature, and flow rate were 22 V, 20ºC and 10
liters per minute respectively.

8.4.2 Scanning Electron Microscopy (SEM)
The Joel 7001F Field Emission SEM (FE SEM) or the Leo 1530 VP (variable pressure) SEM
were used for fracture surface observations (where the use of one or the other depended on
equipment availability). The SEM was used to observe grain sizes of BIF samples produced
at -196ºC, where they were too small to be resolved by optical microscopy. Samples were
cleaned in an ultrasonic bath with ethanol prior to imaging, and were kept in a desiccator with
desiccant in between microscope sessions – although immediate imaging was preferred, when
possible.

The SEM was also used to view intergranular fracture surfaces of FSP material embrittled by
gallium. The gallium embrittlement technique involves heating a thin metal sample,
dimensions 0.5mm thick (in this case FSP 8090) to temperatures ~≥30°C (past the melting
point of gallium ~ 29.5°C), roughening up the sample (with silicon carbide paper to facilitate
wetting) and then rubbing gallium on the surface.

Embrittlement results since gallium

diffuses along grain boundaries. Once embrittled, the sample is easily broken apart. Care
must be taken to not excessively contaminate the fracture surface with gallium during fracture
by using only small amounts of gallium (Figure 73).
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Figure 73 Schematic showing the gallium embrittlement technique a) gallium applied onto heated (≥30°C)
roughened aluminium surface, b) gallium is rubbed onto roughened surface to facilitate wetting and c)
nanometre thin film of gallium diffuses along grain boundaries. Sample is broken apart and examined
some distance below surface as indicated in c).

8.4.3 Transmission Electron Microscopy (TEM)
The Philips CM20 (200kV) Transmission Electron Microscope (TEM) with Lanthanum
Hexaboride (LaB6) filament was used to view precipitates in grains, precipitate free zones
(PFZs) and grain boundary precipitates (GBPs). Foils of different alloys were prepared using
the Tenupol-5 twin jet electropolisher at 13V, with a 33% nitric 67% methanol
electropolishing solution at -20°C. Where precipitates were not visible in bright field, the
centered dark-field technique was applied, and dark field images were taken.

High resolution STEM was attempted using the Joel 2100F FEG TEM, to view individual
atoms at the grain boundary. Samples were prepared in the same manner as for conventional
TEM, stated above.

The centered dark field technique was again used to highlight δ'

precipitates. High angle boundaries (>15º) were estimated from the diffraction pattern
observed in adjacent grains. The Gatan 776 Enfina 1000 parallel detection EELS detector
was used for elemental detection at different locations in the microstructure (as viewed during
STEM).
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8.4.4 Atom Probe
The 3D atom probe combines an field ion microscope, a time-of-flight mass spectrometer and
position sensitive detection to give a 3-D atom map in a volume. Initially a Kindbrisk 3D
Atom Probe Field Ion Microscope was used for the detection of atoms, but afterwards a newer
Oxford Nanoscience 3D atom probe was used with faster data acquisition rates (1600
atoms/min). The imaging gas used was helium. The POSAP software was used to assign
elements from the mass-to-charge ratios. For both coarse-grained and refine-grained alloys,
atom probe tips were initially prepared using standard electropolishing techniques which
involve two stages. A nitric/methanol electropolishing solution was used for the initial coarse
polishing stage and a 5% perchloric 95% butoxyethanol solution for the final polishing stage.
When the FIB equipment became available atom probe tips (from coarse-grained material)
were prepared by selecting and cutting out a grain boundary and adhering this region onto a
metal substrate. The FIB equipment was also able to determine the misorientation of the
selected boundary since it is equipped with an electron backscatter detector.

8.4.5 Electron Backscattered Diffraction (EBSD)
Grain boundary misorientation distributions were determined with the Joel 7001F high
resolution Field Emission SEM equipped with an electron back-scattered detector and HKL
software. Samples for determining grain boundary misorientation distributions were prepared
by polishing and then electropolishing with the in-house assembled unit (described in section
8.4.1). The software used to analyse the EBSD data is the HKL Channel 5 EBSD System,
and angles  15º were considered low angle.

8.4.6 Scanning Laser Confocal Microscopy (SLCM)
A Veeco Wyko SLCM in Vertical Scanning Interferometry (VSI) mode was used to examine
slip lines, and brittle facets in Al-Li 8090. The lateral resolution of the profiler depends upon
the magnification objective (which in this case was 20x) and hence is comparable to an
optical microscope, but the vertical resolution is high, 3nm for single measurements and <
1nm for multiple measurements.

The laser microscope software not only allowed

measurements of heights and spacings of features on alloy surfaces, but also represented
surface images in 3-D, allowing better visualisation of slip line morphology. Electropolished
samples for slip line analysis were deformed via 4-point bending. Hardness indents were
used as a marker – so that the region of interest could be located in the confocal microscope,
and so that the same region could be examined optically and via SEM.
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9 Results – I
As Received & Processed Microstructures
9.1 Microstructure of As-received Material
9.1.1 8090 - Grain Morphology and Constituent Particles
Optical microscopy of polished and etched sections was used to characterise the
microstructure of 37.5 mm and 12.5mm 8090 Al-Li plates. The microstructure consisted of a
pancaked grain structure with grains elongated in the rolling direction (Figure 74). The grain
size in the 38mm plate was ~400m along the L direction, ~300 m along the T direction,
and ~30m along the S direction. Electropolished sections of 8090 plate revealed subgrains
and grain boundary stringers of constituent particles (~60μm in length) (Figure 75).

Figure 74 Optical micrographs of etched Al-Li 8090 37.5mm plate at the T/2 position, showing a) low
magnification grain structure for the different orthogonal planes designated L (longitudinal), T (long
transverse) and S (short transverse) and b) grain structure in longitudinal plane.
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Figure 75 Optical micrograph of electropolished surface of Al-Li 8090 plate, showing stringers of
constituent particles present at grain boundaries.

9.1.2 8090 T8771 Grain-Boundary and Matrix Microstructures
TEM of 8090 in the T8771 condition (aged 32hr at 170) confirmed the well-characterised
microstructure of GBP and PFZ. GBP are most likely T2- (Al6Cu(LiMg)3) or S' (Al2CuMg)
precipitates and matrix precipitates are δ' (Al2Li) precipitates (Figure 76).

δ' matrix

precipitates were confirmed with TEM, atom probe and high resolution STEM in 8090
T8771 (Figure 76, Figure 77Figure 78, Figure 79, Figure 80). δ' precipitates were mostly
present all the way up to the grain boundary in the STEM images (Figure 79). Atom probe
and STEM images also confirmed the presence of S phase (Al2CuMg) precipitates in the
matrix, as depicted in Figure 78 and Figure 81.

The precipitate free zone size along the boundary in 8090 T8771 was found to be ~100nm
(Figure 76) which is the same as that estimated by others [160].

High resolution STEM

(conducted for a grain boundary ~10-15° misorientation) revealed a GBP with a slightly
depleted region around it (Figure 80).

STEM imaging employing a high angle annular dark field detector was used in an attempt to
show whether there is any compositional change in the atomic columns at the grain boundary,
which could be produced by another element (for example lithium). Unfortunately, the grain
boundary is not planar, so it was not possible to align the atomic columns right up to the
boundary (Figure 82). Images showed an overlapped region of atomic columns at the grain
boundary and hence did not reveal any useful information.
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Figure 76 TEM images of a high angle grain boundary in 8090 T8771, a) bright field and b) dark field,
showing PFZ and GBP (arrowed) and δ' precipitates.
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Figure 77 Atom probe map of lithium in 8090 T8771 showing a δ´ precipitate (as determined by the large
concentration of lithium)

Figure 78 8090 T8771 atom probe (at 15K), showing matrix distribution of δ' (purple) precipitates and s
phase (green) precipitates.

Figure 79 TEM images of 8090 T8771 at a grain boundary a) bright field and b) dark field image showing
δ´ precipitates right up to the grain boundary.
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Figure 80 TEM images of 8090 T8771 at the opposite side of the grain boundary depicted in Figure 79, a)
bright field and b) dark field images showing a grain boundary precipitate present (highlighted in inset).

Figure 81 8090 T8771 High resolution STEM images a) bright field and b) dark field, showing spherical δ΄
precipitate (lower left corner) and plate-like S precipitate.
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Figure 82 High resolution STEM images at the grain boundary region of alloy 8090 T8771 a, c) bright
field and b, d dark field images, showing atomic lattice structure. Note that the grain boundary (indicated
in a) is not exactly edge-on.

9.1.3 AA5091 Microstructure
Electropolished sections of as-received, solution treated AA5091 revealed the presence of
particles. These particles ranged in size from coarser ~1- 2μm to finer ~0.5μm, with a larger
distribution of finer particles than coarser particles (Figure 83). These particles are probably
oxides and carbides, introduced into the alloy through its processing. The particle spacing, for
the smaller particles is ~ 0.25-0.5 μm.

Finer particles than observed via SEM have been

reported by others ranging in size of ~5nm [158, 161], by TEM. A few of these smaller
particles were observed in TEM imaging, but most were obscured, probably due to the high
dislocation density present (Figure 84). The grain size of AA5091 (as-received) was ~ 300500nm, with grains elongated in the extrusion direction (Figure 84). Marked contrast from
grain to grain in TEM images indicates the prevalence of high angle grain boundaries.
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Figure 83 SEM (secondary electron image) of electropolished surface of solution treated 5091 showing
size and distribution of oxides and carbides.

Figure 84 TEM of solution treated AA5091 showing fine grain size (~300-500nm): a) some elongation of
the grains in the extruded direction is apparent (arrow indicates extrusion direction), and b) marked
changes in contrast from grain to grain suggest predominantly high angle boundaries. High dislocation
density obscures the fine oxides and carbides present (possible oxides/carbides indicated).

The microstructure of as-received AA5091, after solution treatment was found to contain δ'
precipitates as depicted by TEM imaging, (Figure 85).

There did not seem to be any

precipitates or precipitate free zones on grain boundaries of solution treated material but more
extensive TEM would be required to substantiate this. Upon ageing and solution treated 5091
for 100h at 100°C, δ' was again observed, although their size did not grow significantly
(Figure 86), which is consistent with the absence of hardness increase (upon ageing solution
treated material the hardness remained at the same level ~150HV after ageing at 100°C for
500h). PFZs were not present, but precipitates seemed to decorate grain boundaries after
ageing for 100h at 100°C (Figure 86).

The composition of the precipitates was not

determined.
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Figure 85 TEM of solution treated AA5091 showing extremely fine ' (arrowed) in a) bright field, and b)
dark field. Strain contrast from dislocations is also visible in the images.

.
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Figure 86 TEM of AA5091 solution treated and aged 100ºC for 100hrs showing a) bright-field, b) darkfield image, with small ' within the grain, and inset showing electron diffraction pattern with '
reflections (indicated). GBP and the g vector direction are indicated with arrows in the dark-field image.
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9.1.4

Microstructures of Other As-Received Materials

Other materials used in this study include experimental alloy Al-Li-Zr, Ni-Cr-Co Waspaloy,
Al-Zn-Mg 7079 and Al-10Mg. The Al-Li-Zr alloy was used for its high lithium content (9.7
at. %) and was grain refined via HPT, to obtain material with a fine grain size.

The

experimental Al-Li-Zr alloy contained coarse equiaxed grains that were ~ 300μm in size.
Zirconium added to the alloy as a grain stabiliser decorated the grain boundaries. The alloy
was grain refined in the solution treated condition and hence, grains are expected to contain
fine δ´ precipitation. After processing excessive δ΄ precipitation is not expected.

The other alloys, mentioned above, were used in this study to observe and compare their
deformation modes and slip morphology. Al-Zn-Mg alloys were examined in the peak aged
T651 condition. The alloy had elongated grains that were approximately 437μm, 246μm and
102μm in longitudinal, long transverse and short transverse directions respectively. Much like
8090, the microstructure contained stringers of constituent particles that decorated the grain
boundaries. η´ precipitates were shown to form inside grains which are semicoherent, and
precipitates and precipitate free zones were present along grain boundaries. The Al-10Mg
alloy was tested in the solution treated condition and contained coarse equiaxed grains
~40-50μm in size.  phase (Al2Mg2) was shown to be present within grains and on the grain
boundaries. The Ni- Cr-Co alloy, Waspaloy, contained an equiaxed grain structure with grains
that were approximately 60μm in size. The alloy was solution treated (2hrs at 1040°C and oil
quenched), and then aged (730°C for 6h) to produce 8nm fully coherent, spherical ΄
precipitates (Ni3 (Al, Ti)) as detailed in a paper by Stoltz et al [148].

9.2 Microstructure of Grain Refined Material
9.2.1 Equal-Channel Angular Pressed Microstructure (8090)
9.2.1.1 Grain Morphology
The first attempt at refining the grain size of 8090 (in the solution treated condition) at 20ºC
by ECAP produced extensive cracking and shear bands after a single pass (Figure 87). Crosssectional optical images show deformed regions (with shear bands) and undeformed regions
(of plate-like grains) on either side of the severe cracks (Figure 88). Heat treating peak-aged
8090 for 1hr at 545ºC followed by furnace cooling prior to ECAP produced cracking after two
passes, but a heat treatment of 3hr at 300ºC allowed the specimen to be passed through the
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equipment four times, producing a greater degree of refinement. Since coarse precipitation
was expected (due to the ageing treatment) which would have led to a decrease in strength,
subsequent imaging via TEM was not conducted. Hence other methods of grain refinement
which would avoid coarse precipitation were attempted.

Figure 87 Photograph (taken from the top) of ECAP 8090 (pressed in solution treated condition) showing
cracking (C) and banding (B) (arrowed) after only one pass. The shear bands were inclined at the same
angle and they span across the entire specimen.

Figure 88 Optical micrograph of cross-section of ECAP 8090 Al-Li (pressed in solution treated condition)
showing severe crack (arrowed) with shear bands on one side and mostly undeformed plate structure on
the other side.
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9.2.2 Friction-Stir Processed Microstructure (8090)
9.2.2.1 Grain Morphology and Constituent Particles
Friction stir processing of

8090 T8771 plate (38mm) was carried out using different

processing parameters to determine which conditions resulted in the finest grain size. The
conditions used in the first attempt are summarised in Table 4.
Table 4 8090 FSP Processing Conditions (1st batch of tests)

FSP plate

Tool Shoulder

Pin depth

Tool

Tool Rotation

Traverse Speed

Number &

Number

Diameter (mm)

(mm)

Design

(RPM)

(mm/min)

type of passes

1216

28.6

No pin

1217

28.6

No pin

Scroll
shoulder
Scroll
shoulder

No Traversing

400

400

(WQ)**
101.6

Coarse
1218

1226

31

31

11.43

11.43

thread

Single Pass
(WQ)*
6 Rectangular

400

76.2

Passes

Conical pin

(not WQ)

Coarse

4 Rectangular

thread

400

76.2

Conical pin

Passes
(WQ)

* WQ – Water spray was used to quench the plate behind FSP tool.
** The tool shoulder was rotated in one position without traversing.

Metallography of the processed regions showed different flow patterns (Figure 89, Figure 90).
Some of these flow patterns showed ‘onion rings’ i.e. concentric rings of lighter and darker
etching, a common observation in FSP [162]. The locations of these rings (viewed from the
transverse cross-section) varied slightly with the processing conditions but were usually
situated towards the centre of the processed region (Figure 89). Across the processed region, a
range of grain sizes were obtained for each FSP run. The most refined regions were usually
found in these so-called “onion-rings” or, where onion rings did not exist, in a central region
(Figure 89). These onion rings or central regions resembled equiaxed grain structures that
were decorated with particles (Figure 91, Figure 92). In addition, within these regions,
multiple pass specimens showed a smaller degree of grain refinement than the single pass
specimen (Figure 91, Figure 92).
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surface

surface

Figure 89 Optical Metallography of transverse sections of FSP regions surrounded by unprocessed areas
after a) a single pass, and b) a rotation of the tool shoulder in one position, showing most refined regions
labelled R and onion rings. Note differences in scales.

Figure 90 FSP of multiple passes (plate no. 1218) showing a) schematic of the processing route, with s
indicating the start and e the end, and (b) optical macrograph of transverse section with most refined
region labelled R.

Figure 91 Optical microscopy of 8090 Al-Li FSP of onion ring or central regions a) 6 rectangular passes
and b) 4 rectangular passes, showing grain size and morphology. Designated plate numbers and traverse
speeds are indicated.
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Figure 92 Optical microscopy of 8090 Al-Li FSP of onion ring or central regions a) one single pass, and b)
a rotation of the tool shoulder in one position, showing different amounts of grain refinement. Designated
plate numbers and a traverse speed (for single pass) indicated.

The finest grain size using FSP was obtained from the specimen that was subjected to only a
tool shoulder rotation in the one position (Figure 92). It was not possible to resolve the grain
size of this specimen optically (as shown in Figure 92), but examination of the predominantly
intergranular fracture surface (produced by gallium embrittlement) with the SEM (which was
quick and easy in comparison with TEM) revealed the grain size was ~2m.

After examination of the first set of FSP specimens, conditions were altered in order to
produce smaller grain sizes. These changes, based on reviewing the literature [163, 164] and
the results from the first set of specimens, involved:

i)

reducing the pin depth from 11.4mm to 3.2mm,

ii)

immersing the specimen in a dry ice and antifreeze bath prior to and
during FSP,

iii)

lowering the tool rotational speed from 400RPM to 175-300RPM,

iv)

reducing the tool shoulder to 12.7mm from the previous 30mm, and

v)

using single rather than multiple passes.

Hence, a second set of specimens were sent to Rockwell with tool shoulder diameter
(12.7mm), pin depth (3.2mm) and pin diameter (~3.8mm) fixed, and variable tool rotation and
speed (Table 5). A finer grain size was obtained from this second set of specimens.
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Table 5 Processing parameters of 2

Plate
designation

nd

group of FSP 8090 Al-Li specimens

1726

1727

1728

1729

1730

1731

1732

1733

1734

225

225

225

300

300

300

175

175

175

25.4

50.8

76.2

25.4

50.8

76.2

25.4

50.8

76.2

Tool
rotation
(RPM)

Speed
(mm/min)

Optical metallography of transverse sections of all the 2nd group of specimens show darker
etching processed regions containing small lighter etching regions. These lighter etching
regions are located towards the bottom of the processed region on the advancing side and are
made up of a serrated pattern (Figure 93, Figure 94). For specimen 1732 processed using the
lowest RPM and traverse speed, porosity was observed on the advancing side and seemed to
follow the serrated pattern (Figure 94).

Figure 93 Optical macrograph of 8090 Al-Li FSP 1727, showing lighter etching serrated region towards
the bottom of the FSP area (outlined).
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Figure 94 Optical metallography of transverse section of 8090 FSP showing changes of the serrated
pattern for different FSP conditions and severe cracking (arrowed) in specimen 1732.
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The grain size of specimens 1727 and 1728 with 225 RPM tool rotation and 50.8 and 76.2
mm/min speeds respectively, were not resolvable optically, and overload fracture surfaces
were not intergranular and, hence, the grain size of ~ 600nm was determined by i) embrittling
with gallium (procedure detailed in section 11.4.2) followed by SEM fracture surface imaging
(Figure 95) and ii) TEM (Figure 96). TEM images showed large amount of contrast from
grain to grain suggesting mostly grains of high angle were present.

Figure 95 SEM micrographs of fracture surfaces of FSP 8090 embrittled by gallium a) 10 μm grain size (4
rectangular passes, 400RPM, 76.2mm/min and cooled with water spay behind tool), and b) 0.6 μm grain
size (single pass, 225RPM, 50.8 mm/min and immersed in dry ice before and during processing), showing
distribution of carbide and oxide particles on grain boundaries (arrowed).
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Figure 96 TEM of FSP of Al-Li 8090 (FSP 1727) showing fine ~0.6 μm grain size and some particles
probably from fragmentation of constituents during FSP (arrowed).

Constituent particles in FSP 8090 were observed via optical microscopy of electropolished
sections (Figure 97), by SEM of fractured specimens embrittled by gallium (Figure 95) and
by TEM (Figure 96). Electropolished sections of FSP material show that the particle
distributions were more homogeneously distributed for the finer grain size (Figure 97).
Embrittlement via gallium revealed that particles were present on grain boundaries for both
8090 (10μm) and 8090 (0.6μm), and that there were more particles per unit area for the 0.6μm
material than the 10 μm material (Figure 95).
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Figure 97 Optical micrographs of electropolished surface of FSP 8090 showing particle distributions in a)
10 μm and b) 0.6 μm processed material. Compare with particles in as received 8090, Figure 75.

9.2.2.2 Grain Boundary Misorientation Distributions
Grain-boundary-misorientation distributions of FSP 8090 (10 μm and 0.6 μm grain sizes) in
traverse sections of processed regions were determined. In the analysis, misorientation
distributions below 15º were considered low angle. EBSD colour coded orientation maps
together with inverse pole figures (Figure 98) show high angle boundaries predominated in
both alloys. Texture was more random for the 0.6m than the 10m material, with the 10m
material showing a strong preference towards the (001) orientation (Figure 98). Some scatter
is present in the data of the 0.6 m material analysis (Figure 99) due to the presence of a large
amount of constituent particles which made the EBSD analysis difficult. Computer algorithms
(available in HKL software) were used to overcome this, but as shown in Figure 98b, they did
not seem to work effectively since most grains were >0.6m, larger than that estimated by
TEM and SEM.
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Figure 98 EBSD colour coded orientation maps and inverse pole figures of a) FSP 10 μm and b) FSP 0.6
μm material showing generally high misorientation distributions of both materials. (Note grain size for (b)
is larger than that observed via SEM and TEM because computer algorithm was used to estimate the
distribution. The computer algorithm was used since it was not possible to obtain all the data required
directly because oxides and carbides present obscured the scan during EBSD.
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Figure 99 Misorientation distributions of 0.6 μm and 10 μm FSP material, showing higher misorientation
distributions at lower angles for FSP 8090 10 μm, and scatter involved in the data analysis of the 0.6μm
material.

9.2.2.3 Grain Boundary and Matrix Microstructures
Optical metallography highlighted that the grains are coarser towards the boundary between
the nugget and non-refined material, thus grain size estimations in the heat affected region
were avoided. Grain size was therefore only determined towards the top of the processed
region (as depicted in Figure 100) but not in other areas. TEM of FSP followed by 40days
room temperature ageing (from the second set of FSP plates) (with a grain size of ~600nm
(Figure 96)), showed dislocations present in grain interiors (Figure 100) and showed fine '
precipitation with no PFZs or GBPs (Figure 102). Since ' precipitates were extremely fine
(Figure 102) (it was not possible to measure their size), as would be expected since cooling
from the FSP temperature (~450-500°C) would have been rapid and no elevated temperature
ageing was carried out.

It is expected that the size of ' is partly due to ageing at room

temperature after processing since ' in Al-Li is known to be prone to room temperature
ageing [34].
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Figure 100 TEM of FSP of Al-Li 8090 (FSP 1727 0.6 μm) a) high magnification with a few dislocations
inside grains, and b) diagram indicating the image was taken approximately 2mm from the top specimen
surface, well away from the heat affected zone.

Figure 101 Dark field TEM of FSP 8090 Al-Li (specimen 1728) refined region showing FSP + 40 days
room temperature ageing, with ' in the grain and absence of PFZ at the grain boundary (arrowed).
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Figure 102 Bright field TEM image of FSP 8090 Al-Li (specimen 1728) refined region (corresponding
image to Figure 101) showing FSP + 40 days room temperature ageing with ' in the grain and absence of
PFZ at the grain boundary (arrowed).

9.2.3 High-Pressure Torsion Microstructure (8090)
9.2.3.1 Grain Morphology and Microstructure
HPT was conducted on disks of 8090 (solution treated condition). Initial sample sizes varied
from larger disks of 14mm to smaller disks of 8mm. The susceptibility of the material to
shearing/fracturing in the die reduced with smaller disk sizes. Despite this, subsequent tests
utilised larger disk sizes (~ 30mm diameter) so that fracture tests could be carried out since
smaller sized disks would limit the fractured area. The conditions for HPT for all tests are
documented in Table 6.

Since processing via HPT produces grain sizes smaller than that possible to be viewed via
optical microscopy, TEM was carried out to examine the grain size. TEM of as-received
8090 HPT disks revealed a grain size ~ 170nm (Figure 103a), smaller than the grain size of
the finest FSP 8090 (~500nm). Additionally, δ' was present and similar in size to 8090 FSP
(0.6μm) (compare Figure 103b with Figure 102a) and, similar to 8090 FSP (0.6μm), grain
boundary precipitates and precipitate free zones were absent. As for FSP 8090, TEM of HPT
8090 revealed that small grains had mostly high angle boundaries, but dislocation densities
were higher for HPT material than for FSP material.
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Table 6 High Pressure Torsion Processing Conditions

Diameter

Height

Number of

Load

Pressure

(mm)

(mm)

revolutions

(tonnes)

(Gpa)

8

1

5

25

4.87

0.47

8

1

5

30

5.85

0.47

8

1

3

38

7.41

0.47

8

1

6

38

7.41

0.2

8

1

6

38

7.41

0.2

14

2

3

35

2.23

0.47

14

2

2

38

2.42

0.47

14

2

3

38

2.42

0.47

14

2

3

38

2.42

0.47

14

2

3

38

2.42

0.47

14

2

1

39

2.48

0.47

30

5.4

3

176.7

2.45

0.067

30

5.4

2

176.7

2.45

0.067

30

5.4

3

176.7

2.45

0.067

30

5.4

6

176.7

2.45

0.067

30

5.4

6

176.7

2.45

0.067
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Speed (rev.per min)

Figure 103 TEM of 8090 as-received HPT disks (processing conditions: 8mm disks, 3 rotations, 38 tons) a)
bright field, b) dark field showing fine grain size and fine δ' precipitation
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9.2.4 High-Pressure Torsion Microstructure (AA5091)
9.2.4.1 Grain Morphology, Microstructure and Carbides & Oxides
HPT was conducted on AA5091 solution treated disks, at room temperature, with processing
conditions as outlined in Table 7. Larger disks were encapsulated in a ring of pure aluminium
to avoid fracture in the die. Despite this, cracking initiated in the sample (not in the
aluminium ring) and traversed the center of the sample (Figure 104). If the aluminium ring
was not present the sample would have fractured into two disks.

Figure 104 Cracking present in disks of AA5091 (encapsulated in a ring of pure aluminium) a) low
magnification, showing crack traversing the length of the specimen and b, c) high magnification showing
crack initiation within the pure aluminium ring.
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Table 7 AA5091 processing conditions

Diameter

Thickness

Number of

Pressure

Load

Speed

(mm)

(mm)

revolutions

(GPa)

(tons)

(rev.per min)

12

1.2

2

3.29

38

0.2

12

1.2

4

3.29

38

0.2

30

5.4

2

2.45

176.71

0.07

30

5.4

1

2.45

176.71

0.07

30

5.4

2

2.45

176.71

0.07

30

5.4

3

2.45

176.71

0.07

30

5.4

3

2.45

176.71

0.07

30

5.4

6

2.45

176.71

0.07

* Some samples were encapsulated in a ring of aluminium (AlCuMgPb) before deformation to avoid
crack formation.

As detailed in section 9.1.3, electropolished samples of AA5091 as-received contained a fine
distribution of oxides and carbides. HPT of AA5091 did not seem to break up the oxides and
carbides (Figure 105). TEM revealed that the microstructure of as-received HPT 5091 was illdefined probably due to the high dislocation density introduced after processing. The grain
size was estimated at ~80nm from TEM images although cannot be determined more
accurately by TEM, since the grains were indistinct, obscured by the extremely high
dislocation density (Figure 106). Due to the small grain size, it was extremely difficult to use
the centered dark field technique to determine δ´ size after HPT processing.
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Figure 105 SEM (secondary electron image) of electropolished surface of HPT 5091 showing approximate
size and distribution of coarser oxides and carbides. Compare with non-processed electropolished
material, Figure 83.

Figure 106 TEM of HPT AA5091 showing a very small, ill-defined grain size, with possible grain
boundaries arrowed.
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9.2.5 High-Pressure Torsion Microstructure (Al-Li-Zr)
9.2.5.1 Grain Morphology
High pressure torsion on disks of solution treated experimental alloy Al-Li-Zr were also
conducted and processing conditions for Al-Li-Zr alloys are detailed in Table 8. Disk sizes of
~12mm were prone to fracturing in the die, so the disk sizes were reduced to 8mm. The
grains of HPT Al-Li-Zr were approximately 200nm, and were equiaxed in morphology
(Figure 107). The dislocation density within grains after processing was less than that of HPT
8090 (Figure 108). High magnification imaging was not conducted for this alloy but it is
expected that fine δ´ would be present in grains, in the solution treated condition, after room
temperature ageing.

Table 8 Processing Conditions for HPT of Al-Li-Zr

Diameter

Thickness

Number of

Pressure

Load

Speed

(mm)

(mm)

revolutions

(GPa)

(tons)

(RPM)

14

2

5

1.59

25

0.47

14

2

5

1.59

25

0.47

14

2

5

1.59

25

0.47

14

2

5

1.59

25

0.47

14

2

5

1.59

25

0.47

8

1

3

4.87

25

0.47

8

1

3

4.87

25

0.47

8

1

3

4.87

25

0.47

14

2

5

1.91

30

0.47
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Figure 107 TEM image of HPT Al-Li-Zr, showing grain size of ~200nm

Figure 108 TEM of HPT of Al-Li-Zr, showing dislocations present within grains.
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9.3 Hardness of Processed Material
9.3.1 Hardness after Friction Stir Processing (8090)
Processing conditions for FSP plates were: a fixed tool shoulder diameter (12.7mm), pin
depth (3.2mm) and pin diameter (~3.8mm), and variable tool rotation and speed, except for
weld number 1226, with tool shoulder diameter (31mm), pin depth (11.43mm), coarse thread
and conical pin and 4 rectangular passes. Other processing conditions in addition to hardness
(from traverse sections of as-received plates) with indents taken in the processed region
(depicted in Figure 109) are presented in Table 9. For single pass processed material, a lower
tool rotation and higher processing speed promoted higher hardness values. The highest
hardness value was obtained from specimen 1732, which also exhibited defects and cracking.
Specimens 1727 and 1728 with a grain size of ~600nm had Vickers hardness values of ~103.

Figure 109 Schematic diagram showing the location of the hardness indents with respect to the processed
region. Note indents were made well away from the boundary between the unprocessed region and nugget.

Table 9 Hardness Values in FSP Processed Regions (as depicted in Figure 109)

Plate

Tool Rotation

Speed

Vickers

Designation

(RPM)

(mm/min)

Hardness (1kg) (±5)

1726

225

25.4

92

1727

225

50.8

103

1728

225

76.2

103

1729

300

25.4

84

1730

300

50.8

87

1731

300

76.2

87

1732

175

25.4

120

1733

175

50.8

106

1734

175

76.2

110

1226

400

76.2

110
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Microhardness traverses of specimens 1726, 1727 and 1728 on transverse sections across the
FSP and adjacent non-processed areas were conducted. A plot of distance vs. microhardness
(Figure 110) shows:

i)

much lower hardness across the FSP region (average~100 HV) compared with
unprocessed T8771 plate (average~140),

ii)

a heat affected zone (HAZ) spanning a distance of ~2 ½ mm, and a gradual
increase in hardness from the HAZ to the unprocessed region, and

iii)

a small peak in hardness between the FSP region and the start of the HAZ.

Figure 110 As -received FSP 8090 microhardness taken normal to transverse section with plate
designation 1726, 1727 and 1728 (see Table 9), showing FSP, heat affected zone (HAZ) and unprocessed
T8771 plate.

Microhardness traverses of FSP 1226 (10μm grain size) were taken across the processed
regions. Since FSP 1226 consisted of four rectangular passes, two regions of the transverse
section were selected to conduct hardness traverses as shown schematically in Figure 111.
From the edge of the specimen to ~2.5 mm, the hardness was lower for one traverse (blue)
than the other traverse (black), probably because in one the tool was retreating and the other
the tool was advancing and these require different levels of heating. For example, during
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advancing, the processed material travels less distance since the processing has only just
started, and hardness increases are probably due to decreases in grain size. During retreating
material from the advancing stage could be moved to the retreating stage and hence there is
greater distance for material to flow, and a larger amount of heating associated (hence more
potential for precipitation to occur).

A drop in hardness was observed between the processed

region and the HAZ, much like the single passes, but the decrease in hardness occurred over a
larger distance.

Figure 111 As -received FSP 8090 microhardness taken normal to transverse section with plate
designation 1226 (~10microns). Inset shows the geometry of the last FSP run, and the locations of the
hardness traverses with respect to them. Note that R and A indicate Retreating and Advancing sides,
respectively.

9.3.2 Hardness after HPT
9.3.2.1 8090
The hardness across high pressure torsion disks of 8090 is somewhat symmetrical with outer
edges of disks having quite uniform hardness, but with large dips in centers of disks,
consistent with current literature [165] (Figure 112, Figure 113). Smaller disks have more
uniform hardness, since there is a narrowing of the center dip (Figure 112). The variation in
hardness through the HPT disks was also determined, and it was found that the hardness
decreased as the mid-thickness of disks was approached (Figure 113). For example, upon
Page 117 of 249

initially polishing ~0.8mm below the surface (required to obtain a clear surface for the indents)
the hardness at the outer edges of the disk was approximately 230 HV, but on further
polishing, to midthickness, the hardness dropped to 195HV. The value of hardness for 8090
within 2mm from the edge of disks was 190-220 HV (Figure 112, Figure 113) a substantial
increase compared with 8090 T8771 (~140 HV).

Figure 112 Hardness (1kg load) across 14mm and 30mm HPT disks (orientation of indents as shown in
diagram), processed to saturation, indicating hardness variation.

Figure 113 HPT 8090, hardness (1kg load) vs. depth through the thickness. Thickness of disks and
position hardness indents were taken across disks is indicated in the diagram. Note 2mm is the asreceived thickness.
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9.3.2.2 AA5091
After HPT of AA5091, the hardness increased from 145, in as received non-HPT to ~225-250
HV, depending on processing conditions. Comparing disks of the same size, same pressure
and loading conditions, but different number of rotations, it was observed that the dip in
hardness at the center of the HPT disks became narrower as the number of rotations was
increased (Figure 114).

Figure 114 Hardness vs. distance from edge of disk for samples of varying numbers of rotations, showing
that as the number of rotations increase the hardness variability decreases. (Hardness taken after a polish,
~0.5mm below the surface)

9.3.2.3 Al-Li-Zr
The as-received hardness of the Al-Li experimental alloy was approximately 50 HV. After
high pressure torsion, the hardness within 2mm from the edge of the disk increased to
~116HV (Figure 115). Once again the traverse of hardness across the disk consisted of a
large dip in the center of the disk. The hardness achieved by high pressure torsion of Al-Li-Zr
(116HV) was less than that of high pressure torsion 8090 (190-220 HV) and AA5091
(250HV).
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Figure 115 Variation in hardness across the center of a HPT disk of Al-Li experimental alloy. Processing
conditions: 5 revolutions, 25 tons. Approximately 0.05mm removed from surface before testing.

9.4 Grain Stability after Grain Refinement
9.4.1 Friction Stir Processed Material
Regions of abnormal grain growth were observed upon solution treatment (545ºC 5mins,
water quenched) of 8090 Al-Li FSP multiple pass material. These large grained regions
appeared to emanate from the bottom of the onion rings, especially in regions where the FSP
process had overlapped (Figure 116, Figure 117). The regions where this grain growth forms
in the solution treated specimen corresponds to the regions where the most grain refinement
was observed in the as-received condition. High magnifications of abnormal grain-growth
regions show grain boundaries pinned by bands of small second phase particles (Figure 118).

Figure 116 Optical Macrograph of FSP 8090 (multiple passes, plate no. 1226) after solution treatment
(545ºC for 5mins CWQ), showing abnormal grain growth (A) occurring towards the bottom of the FSP
region and along the banded onion-ring structure.
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Figure 117 Optical Micrograph of FSP 8090 (after solution treatment) of region designated A in Figure
116, showing abnormal grain growth following banded onion-ring structure.

Figure 118 Optical Micrograph of FSP 8090 (after solution treatment) showing high magnification of
abnormal grain growth in Figure 117 with grain boundaries pinned by bands of second phase particles.
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Three processed plates from the second set of specimens (designated 1726, 1727 and 1728)
were solution treated (1min at 545ºC) and then aged (97hr at 170ºC). Variable amounts of
grain growth were present throughout the FSP area (Figure 119, Figure 120). The serrated
region of specimen 1727, that was towards the bottom of the processed region, showed
greater amounts of grain growth than surrounding regions (Figure 119). The serrated-like
patterns of this specimen seem to behave similar to the onion-ring regions in the 1st group of
specimens with abnormal grain growth forming in the serrated regions and particles pinning
grain boundaries.

Figure 119 Optical Metallography of etched transverse section of FSP 8090 (specimen 1727, traverse speed
50.8mm/min) solution treated and aged showing a) montage, b) abnormal grain growth in serrated
pattern, and c) variable grain size. Note specific locations are arrowed.
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Figure 120 Optical metallography of etched transverse section of FSP 8090 (specimen 1728, traverse speed
76.2mm/min) solution treated and aged, showing a) montage of processed area and b), c) variable grain
size of regions 1 and 2 (respectively) as indicated in a).
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9.4.2 High Pressure Torsion Material
Solution treatment for a few minutes of HPT Al-Li experimental alloy, and HPT 8090
produced grain growth (Figure 121, Figure 122). The extent of grain growth of HPT Al-Li
8090 was smaller than that of the HPT Al-Li experimental alloy. Electropolished optical
micrographs also revealed constituent particles present after solution treatment for both alloys
(Figure 121, Figure 122b). Constituent particles had a larger range of size distributions for the
Al-Li experimental alloy than for the 8090 alloy, where most particles were ~2-3μm in size.

Figure 121 HPT (25tons, 14mm diameter, 5 rotations) Al-Li experimental a) TEM of as received specimen
with small grain size and b), optical micrograph of polished and etched sample (solution treated for 5 mins)
showing grain growth.
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Figure 122 HPT 8090 a) TEM of as received condition showing a small grain size (170nm) and b) optical
micrograph of polished and etched region solution treated (545°C for ~5mins), showing abnormal grain
growth.
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9.4.3 Equal Channel Angular Pressed Material
To examine grain stability, the ECAP microstructure was also solution treated (545ºC for 1
min). Much like the FSP and HPT results, the solution treatment altered the microstructure
from small grains obtained after processing to much larger grains (Figure 123). For ECAP,
stress relief (at lower temperatures) by application of different heat treatments was employed
to try to avoid this grain growth but was not successful. Microstructures like those of Figure
124 were produced after subsequent solution treatment and consisted of large grains with
intragranular precipitates.

Figure 123 Optical micrographs of ECAP specimen (four passes) in a) as-processed condition and b) after
solution treating (545ºC for 1min). Note that it is not possible to distinguish the grains in a).

Figure 124 Optical micrographs of ECAP specimen (four passes) after stress relieving then
solution treating.
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10 Discussion – I
10.1.1 Effect of Processing Conditions on Microstructure
In agreement with other published data [163, 164, 166], grain size of friction stir processed Al
alloys can be controlled by reducing the amount of heat input – via altering processing
conditions. For the current project, evidence for an increase in refinement with a decrease in
heat input was first observed in the initial FSP trials where the plunge and extract method was
used to limit heat accumulation, achieving a 1-2m grain size. In the second set of FSP tests
in which a ~ 600nm grain size was achieved, heat input was controlled by immersing the
specimen in a dry-ice and antifreeze bath prior to and during processing, but also by reducing
the tool rotation speed from 400 to 175-300 RPM. In the literature, FSP can usually achieve
grain sizes of 0.5-10μm [156, 167-171], but a paper that combines i) the plunge and extract
method, ii) cooling with a mixture of dry ice and isopropyl prior to and during the plunge and
iii) utilising a low rotational speed (200RPM) has achieved grain refinement in the range of
50-100nm for 7050 T76 [163]. A plunge and extract method would not be practical as a
surface refinement technique for industry, as it would take a long period of time to process a
small region of material compared with conducting a single pass. A more general description
of processing conditions for FSP is given in §9.3.1.

Cracking and porosity present in one of the welds of the 8090 FSP alloy (with fastest speed
25.4 mm/min and fastest tool rotation, 175 RPM), probably occurred because there was
inadequate time for sufficient material flow. A recent paper (involving FSP of 7075) which
used a mixture of methanol, water and dry ice to quench the plate behind the FSP tool, also
found processing defects (porosity) present, but in that case it was not due to a change in
speed or RPM (speed was 120mm/min and tool rotation 1000rpm), but due to employing a
higher cooling rate (determined by adjusting the volumetric flow rate) [164]. Porosity was
produced because there was insufficient thermal energy transferred to the material, and hence
material could not satisfactorily flow around the tool. Hence, to avoid cracking and defects
fast speeds should be avoided and heat input should be sufficient. Heat inputs are minimised
for the production of fine grain sizes, but should be sufficient for material flow and the
avoidance of defects. A reduction in heat input is likely to limit recrystallisation and growth
and hence lead to the production of finer grain sizes.

Page 127 of 249

Flow of the material around the tool during FSP produced so called ‘onion rings’. The origin
of these rings and the effect of these on properties are not well understood. It has been
suggested, and seems likely that ring formation is due to the rotation and forward movement
of the tool. The spacing of the rings has been found equal to the forward movement of the
tool in one rotation [162]. This is probably correct from the rings observed on the surface of
the sample (with rings formed from the tool shoulder), but across etched transverse crosssections of material observed in the present research, this does not seem correct. For example,
in Figure 89 (FSP single plunge) where no traversing of the tool was conducted, onion rings
were still present. Also, if the spacing of the rings is related to the forward movement of the
tool in one rotation, then the rings should be equally spaced, but FSP images (Figure 89b and
Figure 90b) do not reflect this. Instead etched transverse sections show that in the onion ring
inner rings are more widely spaced than outer rings. The lighter and darker etching bands of
the rings of as-received FSP specimens are probably due to different degrees of refinement,
(i.e. finer grain sizes correspond to lighter etching) although there was no experimental
evidence to support this suggestion (hardness tests revealed similar hardness values across
different etching regions).

The hardness across FSP transverse sections was found to vary considerably (Figure 110)
especially within the HAZ. The initial increase in hardness towards the surface of the plate is
probably due to the tool shoulder which would be expected to provide a considerable amount
of friction and processing. The reason for the small peak in hardness between the HAZ
boundary and the processed plate is largely due to the stress distribution. (i.e. when the tool is
plunged into the plate, the material beneath the tool is forced downwards onto unprocessed
material leading to refined material with high strain accumulation, and hence an increase in
hardness is observed). When the stresses have diminished, the effect of the processing is only
to heat treat unprocessed plate – effectively overageing peak aged material, leading to a
decrease in hardness. Finally the large increase in hardness from the HAZ to the unprocessed
8090 T8771 plate is expected since the heat distribution in unprocessed material becomes less
and less affected by the heat from the processing and becomes more like the original 8090
T8771 plate.

Constituent particle stringers (~60μm in length) typically present on grain boundaries in 8090
were broken up after FSP with the extent of break-up dependant on processing conditions. For
example, when the processing conditions were optimised to avoid excessive heating, the grain
refinement and particle break-up was larger (confirmed by smaller spacing and sizing) but
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when the processing conditions were not optimum (resulting in excess heating) the grain size
reduction was less and the spacing and sizes of particles were larger. Hence, with a greater
extent of microstructural refinement (smaller grain size) the particles also became more
broken-up.

Similar particle break-up of long particles during FSP processing has been

observed by others with initial particle lengths of ~ 100μm [172], Unlike 8090, HPT of
AA5091 did not break-up carbide and oxide particles, because particles were spherical and
sizes were smaller (~ <1.5μm). Spherical shaped particles provide better resistance to fracture
since they have the smallest possible surface area for a given volume.

High Pressure Torsion (HPT) of aluminium alloys typically results in a variation of grain
refinement from the centre to the edges of disk specimens (where centres are less refined than
edges of disks) because the shear strain varies across the disk, being greatest at the edges and
least in the centre. At high imposed strains the central region narrows and microstructures
across disks become relatively homogeneous. This non-uniformity in processing is typically
reflected in hardness traverses across disks [68, 71, 72], as confirmed herein. The
microstructure across disks becomes more uniform if the pressure or the number of
revolutions is increased, as has been shown by many [68, 71, 72, 173] , and is also reflected in
the present work. The reason for a non-refined region at the centre of disks is due to the nonuniformity in the processing, because the shear strain varies across the disk from the edge to
the centre (where the centre = 0). A more general description of HPT and its characteristics,
is given in §8.2.3.

An issue with both HPT and ECAP is the tendency of fracture of the aluminium alloys in the
die, as has been observed in this project, and has been observed by others [174, 175]. The
application of back-pressure (for ECAP) or decreases of sample size (for HPT) have been
shown to avoid this problem since both these processes induce high hydrostatic stresses. In
the case of ECAP of Al-Li alloys in the current project, the application of back-pressure was
not sufficient to avoid cracking, and a greater increase in hydrostatic stress would probably be
required. In terms of HPT, the hydrostatic stress increase via a decrease in sample size was
great enough to avoid shearing. Cracking during ECAP can also be avoided by heat-treating
the alloy, since the presence of large, coarse precipitates promotes dislocation bowing and the
material is softer (yield strength and hardness is lower). Softer material promotes better flow
of metal during processing, and hence a decreased susceptibility to fracture.

ECAP at

elevated temperatures was not carried out since it was anticipated that it would result in a
larger grain size than required for the current project.
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10.1.2 Grain Refinement and Hall-Petch Relationship
The differences in hardness between processed (HPT and FSP) and non-processed material
(8090, 5091 and Al-Li-Zr) prior to artificial ageing are probably largely due to differences in
grain size and solute content as other differences are minor, as discussed below.

All

conditions either exhibited or are expected to exhibit fine δ' precipitation, since it is not
possible to suppress δ' precipitation in high lithium containing alloys even by rapid quenching.
A small amount of ageing at 20C would have occurred prior to processing for all conditions,
which may influence δ' size since increases in hardness with natural ageing have been
observed ( Figure 125) [176].

Figure 125 Vickers Hardness of various Al-Li based alloys aged at room temperature [176]. Note VPN is
the abbreviation for Vickers Pyramid Number and is the same as the Vickers Hardness Number or
Vickers hardness.

Oxides and carbides present in as received AA5091 range in sizes from ~0.005 μm to 1-2μm,
and according to strengthening theory, the smaller ones fulfil the requirements for
strengthening - particles dispersions of sizes ≤ 5-30nm and with spacings ≤ 30nm. After
HPT, the larger oxides and carbides would not be expected to contribute to strengthening
since they were not further broken up by the processing. Smaller oxides and carbides are also
unaffected by processing, so the strength increases after HPT are probably due to grain size
strengthening and higher dislocation density.

The FSP material (initially in near peak aged condition) would have been solution treated and
rapidly quenched since i) solution treatment temperatures are attained during FSP, and (ii) the
processing was conducted in a dry-ice and anti-freeze bath. However, the quench would not
Page 130 of 249

have been as severe as for a water-quench since material behind the tool will conduct some
heat from near the tool and beneath the tool shoulder. The HPT was conducted on solution
treated and quenched material and no significant amount of heating occurs largely due to the
slow strain rate and large heat sinks.

Plotting the grain-size data for the 8090, 5091 and Al-Li-Zr, together with other data in the
literature for naturally-aged ultra-fine grained and nanocrystalline Al alloys (and for the solidsolution strengthened 5083 alloy [78]), versus the inverse of the square root of the grain size
indicated an approximately linear relationship, consistent with a Hall-Petch grain-size
strengthening mechanism (Figure 126). Note that although the Hall-Petch equation involves
yield strength, it is generally observed that hardness and strength are roughly proportional.
The slope of the Hall-Petch relationship is different for different materials, with the slope for
bcc metals being 2-4 times higher than FCC metals [80]. The equation for the line of the
plotted data is ~ HV = 44 + 60d-1/2 is steeper than that obtained for torsion straining of Al3Mg, HV = 35.5 + 50.9 d-1/2[77].

The observed deviations from an exact linear Hall-Petch relationship would be expected since:

i)

After HPT there is a high dislocation density present within grains which may
contribute to strengthening.

A high dislocation density also makes grain size

determination difficult (see HPT 5091, section 12.2.4.1).

ii)

Some of the alloys have somewhat larger contributions to strengthening from solid
solution than others, for example, the experimental Al-Li-Zr alloy lies below the
line of best fit probably because its contribution from solid-solution strengthening
is less than the other alloys that contain larger amounts of alloying elements.

iii)

Very fine δ´ in naturally aged Al-Li alloys probably increases strength to some
extent compared with Al-Mg solid solution strengthened alloys.

In examining the slope of the Hall-Petch relationship (Figure 126), it appears that grain size
strengthening only starts to make a major contribution for grain sizes less than 1 µm, as has
also been observed by others [177].
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Figure 126 Hall-Petch plot for some naturally aged (NA) and solid-solution strengthened Al alloys
examined in the present work and data from the literature

10.1.3 Grain Stability

Grain growth which is on the scale of 10’s of microns and occurs after ageing at temperatures
above 300ºC, is often named abnormal. This is observed after ageing SPD material and has
been documented in the literature [178-180] but the extent of grain growth for different
times/temperatures cannot be predicted. Practical consequences are that for materials
subjected to SPD processing, service temperatures may cause grain growth and undesirable
changes in material properties. The present project has looked at this grain growth after a few
minutes of solution treatment for i) FSP alloys with 10μm and 0.6 μm grain sizes, ii) HPT
8090 as received and, iii) HPT Al-Li binary as received.
For solution treated FSP 10 μm material, the grain growth across the sample varies, probably
because the amount of deformation introduced varies. Where there is more grain growth there
were probably larger amounts of internal stresses. This is confirmed from the etched optical
micrographs taken before solution treatment – the areas with larger grain refinement
corresponding to the regions where grain growth was excessive after heat treating. Large
grains seem to be pinned by small particles, with small particles arranged in widely spaced
bands, rather than being uniformly distributed. These small particles may be constituent ironsilicon rich intermetallics (present in the unprocessed material) which become fragmented
during FSP and swept into bands by the material flow.
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For the 0.6 µm FSP materials, a single pass rather than multiple passes were conducted, and
instead of water quenching behind the tool, the sample was immersed in a dry ice and
antifreeze bath prior to and during processing. As a result, the deformation introduced in the
processed region was much more homogeneous, although some variability of processing was
evident in the stir zone with lighter etching regions present. After solution treatment again it
seems that these lighter etching regions (which are probably smaller in grain size) are those
that experience the most grain growth upon ageing, but in this case grain growth is further
retarded because there is an increase in the distribution of constituent particles (with particle
spacings between the particles becoming narrower).

Unlike the FSP material, solution treatment of HPT material resulted in quite homogeneous
grain growth across the complete specimen. The grain growth after solution treatment of HPT
FSP 8090 was less than that of HPT Al-Li experimental alloy probably because (i) the grain
refiners added are more effective in the former than in the latter and/or ii) the amount of
deformation was more in the former than in the latter (reflected by larger grain size).

11 Results - II
Effect of Grain Size on Age-Hardening

11.1 Age Hardening of Ultra-Fine Grained Microstructures
Plots of Vickers hardness vs. ageing time (at 170ºC) of 8090 in (i) as received, (ii) FSP, and
(iii) HPT conditions were produced, with indents taken ~ 2mm from the edge of disks for
HPT, and inside processed regions in FSP (~1mm away from the FSP/non-FSP boundary)
(Figure 127).

Figure 127 Schematic showing the location the indents were made within the processed region
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It was observed that (Figure 128, Figure 129):

1 The refinement by HPT produced an initial hardness of ~200 HV, approximately
double that produced via FSP (~95 HV).
2 The increase in hardness of FSP 8090 (600nm grain size) was smaller than that of
HPT 8090.
3 The peak hardness of FSP 8090 (600nm) was lower than that of coarse-grained 8090,
and also occurred at shorter ageing times.
4 HPT 8090 did not experience a peak in hardness but a decrease in hardness, and
5 FSP 8090 (10μm) material also experienced a peak hardness similar to the 600nm
material, but took a longer time to reach this peak.

Figure 128 Age-hardening response (at 170ºC) of 8090 as-received, HPT and FSP in 30μm, 600nm and
170nm material, as indicated. (note load varies : 5kg for coarse-grained 8090, 200g for FSP 8090 and 1kg
for HPT 8090)
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Figure 129 Age-hardening response (at 170ºC) of FSP 8090 10μm grain size material.

The age-hardening response of HPT 8090 at different temperatures (from 120 to 200ºC) was
determined, and it was observed that (Figure 130):

1

Higher ageing temperatures (200°C and 170°C) required less ageing time before
an initial decreases in hardness, compared with lower ageing temperatures (120°C).
For example, ageing at 120°C required ~ 200h before a decrease in hardness, but
ageing at 170°C required only ~2h before a decrease.

2

Lower ageing temperatures (120°C, 150°C,) produced initial small increases in
hardness before decreases. The increase in hardness required less ageing time for
the higher temperature. For example, ageing at 160°C required only ~ 1h before
the onset of an increase in hardness, but ageing at 120°C required ~10h.

3

At the lowest ageing temperature (120°C), the increase in hardness at ~10h holds
for ~90h before the onset of a decrease, but at temperatures of 150° and 160°C the
increase in harness only holds for a short period of time (1-0.5h).
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Figure 130 Age hardening response of 8090 HPT (taken 2mm in from edge of disks) after ageing at
various temperatures (as indicated). AP - As Processed (as-received) hardness.

Ageing of as-received AA5091 at 100ºC produced a small increase in hardness from 145 to
150 HV which is not significant (Figure 131). The hardness immediately after HPT is ~250
HV for AA5091, which is 50HV higher than that of HPT 8090 (~200HV) (Figure 132).
Ageing HPT AA5091 at 150ºC produced an initial drop in hardness (from 250 to 230 HV),
unlike HPT 8090 (aged at same temperature) which did not exhibit an initial decrease (Figure
132). For both 8090 and 5091, there is a region on the ageing curves that remains constant (i.e.
remains at the same hardness level for a certain period of time). For HPT AA5091, this
constant region is longer, taking a greater period of time before a decrease is observed than
that of HPT 8090.

Figure 131 Vickers hardness versus ageing time at 100ºC for AA5091 showing little or no change in
hardness over the interval tested.
Page 136 of 249

Figure 132 Vickers hardness versus ageing time at 150ºC for HPT 5091 and HPT 8090.

The age-hardening response of the Al-Li experimental alloy at 170°C shows an increase in
hardness with ageing (Figure 133), but that of the HPT Al-Li alloy shows the opposite
behaviour – an overall decrease in hardness with ageing (similar to 8090 behaviour) (Figure
134). Ageing at lower temperatures seems to suppress the decrease in hardness – the lower
the temperature the longer the time required for a decrease to be observed. For example,
ageing at 120°C, results in a decrease in hardness after ~ 300h but ageing at 170°C requires
only 6mins for a decrease. The age-hardening response also shows that any increases in
hardness are not significant.

Figure 133 Age-hardening response of Al-Li experimental alloy at 170°C
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Figure 134 Age-hardening response of HPT Al-Li experimental alloy (grain size ~200nm) at 170°C, 160°C
and 120°C. Hardness taken within 2-5mm from edge of disks, as indicated in diagram.

11.2 Ageing of Deformed Material – Grain size, Matrix and Grain
Boundary Microstructure
11.2.1 Friction Stir Processed 8090

The smallest grain size obtained via FSP for 8090 was approximately 0.6µm (section 9.2.2).
Upon ageing for 32hr at 170ºC (after FSP + 82 days room temperature ageing), δ' was
considerably larger than as-received FSP material (Figure 102, section 11.2.2.4) and PFZs
were present at grain boundaries (Figure 135). Furthermore, ' precipitates in the grains were
of similar size in 0.6 micron FSP (aged 32hr at 170ºC) as 8090 T8771 (Figure 135, Figure
136). The PFZ width in peak aged 8090 (10µm) FSP material was approximately 100nm,
similar to that of non-FSP 8090 T8771, but that of peak aged FSP 8090 (0.6µm) was (~140nm)
(Figure 137,Figure 138). Note that measurements of PFZ widths were limited (a few images
of PFZ’s were taken for each condition), due to limited time and difficulties associated with
applying the centred dark field technique (required to highlight δ´ and PFZ’s) to fine grain
sizes.
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Figure 135 TEM of FSP 8090 (0.6 μm -1727/1728) aged 32hr at 170ºC a) low magnification, bright field b)
single grain, bright field and b) single grain dark field. In the scanned dark field print, the PFZ is not
apparent, but could be discerned in the original negative. Images taken ~1mm from the top surface of
material.
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Figure 136 TEM of 8090 Al-Li showing ' in a) T8771 (aged 32hr at 170°C) non-FSP (dark field) and b)
FSP followed by peak ageing (32hr at 170ºC).

Figure 137 TEM of FSP 8090 (hardness of 140 HV) 10 micron (plate designation 1226) heat treated for
18hr at 170ºC, a) bright field, b) dark field, showing isolated grain boundary precipitate, with no signs of
grain boundary precipitates elsewhere (arrowed). PFZ width ~ 60nm.

Page 140 of 249

Figure 138 TEM of FSP 8090 (hardness of 140 HV) 0.6 micron (plate designation 1727), heat treated for
6hr at 170ºC, a) dark field and b) bright field, with suspected grain boundary precipitate shown in a). PFZ
width ~ 140nm.

11.2.2 High Pressure Torsion 8090
Heat treatment of 8090 HPT resulted in (i) an increase in grain size from the as processed
condition ~170nm to ~250nm after ageing 177hr at 170°C (Figure 139) and ii) the presence of
δ' (Figure 140). It seemed that PFZ’s and GBP’s were not present after ageing 177h at 170ºC
(Figure 140).
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Figure 139 TEM of HPT 8090 disks in a) as received condition and b) after ageing 177hr at 170°C,
showing grain growth from ~170nm to ~ 250nm.
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Figure 140 Dark field TEM images of HPT disk of δ' in a) as received and b) aged (177hr at 170°C)
condition.
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11.2.3 High Pressure Torsion 5091
TEM of HPT of 5091 revealed a grain size of ~ 80nm, and subsequent heat treatment (30h at
150ºC) showed grain growth to ~150nm (Figure 141).

Figure 141 Bright Field TEM of HPT AA5091 a) as-received + some room temperature ageing, with grain
size ~80nm and b), c) after ageing 30hr at 150°C, with grain size~150nm.

TEM of HPT of AA5091 (heat treated 30hr at 150°C), showed an absence of fine δ’
precipitates (Figure 142). PFZ’s did not seem to be present and features resembling stacking
faults were observed (as also observed for HPT alloys [181] (Figure 143).
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Figure 142 Bright field TEM of HPT AA5091 heat treated 30hrs at 150ºC, with corresponding SAD
pattern, showing no obvious presence of δ´ .

Figure 143 TEM of HPT AA5091 aged 30hrs at 150ºC, showing high magnification of region near a grain
boundary (not visible) with suspected stacking faults, as also observed in Al-Mg [181].
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12 Discussion - II
12.1 Effect of Grain Size on Age-hardening Behaviour
The lower peak hardness after ageing of FSP 8090 compared with 8090 coarse-grained cannot
be attributed to δ´ size or spacing, since these were similar to 8090 T8771. Instead, the
lower age-hardening response of fine grained 8090 FSP (600nm) compared with coarsegrained material (with peak hardness of 140 and 160 HV respectively) is probably associated
with a much larger volume fraction of precipitate free zones adjacent to the grain boundaries
for the finer grained material (54% for FSP (600nm) and ~ 0% for coarse-grained 8090)
(Figure 144). The peak hardness of the fine-grained FSP (10μm) material was ~ 145HV,
similar to FSP (0.6μm) which was ~140HV, but much less than 8090 T8771 ~160HV. The
reason for the decrease in hardness of FSP (10μm) compared with 8090 T8771 is probably
due to a change in the FSP processing conditions. i.e. the FSP (10μm) material probably
experienced slower cooling after processing resulting in coarser precipitation during cooling
such that there would be less solute available for precipitation during ageing.
Volume of sphere = 4/3 πr3
Volume of complete sphere (300nm radius) is 113097335.5
Volume of small sphere (white region) is 50965010.42
Volume of ½ PFZ (70nm size) is large sphere – small sphere
= 62132325.11
Volume fraction is volume of complete sphere divided by volume of
½ PFZ = 62132325.11/113097335.5 = 0.54 or 54%
Figure 144 Schematic and calculations of the PFZ volume fraction of 600nm grain size
material.

Ageing HPT 8090 at different temperatures resulted in unusual changes in hardness. At
higher ageing temperatures, such as 200 ºC, grain coarsening during ageing resulted in
grain-size strengthening decreasing more rapidly than strengthening due to precipitation. At
lower temperatures (such as 160C) there were small increases in the initial stages of ageing
before decreases, probably because precipitation hardening initially outweighs softening due
to grain growth, but softening due to grain growth predominates at longer ageing times. For
example, plotting the initial hardness and grain size after processing (200HV, 170nm) and the
hardness and grain size after ageing 170h at 170°C (150HV, 250nm) onto the Hall-Petch plot,
it is shown that, after HPT processing the hardness lies above the line of best fit suggesting
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that the contribution of strengthening is from both precipitation and grain size, but after
ageing (177h at 170°C), the data lies along the line of best fit, suggesting that the contribution
for strengthening is primarily due to grain size.

Similar observations were concluded for

ageing curves of HPT Al-Li, such that at the higher ageing temperature (170°C) grain growth
predominated with a small increase followed by a constant decrease in hardness. At lower
ageing temperatures (120°C) longer times were required for decreases in hardness to be
observed. A more general description of age-hardening characteristics is given in §11.1.

Other age-hardening curve observations have shown that HPT AA5091 behaves differently to
HPT 8090 aged at 150°C. For example, HPT 5091 takes 300h to exhibit a decrease in
hardness but HPT 8090 takes only ~5h. The reason for the great delay in HPT AA5091 for the
decrease in hardness is probably because of the oxides and carbides present in the
microstructure. The oxides and carbides probably initially inhibit grain growth by pinning
down grain boundaries, but at longer times, the requirement for grain growth overcomes the
pinning force of the oxides and carbides. Additionally the ageing curve of AA5091 at 150°C
experienced an initial large decrease in hardness of 20 HV compared with HPT 8090,
probably because the driving force for grain growth was larger for HPT 5091 which exhibited
a smaller grain size (AA5091 (80nm)) compared with 8090 (170nm).

Also, plotting the

hardness and grain size data for AA 5091 with natural ageing (145HV and 0.5μm), HPT 5091
before ageing (250 HV and 80nm) and after ageing ~400 h at 150°C (230HV and 150 nm), it
is shown that the strengthening contribution after ageing is not entirely due to the grain size,
but due to a high dislocation density that is yet to be expelled.

The grain growth observed upon ageing, unusual at such low temperatures was due to high
internal stresses introduced by HPT processing at very high strains (at 20ºC) which
accumulated a high density of dislocations, a severe grain refinement, and upon ageing
resulted in a decrease in dislocation density and grain growth. These internal stresses are
higher than those achievable via traditional plastic deformation techniques, since there is a
larger driving force for grain growth and reduction of dislocation density than “normal”.

Similar increases/decreases in hardness with ageing in other severely deformed age-hardened
materials have been observed for solution treated Al-Ag and Al-Si-Ge alloys processed by
ECAP (at room temperature) (Figure 145, Figure 146) [182]. Ageing the ECAP material at
200ºC or 150 ºC produced continuous decreases in hardness but at 100ºC, gradual increases
were observed. The following examines these two papers in terms of the Hall-Petch plot.
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In that study, for Al-Ag, the increase in hardness at the lower temperature was attributed to
fine precipitation and the overall decrease at the higher temperature was due to a combination
of coarser grain size (growth from an initial 0.5µm to 1µm) and coarser precipitation.
Plotting the details of the Al-Ag data on the Hall Petch plot, the initial hardness obtained after
ECAP lies close to the line of best fit data on the Hall-Petch plot (although slightly deviates),
suggesting that the increase in hardness after ECAP is mainly due to grain size reduction (not
precipitation). The reason for the slight deviation from the line of best fit is thus likely due to
differences in solid solution strengthening and the extent of dislocations present. A decrease
in the hardness at the higher temperature to 50 HV obtained after ageing ~100h, with an
estimated grain size of ~1μm is, as noted by the authors, probably attributed to a combination
of grain growth and coarse precipitation, since the plotted data lies well below the line of best
fit for the Hall-Petch plot. The increase in hardness from ~80-90, in ~100h is probably
attributed to fine precipitation, although the plotted data does not lie above the line of best fit
as expected, probably due to the reasons mentioned above.

For the Al-Si-Ge alloy, the hardness remained constant at the lower temperature, but
decreased continuously at higher temperatures. A fine distribution of particles present after
ECAP was considered responsible for the retainment of hardness at the lower ageing
temperature, but no discussion about the decrease in hardness with ageing was conducted.
There was insufficient information about the grain size of the processed material, and hence it
was not possible to examine the contribution of grain size strengthening vs. precipitation
strengthening using the Hall-Petch plot.

Figure 145 Vickers microhardness vs. ageing time at 100°C (373K) and 200°C (473K) for Al-10.8wt% Ag
alloy solution treated (ST) and solution treated +8 passes of ECAP. [182]
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Figure 146 Vickers microhardness vs. ageing time determined for the Al-1.0wt%Si-2.2wt%Ge alloy after i)
8 passes of ECAP and ii) after solution treatment [182]

Other observations of grain growth have also been made in solution treated Al-Mg and AlMg-Si alloys aged from ~150-350°C at times from ~15mins up to ~1hr following ECAP at
room temperature [178, 179]. Grain growth has also been observed in a heat treated ECAP
Al-Mg-Li-Zr alloy 1420, with processing conducted at 370°C [74]. In this case the thermal
stability of the alloy (with grain size after ECAP of ~ 1.6μm) was investigated by annealing
samples from 0.5h to 3h, and heat treating at 150, 250, 350 and 450°C.

At the highest

temperature, (450°C), the grains grew to ~13μm after 3h, but at the lowest temperature
(150°C) the gain size was only ~1.4 μm (Figure 147). This behaviour was similar to that
observed in the present work, whereby significant grain growth occurred at ageing
temperatures as low as 120°C after processing.

Figure 147 The mean grain size of ECAP Al-Mg-Li-Zr alloy 1420 upon ageing at different times and
temperatures [74]
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Unlike HPT material, no grain growth was observed for FSP material upon ageing. The
reasons for the difference are related to the processing. For HPT, the shear strains introduced
during the processing are large, resulting in a very high dislocation density. Additionally, the
processing occurs with little if any heating, hence any excess energy (from the large amounts
of dislocations) cannot be relieved and is relieved upon subsequent ageing. For FSP, the
strains during the processing are not as severe as those of HPT processing, and
microstructures do not contain such excess amounts of dislocations. Heating occurs during
processing, and excess energy introduced (dislocations) is somewhat relieved. Hence,
subsequent ageing does not lead to grain growth. Similar arguments can be established for the
formation of PFZ’s and GBP’s which have been observed in aged FSP but not aged HPT
materials. For example for HPT material, excess energy produced by the processing would
need to be relieved first (by grain migration) before PFZ’s or GBP’s can form, although no
such excess energy would need to be relieved by materials subjected to FSP. The reason for
an absence of GBP’s and PFZ’s in materials subjected to HPT may be possibly due to the
change of grain boundary character (i.e. a change in the grain boundary plane or a change in
grain boundary angle).

Current observations in the literature though, suggest that HPT

produces high angle boundaries for aluminium alloys (Al-3Mg-0.2Sc and Al-5.7Mg-0.32Sc0.4Mn) [68, 183, 184], which conventionally are expected to exhibit PFZ’s and GBP’s,
suggesting that grain boundary angle does not have a great influence upon PFZ formation.
This conclusion is substantiated by evidence from a rapid solidification processed (RSP) AlLi alloy that PFZ’s form even though misorientations between angles are low (<10°) [185].
The presence of PFZ’s in HPT material has not been detailed in the literature to date, but
could probably be ‘produced’ upon long term ageing of this refine-grained material.
For the aged FSP material, the reason for the presence of PFZ’s and GBP’s is due to the
processing. For example, the large shear strains that accumulate during processing and result
in excess dislocation density in HPT were not involved for FSP processing, allowing the
microstructure to form GBPs and PFZs upon ageing. The reason for the sparcity in GBP’s in
FSP aged material compared with 8090 T8771 was also probably related to the processing
conditions. The FSP processing was conducted at temperatures (500°C) approaching the
solution treatment temperature of 8090 (545°C) and was submerged in an antifreeze bath (at
temperatures <20°C), and hence may have produced a faster quench rate than normal
(normally quenched into tap water). A faster quench rate would suggest little time for
nucleation of precipitates, which may be the reason for the few precipitates observed at the
grain boundary and the narrow PFZ.
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13 Results - III
Fracture Behaviour vs. Slip Morphology & Solute Content
13.1 Observations of Fracture and Slip
13.1.1 8090
13.1.1.1 8090 T8771 Slip
Optical and SEM images revealed that both wavy and planar slip lines were present on 8090
T8771 bend specimens (Figure 148) and that wavy slip lines were more widely spaced than
planar slip lines (Figure 149). Planar slip spacings of were ~1μm and wavy slip spacings
were~ 10μm as estimated from SEM imaging, Figure 149. Contrast interferometry across
wavy and planar sections revealed that wavy slip lines were associated with larger height
offsets than planar slip lines, since there was a large change in contrast across wavy slip lines
compared with that across planar slip lines (Figure 150).

Scanning laser confocal microscopy of 8090 T8771 confirmed previous observations that
planar slip lines are associated with smaller heights and spacings than wavy slip lines (Figure
151 Figure 152). Average height measurements and spacings were 0.13 and 6.25μm for
planar slip lines and 0.22 and 13.3 μm for wavy slip lines, respectively. Note that height and
spacing measurements were taken close to the hardness indent (used as a marker) hence the
reason for the slope of the graphs - downward or upward depending on the way the trace was
conducted, i.e. towards or away from the indent. The reason for the difference between the
planar slip spacing estimated via scanning electron microscopy (~1μm) and that estimated via
scanning laser confocal microscopy (~6.25μm) is due to the lateral resolution of the latter,
which is poor (only as good as an optical microscope with a 20x lens).

3-D image

representations of planar and wavy slip lines as produced with the confocal microscope are
presented in Figure 153, and also confirm that wavy slip lines are associated with larger
heights and spacings than planar slip lines. Confocal microscopy also revealed bumps and
serrations on planar /wavy slip lines that were determined as being due to its low lateral
resolution. Planar slip lines were inclined parallel with the maximum shear stress, ~ 30-40°
from the rolling direction and constituent particles were present on grain boundaries. Wavy
and planar slip lines seemed mostly confined to individual grains although along low angle
boundaries, some cross-over into adjacent grains was present, Figure 148. Occasionally slip
was present in two directions within individual grains.
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AFM of 8090 T8771 of four slip lines showed heights of smaller planar slip lines ranging
from ~0.15μm to 0.05 μm, and spacings from 2 to 6μm (Figure 154). TEM of 8090 T8771
(rolled by 9%) revealed that planar slip appears as bands of dark contrast, and although it was
difficult to observe, are likely to contain large amounts of dislocations (Figure 155). Bands
probably correspond to slip lines observed optically.

Figure 148 Optical micrograph of 4-point bend test of 8090 T8771 strained by 3% showing coarse wavy
slip lines (1), fine planar slip lines (2) and slip that traversed into adjacent grains (3).
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Figure 149 SEM images of slip lines of electropolished 8090 T8771, strained 4%, 4 point bend test, a)
planar slip and b) wavy slip, showing smaller slip spacings associated with planar rather than wavy slip
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Figure 150 Optical microscopy of electropolished 8090 T8771 4-point bend specimen, (note indent on
right side, used as a marker) strained 4% a) bright field b) interference contrast and c) interference
contrast interferometry, showing more abrupt slip heights associated with wavy slip lines.
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Figure 151 Confocal microscope images of 8090 T8771 4-point bend sample showing planar and wavy slip
lines near indent added as a locator.

Figure 152 Scanning laser confocal microscope images of 8090 T8771 4-point bend samples showing slip
lines a) planar slip lines and b) wavy slip lines, showing that planar slip lines are associated with smaller
slip heights and spacings than wavy slip lines. Note all measurements are in microns.
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Figure 153 Scanning Laser Confocal Microscope 3-D images showing a) wavy slip lines and b) planar slip
lines.

Figure 154 AFM of 8090 T8771 (transverse plane) deformed 8% showing a) micrograph of slip steps on
the surface and b) a plot of slip heights with distance, along the section indicated in a). Note the arrows in
a) correspond to the arrows in b).
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Figure 155 TEM of Slip lines in 8090 T8771 T/3 rolled 9%, showing grain boundary and bands of high
dislocation density (arrowed).

13.1.1.2 8090 Fracture
Overload fracture surfaces of 8090 T8771 showed predominantly brittle intergranular fracture
and were characterised by relatively flat featureless facets with particle-pull-out due to
precipitation, Figure 156. High magnification SEM images of brittle intergranular fracture
surfaces of under-aged 8090 (solution treated and aged 5hr at -60ºC) revealed an area of
“localised” dimples on brittle intergranular facets (Figure 157). Confocal microscopy of
brittle intergranular facets revealed bumps that were not observed by SEM (Figure 158).

Figure 156 8090 T8771 (T/3 position) fracture surface of cantilever bend test at 20ºC showing
predominantly brittle intergranular fracture (particle pull-out due to precipitation is also present).
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Figure 157 SEM micrographs of 8090 (solution treated, aged 5hr at 60ºC and cantilever bend tested at 60ºC) a) low magnification showing brittle intergranular facets and b) high magnification showing
isolated localized ductility (dimples) ( arrowed).
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Figure 158 8090 aged 5hr at 60°C and fractured at -196°C a) Confocal microscope and b) SEM image of
same regions 1,2,3 and 4 showing brittle intergranular facets.

13.1.1.3 8090 FSP Slip Observations (10μm grain size)
Optical microscopy of the surfaces of FSP 8090 (10μm, aged to peak) bend tests revealed
predominantly planar slip lines within grains, with only a few wavy slip lines (Figure 159).
These planar slip lines were characterised by smaller slip spacings than 8090 T8771, and were
difficult to image but were highlighted by using Nomarski imaging. Grains were equiaxed,
and constituent particles decorating grain boundaries were present. Slip lines were also
inclined 30-40° to the rolling direction and were restricted to individual grains.
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Figure 159 optical micrographs of electropolished 4-point bend test samples strained 4% a) 8090 T8771
and b) Nomaski imaging of FSP 8090 1226 (10 μm) aged 18h at 170ºC, ~140HV showing fine slip spacings
for 10µm grain size material.
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13.1.1.4 8090 FSP Fracture (10 μm grain size)
Overload fracture surfaces of FSP peak-aged 8090 (10µm) at 20ºC (from the initial FSP tests)
were intergranular, but unlike 8090 as received, intergranular facets contained a large amount
of dimples (Figure 160).

Fracture tests of 8090 FSP (peak aged) conducted at -196ºC

revealed a transition to a more brittle intergranular fracture, with smaller regions containing
dimples (Figure 160). At high magnifications, intergranular facets (which seemed absent of
dimples at low magnifications) were show to contain small localised dimples (Figure 161).
Some particles were also present inside some of the larger dimples present on intergranular
facets, which are probably precipitates (Figure 161).

Figure 160 SEM micrograph of fracture surfaces of cantilever bend tests of FSP 8090 (10μm) (~140HV)
conducted at a) 20ºC, and b) -196°C showing reduced amounts of dimpled intergranular fracture after
testing at -196°C. (More ductility than coarse grained 8090, Figure 156)
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Figure 161 SEM images of overload fracture surfaces of FSP 8090 conducted at -196°C, (10microns) (aged
to hardness ~140 HV) showing small localised dimples on intergranular facets and some particles inside
larger dimples (arrowed).
Page 162 of 249

13.1.1.5 8090 FSP Slip Observations (0.6μm grain size)
Slip lines around hardness indents (1kg load) of peak aged FSP 8090 (0.6μm grain size) were
compared to those of 8090 peak aged (32h at 170°C). Slip lines were planar and pronounced
around indents in 8090 T8771 but only a slight surface rumpling was present around indents
in FSP 8090 (Figure 162). Optical microscopy also revealed constituent particles present on
electropolished surfaces which were finer and more homogeneously distributed for FSP
(0.6μm) than for 8090 T8771. TEM of peak aged 8090 FSP (0.6µm) rolled 9% revealed i) a
homogeneous distribution of dislocations dispersed inside grains and ii) constituent particles
within grains ( Figure 163).

Figure 162 optical micrographs of hardness indents (load 1kg) on electropolished surfaces of a) 8090 peak
aged, showing planar slip lines [14] and b) 8090 FSP 8090 1726 (0.6 micron) aged 6h at 170ºC (140HV),
showing non-resolvable features.
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Figure 163 TEM of 8090 FSP refined region (0.6 μm) aged 6h at 170 (140HV) rolled (9%) showing
dislocation distribution and constituent particles within grains (arrowed).
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13.1.1.6 8090 FSP Fracture (0.6 μm grain size)
A cantilever bend test of peak-aged ultra-fine-grained (UFG) 600nm 8090 with a rectangular
notch inserted at the bottom of the processed region, did not break open at the notch root, but
instead ran across the specimen in the short transverse direction, before fracturing through the
refined region (Figure 164). The fracture path indicates that fracture toughness is much
higher for the refined region, consistent with fractography which revealed dimpled fracture
(with similar dimple sizes to the grain size) (Figure 165, Figure 166). Fracture surfaces also
revealed some particles present inside dimples, which may be broken-up constituent particles.
In the non-refined region, brittle intergranular fracture predominated, indicating a lower
fracture toughness than the refined region (Figure 156). Note that specimens with a grain size
of 0.6μm did not exhibit BIF even after ageing 32hr at 170ºC (peak ageing treatment for
8090), unlike the FSP specimen with a grain size of 5-6 m, and the specimen with a grain
size of 1-2 m, which embrittled in very underaged conditions.

Figure 164 Sketch showing 8090 FSP (0.6μm grain size) fracture specimen (tested at 0

C) heat treated

32hr at 170ºC with a rectangular notch inserted at the bottom of the processed region.
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Figure 165 SEM micrograph of fracture surface of 8090 FSP (aged to hardness ~140HV) of 0.6 μm grain
size, tested at -196, showing ductile fracture and little if any particles detectable in small dimples (at this
magnification).

Figure 166 SEM of fracture surface of FSP 8090 (heat treated 32hr at 170º) with grain size ~0.6μm, (tested
20°C) showing three dimensional representation of ductile fracture surface produced by merging tilt
angles of 15º and 20º. To be viewed with stereo glasses.
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13.1.1.7 8090 FSP Fracture (5-6 μm and 1-2 μm grain sizes)
SEM of overload fracture surfaces of as-received FSP plates, (ranging in grain size from 56m to 1-2m) produced at -196C revealed that fracture surfaces were predominantly brittle
intergranular with coarse particles and particle pull-out present on grain boundaries (Figure
167, Figure 168).

Figure 167 SEM of intergranular fracture surface of single pass as-received FSP specimen with 5-6m
grain size (batch no. 1217) produced by fast fracture at -196ºC in a) low magnification, and b) high
magnification showing particles on the grain boundaries and depressions produced by particle pull-out.
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Figure 168 SEM of fracture surface of as received FSP specimen with grain size 1-2m (no.1216),
produced by fast fracture at -196ºC, showing predominantly brittle intergranular fracture with
precipitation.

Microscopic observations of fracture surfaces of fast fracture tests (at -196ºC) of 8090 coarsegrained material in L-T or T-L orientations have shown severe delaminations that run parallel
to grain flow. Unlike the coarse-grained material, fracture surfaces of fine-grained 8090
(grain sizes of 1-2m and 5-6m) did not show these delaminations (Figure 169). A profile
across the FSP and coarse-grained material shows the large change across the specimen
surface, from a jaggered profile in coarse-grained material to a smooth profile in fine grained
material. SEMs of fracture surfaces of fine and coarse regions show cracks running parallel
to the grains in coarse regions and predominantly brittle fracture with absence of cracks in
fine regions.
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Figure 169 Fracture surface of as-received FSP 8090 (1-2m grain size) (no. 1216) produced by fast
fracture at -196ºC showing a) macroscopic appearance of fracture surface with delaminations in nonprocessed region and absence of delaminations in processed region, b), c) high magnification of the two
different areas, d) profile across a section in a) showing smooth refined region and delaminated FSP
region and e) diagram showing orientation of notch with respect to the FSP weld.

13.1.2 5091 (Al-Li-Mg-C-O)
Scanning electron microscopy of electropolished AA5091 surfaces after deformation by
hardness indentation, by rolling (deformation~30%) and by AFM showed no slip lines, only a
rumpled surface appearance (Figure 170, Figure 171). Particles (most likely larger oxides and
carbides) were shown to be present, as imaged in (Figure 170 a).
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Figure 170 SEM micrographs of AA5091, solution treated electropolished samples showing a) corner of
5kg hardness indent and b) surface after rolling 30%.

Figure 171 AFM of AA5091 deformed 8%, showing a) micrograph and b) plot of surface heights with
distance, for section taken in a). No coarse slip lines (as seen in 8090 Al-Li) are apparent.
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Fracture surfaces of solution treated material produced by fast fracture both at 20ºC
and -196ºC had a dull macroscopic appearance. Microscopically, the fracture surface at 20ºC
was dimpled, with particles at the bottom of the dimples (ductile transgranular fracture) and at
-196º showed flat, featureless facets (brittle intergranular fracture) on the scale of the grain
size (Figure 172).

Figure 172 SEM of fracture surface of AA5091 (solution treated) produced by fast fracture at a) 20ºC and
b) -196ºC. Note the dimpled fracture surface appearance when tested at room temperature and the
change to brittle fracture at -196ºC.
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Fracture surfaces of overload fracture tests conducted after ageing at 100hr at 100ºC at 196°C revealed a brittle intergranular faceted appearance with small particles within larger
facets (Figure 173b). These small particles may be the oxides and carbides that are introduced
in the alloy during alloy production. The scale of the larger facets on the fracture surface is
similar to the grain size of the alloy (with grain size ~500nm).

Figure 173 SEM of fracture surface of AA5091 (solution treated and ageing 100hrs at 100ºC) produced by
fast fracture at -196ºC, showing brittle intergranular appearance of the fracture surface.

Grain refinement by HPT resulted in a decrease in grain size to ~80nm and subsequent ageing
for 30h at 150ºC, resulted in grain growth to ~ 150nm. Overload fracture surfaces (tested at 20
and -196ºC) of aged, 150nm grain size material were relatively flat-like and dimple-free
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(Figure 174 and Figure 175). There was no difference in fracture surface appearance from
20°C and -196°C. It is difficult to discern individual facets from these images, and hence
difficult to conclude whether they are in the scale of the grain size (150nm) or not. The
fracture surfaces of the refined material were similar in appearance to the as-received material
but on a finer scale (compare Figure 173 with Figure 174 and Figure 175).

Figure 174 SEM micrographs of overload fracture surfaces of HPT 5091, (150nm grain size - see Figure
141), (heat treated 30 h at 150°C), at a) 20°C, and b) -196ºC.
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Figure 175 SEM micrographs of fracture surfaces of cantilever bend samples of HPT 5091, heat treated 30
h at 150°C (150nm grain size), tested at a) 20ºC and b) -196°C, showing fine features (higher
magnification than Figure 174).

13.1.3 7079 T651
Al-Zn-Mg-Cu, 7079 T651 contains η' precipitates which are not easily sheared, and hence
should deform via fine slip [99, 186]. The slip morphology of 7079 was found to be nonresolvable optically (Figure 176).

The overload fracture behaviour of 7079 T651 was

predominantly brittle intergranular characterised by mostly featureless facets with some
isolated dimples probably due to precipitates typically present in this peak-aged alloy (Figure
177). Cleavage-like regions were also present on fracture surfaces, probably due to
decohesion of large non-shearable constituent particles.
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Figure 176 7079 T651 optical micrograph of electropolished sample of hardness indent (load 1kg) showing
absence of resolvable slip lines. Compare with slip lines in 8090-T8771 (Figure 150)

Figure 177 SEM micrograph of fracture surface of cantilever bend specimen of 7079 tested at 20°C a) low
magnification and b) high magnification, showing predominantly brittle intergranular fracture.
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13.1.4 Waspaloy
Waspaloy, which was aged to produce shearable, coherent, ordered, spherical 8nm '
precipitates analogous to δ' in Al-Li alloys (Figure 178)[148], was observed to deform via
planar slip (Figure 179). Slip lines were well pronounced, and occasionally slip in two
directions within individual grains was observed.

Grains were equiaxed and no wavy slip

was present (Figure 179b). Waspaloy did not experience a change in fracture behaviour at 196°C. Overload fracture surfaces for this alloy were characterised by well-defined dimples
present at both 20ºC and -196ºC (Figure 180). Occasional very deep dimples were also
present on fracture surfaces.

Figure 178 Dark field TEM of 25nm ’ precipitates in Waspaloy, strained 0.5%, [011] zone axis, [300] ’
reflection.[148]
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Figure 179 Waspaloy, (heat treated 1040 2h oil quench, 730 6h air cool), a) optical micrograph of hardness
indent (1kg load) on electropolished specimen b) optical micrograph of 4-point bend sample strained
~1.5%, showing predominant planar slip.
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Figure 180 SEM micrographs of fracture surfaces of cantilever bend samples of waspaloy (heat treated
1040 2h oil quench, 730 6h air cool) tested at a) 20°C and b) -196°C, showing dimpled transgranular
fracture for both temperatures, and very deep dimples (arrowed) for b).

13.1.5 Al-Mg
Fast fracture tests at -196ºC and 25ºC of solution treated Al-Mg alloys revealed a transition
from predominantly transgranular at 25°C to predominantly intergranular at -196°C. Fine,
planar slip lines were observed on intergranular facets (formed behind the crack tip). The 
phase in Al-Mg alloys was present on some intergranular grain facets but not others, together
with some small isolated dimples (Figure 181). Precipitates were present inside some of the
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dimples (arrowed in Figure 181b). It was not possible to avoid precipitation of  phase upon
solution treatment. Attempts to avoid  phase formation by varying solution treatment times
and temperatures (0.5h at 425ºC, 4h at 440ºC, and 24h at 440ºC) were unsuccessful.

Figure 181 SEMs of fracture surface of Al-Mg 520 cast alloy (Al-10,6Mg, 0.3Fe, 0.25Cu, 0.2Si) solution
treated, quenched and fractured rapidly in cantilever bending at -196ºC showing brittle intergranular
facets at increasing magnifications. Isolated dimples associated with small  precipitates are present in
some areas (arrowed in b) – more extensive  phase (arrowed in a) in others. The higher magnification
image also shows slip traces on intergranular facets.
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14 Discussion - III
14.1 Does Planar Slip Cause Brittle Intergranular Fracture?
The present results, along with some previous results mentioned in chapter 5.4.3 (both
summarised in Table 10, Table 11, and Table 12) suggest that there is generally no correlation
between slip-mode and fracture mode for fast fracture in inert environments. The previous
work, for example, showed that short re-ageing treatments (e.g. 5min at 200°C) of 8090T8771 plate resulted in a change in fracture behaviour from a mixed dimpled/brittle
intergranular fracture mode to a completely dimpled intergranular fracture mode without a
significant change in the degree of slip planarity after testing at 20°C [100]. For very
underaged 8090 alloy plate, transitions from dimpled transgranular fracture to brittle
intergranular fracture occurred over a narrow range of testing temperatures, again without a
change in the degree of slip planarity.

In the present work, this lack of correlation between slip mode of fracture mode was further
illustrated by comparisons between the very underaged 8090 alloy (which exhibited fine
planar slip due to easily sheared δ´ precipitates) and the 5091 alloy (which exhibited fine
wavy slip due to the oxide/carbide dispersions and fine grain size). For both these materials,
transitions from dimpled transgranular fractures to brittle intergranular fractures occurred with
decreasing temperature, notwithstanding the marked differences in slip-mode for these
materials (and no significant change in slip-mode with decreasing temperature). For the 8090T8771 alloy (which exhibits coarse planar slip due to easily sheared δ´ precipitates) and the
7079-T651 alloy (that exhibits fine planar slip due to less easily sheared η´ precipitates),
transitions from mixed dimpled/brittle intergranular fracture to completely brittle
intergranular fracture occurred with decreasing temperature in both alloys despite the
differences in slip mode.

Comparisons of the 8090-T8771 alloy with the nickel-base superalloy (Waspaloy) are also of
interest since both materials exhibit coarse planar slip (due to easily sheared coherent L12
precipitates in both cases), but exhibit different fracture behaviour. Thus, Waspaloy (unlike
the 8090 alloy) does not exhibit brittle intergranular fracture - with cracking producing
completely dimpled transgranular fractures at 20° C and -196° C. Another alloy that exhibits
coarse planar slip due to easily sheared precipitates is Ti-Al, and crack growth in this material
also produces ductile transgranular fracture surfaces [187]. The little correlation of coarse
planar slip with a brittle intergranular fracture mode is further substantiated by observations in
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hypo-stoichiometric ordered NiAl which exhibits coarse planar slip despite changes in
fracture mode (from intergranular to transgranular) with additions of boron [188].

The above observations reinforce the view that coarse planar slip is not responsible for brittle
intergranular fracture, and that an explanation based on segregation at grain boundaries is
much more likely. The greater tendency for brittle intergranular fracture at lower testing
temperatures can be explained by a 2-D grain-boundary phase change, as discussed in chapter
5.4.2. Presumably, brittle intergranular fracture does not occur in Waspaloy because
embrittling segregation by alloying or impurity elements is not present at grain boundaries.
Indeed, theoretical calculations according to Seah (Figure 182) suggest that alloying elements
present in Waspaloy (Cr, Co, Mo, and Ti) are not likely to be embrittling elements for nickel in contrast to aluminium alloys were Li and Mg are potential embrittling segregants.

Table 10 Fracture behaviour vs. slip mode of 8090 Al-Li alloy (previous work) [13, 14, 100]

Alloy

8090 T8771
8090 T8771 +
5 min at 200°C

Slip Mode at 20°C

Fracture Mode at 20°C

Fracture Mode at -196°C

Coarse planar

BIF and DIF

BIF

Coarse planar

DIF

BIF

Planar

DTF

BIF

8090 (heat
treated 6h at
60°C)
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Table 11 Summary of Observations of Microstructure, Slip and Fracture Mode of
Al Alloys, at 20° and -196°C. (Present Work)

Material/Grain size

Microstructure

Slip Mode

Fracture Mode

Fracture Mode

(20°C)

(20°C)

(-196°C)

δ΄, GBP’s, PFZ’s. Grain
8090 T8771
pancaked 300x400x30 μm

7079 T651

pancaked

boundary constituent
particles.

Coarse Planar*

BIF and

BIF

DIF #

Stringers
η΄, GBP’s and PFZ’s

Fine Planar

Oxides and carbides

Suspected fine wavy

421x240x106 μm

Predominantly
BIF

Completely BIF

AA 5091
equiaxed

DTF

BIF

Brittle.

Brittle.

Probably

Probably

Intergranular

Intergranular

DIF

DIF and BIF

DTF

DT

0.5 μm
HPT AA5091
equiaxed

Oxides and carbides

Suspected fine wavy

80nm

FSP 8090

δ΄, GBP’s, PFZ’s.

equiaxed

Refined grain boundary

10 μm

constituent particles.

FSP 8090
equiaxed
0.6 μm

Fine Planar

δ΄, GBP’s, PFZ’s.

Fine slip

Constituent particles

Wavy?

present everywhere

(No Transition)

* Reportedly somewhat less planar at -196°C than 20°C.
# Proportion depends on texture/grain boundary misorientation.

Table 12 Fracture behaviour vs. Slip behaviour of Waspaloy (this work) and two other alloys

Alloy

Slip Mode

Fracture Mode (20°C)

Fracture Mode (-196°C)

Coarse Planar

DTF

DTF

Ti 8Al [187]

Coarse Planar

DTF

Suspected DTF

Ni Al ± Bo [104]

Coarse Planar

Ni-Cr-Mo-Ti
Waspaloy [148]

DTF(with boron)
BIF (without boron)
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Suspected DTF

Figure 182 Theoretical sublimation enthalpies plotted as a function of atom size, for matrix and segregant
elements.

Note that lithium and magnesium are below aluminium (highlighted in red) in the plot

suggesting that they would embrittle if they were to segegate. Dotted lines through the element Fe show
that elements below would embrittle Fe, but elements above would not. [189].

Page 183 of 249

14.2 Explanations for fracture mode transitions due to SPD-induced
microstructural changes
14.2.1 FSP 8090 alloy
Based on the preceding discussion, the change from a brittle intergranular fracture mode in
coarse-grained near-peak-aged 8090-T8771 plate to a dimpled fracture mode in fine-grained
near-peak-aged 8090 (produced by friction stir processing and re-ageing) is probably not
associated with a change in slip mode, even though there is a decrease in slip planarity and
reduced dislocation pile-up lengths for the fine-grained material. This fracture mode transition
is more likely to be associated with (i) a large increase in the volume fraction of PFZ (and
perhaps fewer grain boundary precipitates), and (ii) fragmentation of large constituent
particles during FSP to produce a relatively uniform distribution of small particles within
grains and at grain boundaries. Thus, strain localisation at grain boundaries will be less in the
fine-grained material due to the wider PFZ, and strains will be concentrated around the fine
constituent particles. Thus, void nucleation and growth occurs preferentially around the
particles, resulting in a dimpled fracture mode. The exact fracture path, e.g. whether fracture
is partially in grain-boundary PFZs or within grains (or both) was not clear since the size of
dimples was similar to the grain size. Grain-boundary-misorientation distributions would
probably also be changed by refining the grain size and, if a greater proportion of low-angle
grain boundaries were present in the finer-grained material, then lower levels of lithium
segregation may occur, thereby further inhibiting the tendency for brittle intergranular
fracture.

14.2.2 5091 alloy
For testing at 20°C, the transition from a dimpled fracture mode in the as-received 5091 alloy
(with a grain size ~500 nm) to a brittle (probably intergranular) fracture mode for the 5091
alloy processed by high-pressure torsion (producing ~150 nm grain size after a stress relief) is
also unlikely to be associated with any changes in slip characteristics. Fine, wavy slip should
occur in both cases due to the presence of the oxide and carbide dispersions, which do not
appear to be greatly affected by HPT. No changes in deformation mode are expected to be
produced by this level of grain refinement since the ~150nm grain size is well above the size
~10mm at which grain-boundary-mediated processes, such as grain-boundary sliding/grainrotation, occur in other materials (as detailed in chapters 3.2 and 6).
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A possible explanation for this change in fracture mode is that the finer grain size increases
strength substantially (see Hall-Petch plot in chapter 3.2), making the material more
susceptible to grain-boundary-segregation induced embrittlement. It is well established that
increasing strength increases susceptibility to temper embrittlement and hydrogen
embrittlement of steels (for a given level of metalloid impurities or hydrogen at grain
boundaries) [190]. Thus, it is reasonable to suggest that the level of grain-boundary
segregation of lithium and magnesium is insufficient to produce brittle intergranular fracture
at 20°C in the lower strength (500nm grain size) 5091 alloy, but is sufficient to produce brittle
intergranular fracture in a high-strength fine-grained material. At -196°C, the level of
segregation is sufficient to produce brittle intergranular fracture even for the lower strength
500nm material, with a transition from dimpled fracture to brittle intergranular fracture with
decreasing temperature occurring due to a grain-boundary-phase change, as discussed
previously. Increasing strength with decreasing temperature may also play a role. Higher
strength materials are more susceptible to grain-boundary-segregation induced embrittlement
probably because the higher strength inhibits dislocation activity involved in crack-tip
blunting.

14.3 Fracture-mode transitions due to microstructural changes in other
aluminium alloys
14.3.1 Effects of Dispersoids in Al-Mg-Si
There are examples in Al-Mg-Si (aged to produce similar sizes of Mg2Si, PFZ’s and GBP’s)
of transitions from intergranular to transgranular or from intergranular to dimpled
intergranular fracture with increasing additions of dispersoids (such as Mn and Fe) [96, 97,
191]. Most of the reasons given for the change in fracture mode with the addition of particles
are associated with reduced stress concentrations at grain boundaries, based on the
observation of homogenisation of slip lines with particle additions. However, grain sizes of
alloy comparisons were different, with smaller grain sizes containing more additions of
dispersoids, and hence a decrease in Mg segregation brought about by a change in grain
boundary character (misorientation and grain size) may be responsible. Also, an increase in
the number and distribution of incoherent particles would increase the extent of void
nucleation sites during fracture and would promote dimpled fracture surfaces.
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14.3.2 Effects of Ageing on Fracture Mode in Aluminium Alloys

There are examples in the literature of changes in fracture mode with ageing time, and it has
often been suggested [192, 193] that these changes, e.g. from brittle intergranular fracture to
dimpled intergranular fracture, are associated with a change from coarse planar slip in
underaged/peak aged conditions (with coherent, easily sheared precipitates) to finer, more
wavy slip in overaged conditions (with incoherent precipitates resistant to shearing). However,
ageing produces other microstructural changes, such as increases in PFZ width, increases in
the size and spacing of grain-boundary precipitates, and decreases in the extent of solute
segregation at grain boundaries (since more solute is incorporated into precipitates in
overaged material). In most cases, changes in one or more of these microstructural features
are more likely to be responsible for changing the fracture mode rather than changes on slip
mode.

14.4 Slip-Grain-Boundary Interactions in General

The planar-slip hypothesis for brittle intergranular fracture - which is not supported by the
present work - is based on dislocation pile-ups at grain boundaries producing high stresses,
and it is worth pointing out that dislocations impinging on grain boundaries do not necessarily
induced high stresses. Thus, stresses can be relieved because slip bands in one grain can be
transmitted across grain boundaries to produce a slip band in the adjacent grain, or can be
‘reflected’ into the same grain by the formation of a new slip band on a different slip plane.
Dislocations impinging on grain boundaries may also be ‘absorbed’ into the grain boundary,
with the formation of grain-boundary dislocations, and grain-boundary stresses can be
accommodated by grain-boundary sliding or migration rather than by cracking along the grain
boundaries. If slip bands impinging at grain boundaries do initiate incipient cracks/voids then,
if the grain boundary is not weakened by segregation of alloying or impurity elements, there
is no reason why such cracks should propagate in a ‘brittle’ fashion. Instead, incipient cracks
would be expected to coalesce by localised plasticity (necking between voids), resulting in
fluted or dimpled fracture surfaces. A diagrammatic summary of these and other possible slipband/grain-boundary interactions is shown in Figure 183.
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Figure 183 Grain boundary/slip interactions shown in (a) relieved by b) (i) slip transmission or (ii)
reflection (without crack initiation), c) cleavage crack nucleation within grains (typically for ceramics), d)
grain boundary migration and e) crack nucleation in grain boundary plane which can result in brittle
intergranular fracture or dimpled intergranular fracture (dependant on microstructure)

For precipitation-hardened aluminium alloys with soft PFZs at grain boundaries, narrow,
planar slip bands within grains would probably be ‘dispersed’ to some extent in PFZs before
impinging at grain boundaries. Moreover, strain localisation adjacent to grain boundaries in
PFZs and void initiation at grain-boundary precipitates would be expected to occur regardless
of slip mode within grains (Figure 184), and it is therefore surprising that there has been such
a focus in the literature on the slip mode within grains in regard to crack nucleation at grain
boundaries. Even without soft PFZs adjacent to grain boundaries (and regardless of slip
mode), strain localisation would occur at grain boundaries (especially near triple points)
because adjacent grains deform to different extents. In other words, some grains are ‘hard’
and some grains are ‘soft’ due to differently oriented slip systems in different grains, and this
results in strain incompatibilities and localisation at grain boundaries, as demonstrated by
finite-element modelling of plasticity in polycrystals (where slip mode is obviously not taken
into account).
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Figure 184 Schematic of typical fracture in precipitation hardened aluminium alloys showing a) strain
localisation in PFZ and void formation at grain boundary precipitates regardless of slip mode/local stress
mode resulting in b) the commonly observed dimpled intergranular fracture (size and depth of dimples
dependant on PFZ width and GBP spacing).

14.5 Circumstances where slip mode may be important

While all the indications are that slip mode is not an important factor in regard to brittle
intergranular fracture in inert environments, slip mode is probably important for some other
modes of fracture, as briefly summarised below. For Al-Li alloys, fracture in plate with
pancake shaped grain structures (tested in the LT or TL crack-plane orientations where
fracture along grain boundaries is difficult due to their orientation parallel to the applied
stress), occurs by transgranular shear, involving void nucleation and growth within planar slip
bands. Shear fractures can also occur in Al-Li sheet on a macroscopic scale if the material
exhibits a strong texture, so that planar slip bands in one grain are more or less aligned with
planar slip bands in adjacent grains, as mentioned in chapter 5.

Slip mode can be also important for fatigue crack growth. For example, in Al-Li alloys,
fracture surfaces produced by constant-amplitude loading can have a roof-top topography due
to crack growth along differently oriented planar slip bands in adjacent grains [194, 195].
Such rough fracture surfaces are beneficial in that they increase the extent of crack-closure,
thereby reducing the effective stress intensity factors and crack growth rates [194, 196-199].
Initiation of fatigue cracks and stage-I crack growth in many precipitation-hardened materials
that exhibit planar slip also occurs along slip bands. In these cases, re-solution of precipitates
in planar slip bands, caused by repeated shearing during cyclic deformation, produces soft
PFZs along slip bands, thereby facilitating initiation and crack growth [200].
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Some environmentally assisted cracking processes may also be influenced by slip mode. For
example, for cracking involving hydrogen effects, it has been suggested that a planar slip
mode can result in more efficient transport of solute hydrogen by dislocations to grain
boundaries [201]. Intergranular fracture is then promoted by hydrogen segregated at grain
boundaries. For intergranular stress corrosion cracking (SCC) in aluminium alloys, it has
commonly been suggested that a planar slip mode (in underaged and peak-aged alloys)
promotes SCC as a result of greater stress concentrations at grain boundaries due to impinging
slip bands [119, 202], i.e. the same argument as already discussed for fast intergranular
fracture in inert environments. However, recent work [203] suggests that it is the grainboundary microstructure (specifically the composition of grain-boundary precipitates and
their associated electrochemistry) that is important in determining SCC resistance rather than
slip mode.
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15 Results - IV
Grain Boundary Segregation
15.1 Atom Probe
Apart from the following results, other attempts were made to map solute at the grain
boundary in the atom probe in coarse-grained 8090, AA5091 (~500nm grain size), HPT
AA5091 (~80nm grain size) and heat treated HPT AA5091 (~150nm grain size). Problems
associated with detection of solute in a grain boundary in the atom probe included i) the
coarse grain size in 8090 which limited chances of obtaining a grain boundary in a needleshaped atom probe tip (hence the reason for probing the finer grain size material), ii)
continuous sample failure probably due to large amounts of dislocations introduced via severe
plastic deformation subsequently relieved by ageing and iii) failure of prepared atom probe
tips due to the grain boundaries themselves acting as unstable defects during probing or (Field
Ion Microscopy) FIM. Additional attempts were made to prepare tips by selecting and cutting
a grain boundary and connecting it onto a substrate tip (via FIB), but subsequent probing of
these tips resulted in sample failures at the intersection of material and substrate (detailed in
section 15.1.2). Attempts to use TEM to characterise the grain boundary character
(misorientation) of prepared sample tips before inserting into atom probe lead to sample
degradation issues.

15.1.1 AA5091
Lithium was detected in the matrix of an atom probe tip of as received AA5091 (500nm grain
size), prepared in the solution treated condition (Figure 185). Despite lithium detection, there
were no δ´ precipitates present nor any grain boundaries. Specimen tips of HPT 5091
(~80nm grain size) were tested in the atom probe, since embrittlement by solute was
suspected, as overload fracture surfaces showed brittle-like facets. Attempts of probing HPT
5091 were unsuccessful (with ~3 fractures occurring during FIM and probing), and it was
only after a stress relief ~30h at 150ºC (grain size: 150nm), that fractures were avoided and
data was collected. Lattice images of atoms aligned on one side of the boundary confirmed
three grain boundaries in two atom probe samples (Figure 186). One of the three grain
boundaries depicted an obvious segregation of magnesium but a depletion of lithium at the
boundary (Figure 187). The other two grain boundaries analysed did not show such obvious
segregation/depletion (Figure 188). The statistical analysis of different volumes (analysed
using PosSAP software) at these three grain boundaries suggest that, except for the one most
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obvious boundary the increases/decreases in the other two boundaries were not significant
(ranged between increases/decreases of 0.1-0.3atomic%) (Table 13).

The degrees of

misorientation of the boundary could not be ascertained, since i) samples were not produced
by FIB since equipment was not available at the time of testing and ii) specimens failed
before data could be collected from three grain boundaries in one atom probe tip (three or
more grain boundaries in the one atom probe tip are required to determine misorientations).

Figure 185 3-D atom map of AA5091 (~500nm grain size) (solution treated condition) tested at 25°K
showing uniform distribution of Mg and Li and no signs of δ' precipitation. Approximately 64% Al, 1.7%
Mg and 2.3% Li atoms were detected in the volume analysed.

Figure 186 AA5091 heat treated 30h at 150ºC, showing three grain boundaries, with lattice images aligned
on one side of the boundary. Note that a, b are from the same specimen.
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Figure 187 Atom probe images of a grain boundary in HPT AA5091 (heat treated 30h at 150ºC) showing
a) aluminium atoms with alignment of lattice image on one side of the boundary, b) enrichment of
magnesium atoms and c) depletion of lithium. Note bounding box perpendicular to grain boundary to
assist in calculations.
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Figure 188 Atom probe image of a grain boundary from a volume in HPT AA5091 (heat treated 30h at
150ºC) as depicted in Figure 186c, showing a) an enrichment in magnesium atoms, b) a possible slight
reduction in lithium atoms and c) the distribution of both magnesium and lithium atoms, at a grain
boundary.
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Table 13 Amounts (in atomic percent) of estimated compositions of Al, Li and Mg at three grain
boundaries. (Note that the compositions are dependent on the analysis volume selected during data
analysis, box size of ~ 250nm in length and ~ 20 nm in width).

Al - Li- Mg

Al – Li –Mg

(atomic% matrix)

(atomic% boundary)

1

94 – 2.7 – 2.3

94 -1.2 - 3.5

1

94 – 2.7 – 2.3

94 – 2.5 -2.6

2

94 – 3 - 2.5

94 – 2.9 – 2.8

Analysis number

15.1.2 8090 T8771
Since Li is a very light element, it was important to ensure that it could not be preferentially
lost to DC field evaporation. If Li became DC field evaporated before being detected then the
time-of-flight calculations could not be determined, and Li would not be detected. This was
clarified by testing 8090 T8771 at different probing temperatures in the Oxford Nanoscience
energy-compensated atom probe, and varying the probing temperature. It was determined that
there was a change in stoichiometry of δ΄ precipitates with temperature and a probing
temperature greater than 25K resulted in Li loss but probing temperatures ≤ 25K guaranteed
the correct matrix composition (Figure 189). As our testing was conducted at 25K, matrix
lithium should be successfully detected in the atom probe specimens.

Figure 189 Measured concentrations of lithium and aluminium in δ΄ in 8090 T8771 at different probing
temperatures. Some of the experimentation and all the data analysis was by Dr. Xiang-Yuan Xiong, and
published in reference [204]
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8090 T8771 atom probe tips were then prepared using a Focused Ion Beam (FIB). The
following problems were associated with using the FIB for atom probe tip preparation (Figure
190, Figure 191). Firstly, lightly etched samples revealed the grain boundaries, but after
cutting out the grain boundary and final polishing to an atom probe sample in the FIB, the
grain boundary was not present (as observed during FIM – Figure 192) probably because it
was not possible to predict the depth of the grain boundary, and after selecting and cutting out
the grain boundary, further polishing to a useable atom probe tip could result in accidentally
polishing away the grain boundary region required. Secondly, during probing the sample
failed at the join between 8090 T8771 and the tungsten substrate.

Figure 190 SEM images of 8090 T8771 a) high angle grain boundary selected for subsequent cutting via
FIB (arrowed) and b) high magnification image of final tip prepared by FIB showing no obvious signs of
the grain boundary.

Figure 191 Low magnification SEM image of 8090 T8771 tip showing crack near the metal/substrate
(arrowed)
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Figure 192 Field ion microscope (FIM) image of 8090 T8771 FIB prepared tip showing 100 pole and no
discontinuities which would be expected if a high angle grain boundary was present.

15.2 Fracture mode versus Solute Content
Other evidence, based on fracture surface observations of overload cantilever bend specimens
in solution treated aluminium alloys with increasing lithium and or magnesium contents
(depicted in Table 14 and Table 15), shows a trend of increasing solute content with the
occurrence of brittle intergranular fracture. Brittle fracture surfaces were observed where the
alloy contained a total of ≥8 (at. %) of Li and Mg. For example, Al-Li-Cu-Mg 8090 alloy was
ductile at room temperature, but when the lithium content was above 8 at.% as observed for
Al-Li UL40, fracture surfaces were brittle at room temperature. Similarly for Al-Mg, a Mg
content of 5.5 at. % was not sufficient to produce intergranular fracture, but at 11.7 at. % Mg,
fracture surfaces were brittle at room temperature (Table 15). Materials were more prone to
embrittlement at the lower temperature. For example, a lithium content of 8.7 at.% in 8090
was not sufficient for embrittlement at room temperature (in cantilever bend specimens), but a
lithium content of 14 at.% in Al-Li UL40 produced embrittlement both at room temperature
and at -196°C.
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Table 14
Aluminium alloys with increasing lithium contents fractured at 25ºC and -196ºC immediately after
solution treatment with ductile (D) and predominantly brittle (B) fracture surfaces noted.

Alloy

Composition (wt. %)

Al-Cu-Li

Fracture

Fracture

Mode

Mode

-196ºC

25ºC

D

D

4.6

B

D

9

D/B#

D

8.7

B

D

9.7

B

B

14

3Cu, 1.2Li, 0.33Mn, 0.1Zr

2297
Al-Li-Mg-C-O

4.11Mg, 1.29Li, 1.17C,

5091

0.41O

Al-Li-Cu-Mg

2.2Li, 1Cu, 0.7Mg, 0.11Zr,

8090

0.07Fe, 0.01Si

Experimental
alloy (Binary)
Al-Li

2.7Li, Zr
4.0Li, 0.2Zr

UL40
#

Mg + Li
(at %)

With different specimen type i.e. fracture surface of cantilever bend specimen had no brittle regions but brittle
regions were present in preliminary tests of compact tension specimens.
Table 15
Aluminium alloys with increasing magnesium contents fractured at 25ºC and -196ºC immediately after
solution treatment with predominantly ductile (D) and brittle (B) fracture surfaces noted.

Alloy

Al-Mg-Mn
FSW5083

AlMg binary
[149]

Al-Mg
520 cast alloy

Composition

-196°C

20°C

Mg at. %

4.9Mg, 1.0Mn, 0.4 Fe,

D

D

5.47Mg

Mg 8.17

B

D

9Mg

10.6Mg, 0.3Fe,

B

B

11.68Mg

0.4Si, 0.25Cr, 0.25Zn

0.25Cu, 0.25Si
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16 Discussion - IV
16.1 Grain Boundary Segregation
Analysis of literature and our observations have suggested that the planar slip theorem is not
important for BIF. Other evidence outlined in the current study suggests that solute
segregation is mostly responsible for facilitating BIF and hence the next stage of the thesis
was to try to image this microstructural feature. Previous attempts of detecting solute lithium
at grain boundaries have been limited and not as convincing as required to directly support a
lithium segregation hypothesis for BIF. The FIM atom probe technique is superior to PEELS
or Auger since a 3-dimensional picture of atom positions can be obtained. Lithium solute has
been detected by many, mainly in δ´ precipitates in solution treated, underaged and peakaged conditions [28, 29, 34, 35, 205, 206].

The problem with probing across high energy defect sites such as high angle grain boundaries
is that sudden changes in evaporating field across boundaries makes the alloy more prone to
failure. Additionally, the probability of detection of lithium via atom probe at the grain
boundary is dependent on the grain size. It is essential that a grain-boundary intersects the
very small volume (~20nm x 20nm) probed, and this is extremely unlikely in coarse-grained
material (about 1/500). For the ultra-fine grained (~500nm) AA5091 alloy, the number of
specimens required to locate a grain boundary would be ~25, but if the grain size could be
reduced to 100nm, then the amount of tests required for detecting a grain boundary would be
reduced to ~ 5. Hence, it would be beneficial to reduce the grain size of the alloy to ~100nm
since the probability of grain boundary detection would be drastically increased. If the
volume probed could be increased, then the probability of intercepting the grain boundary
would be even higher. Another newer method for obtaining a grain boundary in an atom
probe tip is by selectively cutting out the boundary in the tip, via FIB (Focused Ion Beam).
The FIB equipment was not initially available for this project, but when it became available
attempts were made to obtain data from coarse grained 8090 T8771.

The FIB is also

equipped with an EBSD detector which allows misorientations of grain boundaries to be
determined prior to probing.

The atom probe results of the distribution of solute across three grain boundaries in heat
treated HPT AA5091 (Al-Li-Mg-C-O), showed a depletion of lithium and enrichment in
magnesium. The reason that the lithium and magnesium concentrations varied from one grain
boundary to the other is probably due to different misorientation distributions of the
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boundaries. The increase in Mg solute at the grain boundary of 1.2 at. % (also observed in
other Mg containing alloys – section 2.4) may be the reason for the intergranular fracture
behaviour of this alloy. Evidence for magnesium segregation in other Al-Mg alloys has been
observed by AES and more recently by EELS, with similar increases in Mg solute at
embrittled grain boundaries (detailed in section 2.4). Other evidence for Mg segregation in
the literature includes quasichemical and psuedopotential energy calculations which show that
Mg i) makes the binding energy of the boundary decrease [207] [208], and ii) decreases
cohesive strength and facilitates intergranular fracture [209]. Theoretical estimations
developed by Seah, predict that in aluminium, magnesium should embrittle if segregated to
the grain boundary (Figure 182) [189].

The depletion in lithium at the grain boundary may also be partly due to DC field evaporation.
The probability of DC field evaporation depends on bonding energies, and since lithium has a
smaller bonding energy than magnesium, it is more likely to be prone to DC field evaporation
[210]. The experimentation in this thesis showed that lithium in the matrix DC field
evaporates at temperatures >25K, and although probing temperatures were conducted at 25K,
it is expected that binding energies at the grain boundaries would be different to those within
the matrix. For example, thermal etching experimentation has shown that the rate of thermal
etching is different in the matrix and the grain boundary [211], and hence, the rate of
evaporation of lithium atoms at the boundary is faster than that in the matrix, suggesting that
lithium may have evaporated before detection.

The amount of lithium atom evaporation across 15-40K temperature range was shown to be
about 20 % for 8090 T8771 (Figure 189), but the extent of change in lithium between matrix
and boundary for the HPT AA5091 was much greater, with the amount of lithium in the
matrix being about double that of the boundary. So it seems that the extent of lithium loss by
preferential DC field evaporation (in the matrix) at the testing temperatures examined is much
less than the loss observed experimentally at the grain boundary.

Note that the tests

conducted to determine the rate of DC field evaporation were conducted for 8090 T8771
(which contains ~ 8 at% lithium), but the tests which determined the composition across the
grain boundary were for HPT AA5091 (which contains only 4.7 at.% Li), hence the rate of
DC field evaporation is likely to be different for the different alloys.
Atom probe test results of solution treated AA5091, showed no evidence of δ’ precipitation
even though their presence was observed by TEM. The reason for not observing δ’ in
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solution treated AA5091 may be because the lithium atoms evaporated before they could be
detected. Attempts to probe solution treated 8090 were not successful (samples failed during
probing), but the presence of δ’ in solution treated Al-7.8at.% lithium has been confirmed
with atom probe by others [34]. The inability to detect lithium in AA5091 (which contains
only 4.7 at % lithium compared with 8at. % in 8090) does not preclude its presence since
lithium may have DC field evaporated. As mentioned above the effects of DC field
evaporation with temperature were only determined for 8090 T8771, and the effects are likely
to be different for AA5091.
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17 Conclusions
1

There is no apparent correlation between fracture mode and slip mode based on
observations for a number of Al alloys, and the commonly cited hypothesis that a planar
slip mode promotes brittle intergranular fracture is not supported by the observations.
For example, fracture transitions from ductile transgranular fracture to brittle
intergranular fracture with decreasing temperature occur without changes in slip mode
in alloys that exhibit either coarse planar slip or wavy slip.

2

Comparisons of precipitation hardened 8090 Al-Li alloys with an analogous
precipitation hardened Ni based superalloy (both material are strengthened by easily
sheared coherent L12 precipitates and exhibit a coarse planar slip mode) also suggest
that planar slip is not a cause of brittle intergranular fracture.

The Ni superalloy

fractures by a ductile, transgranular fracture mode (unlike Al-Li 8090 which often
exhibits brittle intergranular fracture).

3

The forgoing observations and conclusions that planar slip does not cause brittle
intergranular fracture support those summarised in the Introduction, and are consistent
with their view that (i) segregation of alloying elements (Li, Mg) at grain boundaries are
responsible for brittle intergranular fracture and (ii) that fracture transitions for
ductile/dimpled fractures to brittle intergranular fractures with decreasing temperature
are the result of a 2-D grain boundary structural phase change.

4

Previous work in which it was concluded that planar slip was responsible for promoting
BIF does not adequately take into account the fact that heat-treatments or compositional
changes that affect matrix slip mode also result in concomitant changes to various
microstructural features that can affect fracture in other ways. For example, overageing
not only coarsens matrix precipitates leading to more wavy slip, but also results in wider
PFZs, coarser GBPs and less solute segregation at grain boundaries, and it is these
features that result in changes in fracture mode.

5

Observations of fracture behaviour as a function of solute content in solution treated AlLi, Al-Mg, Al-Li-Mg alloys in the present work show that susceptibility to brittle
intergranular fracture increases with increasing solute content, consistent with a grain
boundary solute segregation hypothesis.
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6

Analysing the composition of grain boundaries by atom probe tomography is difficult
due to premature fracture of specimens, presumably associated with the weakness of
grain boundaries. However, atom-probe data were obtained for the grain refined Al-LiMg 5091 alloy, and there was evidence of Mg segregation and lithium depletion. The
depletion of lithium is probably an artifact associated with preferential filed evaporation
of lithium from grain boundaries due to its low atomic mass. The inability to detect
grain boundary lithium segregation does not therefore invalidate the conclusions that
lithium (and magnesium) segregation at grain boundaries results in susceptibility to
brittle intergranular fracture. Magnesium segregation has been observed previously by
atom probe and the brittle intergranular fracture observed in ‘binary’ Al-Mg alloys in
the present work is best explained by magnesium segregation at grain boundaries.

7

The susceptibility to brittle intergranular fracture in the near-peak-aged 8090 Al-Li-CuMg alloy can be avoided by refining the grain size to the ultra-fine grained regime
(~600nm) via FSP probably as a result of increasing the volume fracture of softer grain
boundary PFZs and by refining the constituent particles (which are fragmented during
FSP).

8

The susceptibility to brittle intergranular fracture in the 5091 alloy was increased by
grain refinement (using HPT) probably due to increases in strength making the alloy
more prone to solute-segregation induced embrittlement.

9

FSP 8090 exhibited a reduced age-hardening response compared with coarse-grained
8090 probably because of the increased volume fraction of soft PFZs. Peak hardness in
FSP 8090 (600nm) was similar to that of coarse-grained 8090, but the time to reach
peak hardness was less in the former. Hence FSP could be applied onto 8090 plates
without compromising hardness, with grain sizes ~0.6μm and an increased ductility in
processed regions. Regions that are more susceptible to brittle intergranular fracture
could be surface processed to avoid future fracture.

10

The FSP conditions that are required to achieve a 600nm fine grain size in 8090
material are i) conduct a single pass, ii) use a pin depth of 3.2mm, iii) apply a tool
rotation speed between 175-300RPM, iv) use a 12.7mm tool shoulder and v) immerse
the specimen in cold media (a dry-ice and antifreeze bath) both prior to and during
processing.
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11

The limitations of SPD were highlighted in the project. Ageing of 8090 HPT material
produced decreases rather than increases in hardness at relatively low temperatures
(120°C) which were associated with grain growth. HPT and ECAP samples exhibited
cracking, which would only be avoided by decreasing sample size (for HPT) or
ageing/heating the sample during processing (for ECAP). Undoubtedly more testing is
required before the techniques are applicable to industrial processing.
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18 Future Work
The outcomes of the current project highlight the problems associated with BIF in Al-Li
alloys, and concluded that lithium solute segregation at grain boundaries and GBPs and PFZs
(when present) are most likely the cause.

Hence, detection of lithium solute at grain

boundaries would substantiate the current findings and would be merited. Some alleviation of
BIF was made possible by grain refinement via FSP. Further fracture and mechanical testing
of such materials would hence be of benefit, and would generally enhance the little
understanding of SPD materials. Also, better characterisation of slip and comparisons of slip
modes of different materials would be of benefit for other modes of fracture (summarized in
section 14.5). For the benefits of the above outcomes, the future work would thus require:


To detect lithium segregation in Al-Li by either or all of the following methods:
(i)

Use the atom probe and prepare samples via the new FIB equipment.
As this thesis has explained, FIB allows grain boundaries to be selected
and angle orientation to be determined before probing. The FIB
technique has demonstrated difficulties of its own (explained in section
15.1.2), which could be overcome with experience.

Details of FIB

specimen preparation is available from current literature [212, 213].
Use of the LEAP (Local Electrode Atom Probe) available interstate
may be better for Li detection (but mass resolution will be limited
compared with Oxford filed ion microscope).

(ii)

Use the STEM to view high angle grain boundaries. Tilt until the
boundary is ‘edge-on’, with individual atomic columns right up-to the
boundary, and with crystals on both sides sharing a close-packed
direction so that both lattices can be resolved at the same time.
Elements at the grain boundary which are lighter such as lithium would
appear darker in STEM.

Contributions from strain contrast and

variations in sample thickness make this task difficult [214] .

(iii)

Use a modern PEELS system - the Enfina 1000 parallel detection EELS
spectrometer - to detect an increase in lithium at the grain boundary
compared with the matrix. An attempt towards the end of candidature,
to image lithium across the grain boundary was inconclusive, because a
peak on the shoulder of the aluminium peak corresponding to a lithium
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absorption edge did not vary across the sample. Since a lithium edge
was present in the trace, future PEELS testing across a grain boundary
with a wider precipitate-free area may be beneficial.


Further testing of FSP and HPT materials including: (i) more extensive TEM to
observe differences in microstructure compared with coarse-grained materials
both prior to and after ageing, (ii) tensile testing of HPT and FSP materials to
determine mechanical properties, and (iii) determination of constituent and
particle sizes and distributions and hence highlight their influence on fracture.



To determine the fracture mode of other SPD materials via fracture testing and
fracture surface observation. Few observations of SPD fracture surfaces have been
conducted in the literature, and it would be beneficial to further enhance the poor
understanding of fracture mechanisms in refined-grained materials.



To better quantify slip, by determining slip heights and spacings for a range of
alloys and hence determine the heights and spacings for different slip modes
(coarse or fine and wavy or planar). Depending on grain sizes examined, this task
may require all available resources (OM, TEM EBSD SLCM). This is a difficult
task as slip varies from grain to grain.
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The slip-mode of age-hardened aluminium alloys depends on precipitate size and coherency,
grain size, temperature, strain and other factors. There is a widespread view that a planar-slip
mode, favoured by small, coherent, easily sheared matrix precipitates, promotes brittle
intergranular fracture. A review of previous work, along with some new observations, suggest
that there is little or no correlation between slip mode and the tendency for brittle
intergranular fracture in Al alloys, and that other factors, such as grain-boundary segregation
and grain-boundary microstructure, are much more important.
Keywords: Slip-Mode, Fracture-Mode, Slip-Planarity, Brittle Intergranular Fracture, GrainBoundary Segregation.

1. Introduction
Slip is often characterised as planar or wavy, and both types can occur on a coarse or fine
scale, depending on the material, stacking fault energy, lattice ordering of solute, precipitate
coherency, grain size, and other variables. Slip characteristics may, of course, lie between the
extremes of coarse planar slip and fine homogeneous slip, and can vary from one grain to
another in the same material [1]. Quantifying slip characteristics in terms of slip-band
waviness, slip-band width and spacing, and heights of slip steps on surfaces is difficult, and is
not often attempted [2]. Coarse planar slip (with widely spaced, localised slip bands) occurs
especially in underaged Al alloys, where precipitates are coherent and readily sheared by
dislocations [3,4]. Once precipitates along a band are sheared, subsequent slip is facilitated.
Fine, homogeneous slip tends to occur in overaged alloys when precipitates are incoherent
and are by-passed by dislocations.
It is often suggested that coarse planar slip leads to brittle intergranular fracture, due to
dislocations in slip bands piling up at grain boundaries so that locally high stress
concentrations are produced [5-12]. This hypothesis has been proposed for Al-Li alloys in
particular since these alloys are especially prone to brittle intergranular fracture (especially for
short-transverse orientations of plate), and exhibit more marked planar-slip characteristics
than most other alloys due to the presence of easily sheared, coherent δ' (Al 3Li) age-hardening
precipitates. However, an alternative hypothesis for the propensity for brittle intergranular
fracture in Al-Li alloys, based on Li segregation at grain boundaries, has also been proposed
[13-17]. The presence of grain-boundary precipitates (GBPs) and soft precipitate-free-zones
(PFZs) also needs to be considered.
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In the present paper, the planar slip hypothesis vis-à-vis the segregation hypothesis (and
other considerations) for brittle intergranular fracture in a number of Al alloys are
summarised, drawing on studies in the literature and on recent, previously unpublished work.
Comparisons of the fracture behaviour of Al alloys with other materials are made where
appropriate. It appears that, contrary to widespread views, there is generally little correlation
between slip mode and the occurrence of brittle intergranular fracture, and that grainboundary microstructure/segregation is much more important.

2. Ductile-to-Brittle Fracture Transitions with Decreasing Temperature in Al-Li alloys
Remarkably sharp ductile transgranular fracture to brittle intergranular fracture transitions
have been observed with decreasing temperature in very underaged Al-Li-Cu-Mg-Zr (8090)
alloys, with the ductile to brittle transition temperature (DBTT) depending on the ageing
treatment (Fig.1a)[15,16]. For these very underaged alloys, there were no GBPs or PFZs
present to complicate matters (Fig.1b), but lithium segregation has been observed by parallelelectron-energy-loss spectroscopy [14]. The slip characteristics on specimen surfaces were
similar in ductile and brittle temperature regimes although, if anything, slip was somewhat
finer at -196oC than at 20oC (Fig. 2a). TEM observations of dislocation arrangements in
specimen interiors also suggested that slip was somewhat more homogeneous at -196oC than
at 20oC (Fig.2b), as has been found in other studies [18-20]. More importantly, slip
characteristics would not be expected to change significantly over the 20°C-50°C temperature
range corresponding to the transition from ductile to brittle behaviour.

Fig. 1 (a) Plot of the percentage ductile transgranular fracture (DTF) (where 0% represents
completely brittle intergranular fracture) versus test temperature for an 8090 alloy plate (S-L
crack-plane orientation) aged for 2, 10, and 32h at 60°C, showing sharp ductile-to-brittle
transitions with decreasing temperature [15], (b) TEM of typical microstructure of very
underaged 8090 alloys showing very fine δ' precipitates with no GBPs or PFZ. [16]
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Fig. 2 8090 alloy aged 2h at 60°C (a) Optical micrograph showing slip lines around hardness
impressions made in the same grain at -196°C and 20°C and (b),(c) TEM of dislocation
arrangements produced after 9% strain at 20°C and -196°C, respectively, showing somewhat
more homogeneous slip at -196°C. [15]
The planar-slip hypothesis for explaining brittle intergranular fracture in Al-Li alloys is
obviously not consistent with the above observations, which can best be explained in terms of
a 2-D grain-boundary structural phase change that occurs with decreasing temperature when
lithium segregation is present [16]. The higher DBTT in alloys aged for longer times
(resulting in more lithium segregation at grain boundaries) probably occurs because the
transition to a brittle grain-boundary structure occurs at higher temperatures when lithiumsegregation levels are higher. The occurrence of 2-D phase changes at grain boundaries (and
surfaces) is well established [21-25], but the structural changes (to polyhedral structural units)
which result in embrittlement by facilitating decohesion across grain boundaries or by
facilitating dislocation emission from crack tips, are not well understood [16].
3. Effects of Re-aging on Intergranular Fracture and Slip Mode in 8090
For an Al-Li-Cu-Mg (8090 T-8771) plate with an elongated grain structure (Fig.3a), there are
fine dispersions of δ' precipitates and PFZs and GBPs at grain boundaries after ageing to near
peak hardness (32h at 170°C) (Fig.3b). Fracture at 20°C for the short-transverse orientation
produced a mixed brittle-intergranular fracture/dimpled-intergranular fracture mode (Fig.3c).
Re-ageing specimens for 5min at 200°C doubled the room-temperature fracture toughness
(Fig.4a) and eliminated the brittle-intergranular-fracture mode, so that just dimpled
intergranular fractures were observed [26]. This re-ageing treatment produced only a small
decrease in strength and little change in microstructure except for some reversion of the finest
δ' precipitates and, as would be expected, did not result in a significant change in the degree
of slip planarity (Fig.4b).
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Fig. 3 8090 near peak-aged alloy (a) optical micrograph showing grain structure and
constituent particles [27], b) TEM showing GBPs and PFZ, and (c) SEM of fracture surface
produced at 20°C showing dimpled intergranular and brittle intergranular facets for S-L
specimens [15].

Fig. 4(a) Plot of room-temperature S-L fracture toughness versus re-ageing time at 200°C and
230°C for an 8090-T8771 alloy plate (initially aged 32h at 170°C) showing large increases in
toughness after very short re-ageing times [13], and (b) optical micrograph of slip around
hardness impressions for the T8771 condition and re-aged condition in the same grain,
showing no significant difference in slip characteristics [14].
These observations are also not consistent with the planar-slip hypothesis for brittle
intergranular fracture, and can best be explained in terms of embrittlement by grain-boundary
2-D lithium-rich phases (in the T8771 condition) and their reversion during subsequent ageing
for short times at somewhat higher temperatures. Longer re-ageing times allow the reestablishment of grain-boundary lithium-rich phases (and growth of GBPs) so that fracture
toughness decreases along with the re-appearance of brittle intergranular fracture. Without
grain-boundary embrittlement due to segregation, completely dimpled intergranular fractures
would be expected since the PFZ widths and GBP spacings were such that strain-localisation
in PFZs and around GBPs should result in void nucleation and growth producing well-defined
dimples, as observed for the re-aged condition.
The variation in fracture mode from one grain to another (Fig.3c), or along the same
(curved) grain boundary, is probably associated with variations in grain-boundary
misorientation/structure, resulting in different concentrations of lithium segregation at grain
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boundaries – a hypothesis that is supported by (i) observations that 8090 material with strong
textures (where low-angle grain boundaries predominate) exhibit less brittle intergranular
fracture than material with weaker textures, and (ii) expectations based on observations in
other materials that segregation levels would be lower for low-angle grain boundaries than
high-angle grain boundaries [15].
4. Intergranular Fracture and Slip Mode in a 7079 Alloy
For peak-aged Al-Zn-Mg-Cu (7079-T651) alloys, slip is relatively homogeneous compared
with near-peak-aged Al-Li-Cu-Mg (8090-T8771) alloys since the former is strengthened by
semi-coherent ' precipitates, which are not as easily sheared by dislocations as the coherent
δ' precipitates in 8090. There are also coarse, incoherent Mn/Cr based dispersoid particles in
the 7079 alloy which helps disperse slip – unlike the small, coherent Zr-based dispersoids in
8090. Despite the fairly homogeneous slip mode, a predominantly brittle intergranular
fracture mode was observed at 20°C and -196°C for the 7079 T-651 alloy [28]. Like the 8090T8771 alloy, there was generally little sign of plasticity/dimples on many grain-boundary
facets despite the presence of PFZs and GBPs (Fig.5). Thus, segregation of Mg and Zn is
probably responsible for brittle intergranular fracture of the 7079-T651 alloy. Segregation of
these elements has been observed [29-31], and theory predicts that, like Li, they should
embrittle aluminium alloys [32].

Fig. 5 7079 T651 alloy (a) TEM of grain-boundary microstructure, (b) SEM of brittle
intergranular fracture for S-L specimens tested at 20°C [25], and (c) hardness impression on
polished surface showing absence of slip lines indicating that slip was much finer/more
homogeneous than in the 8090 alloy (cf. Fig. 4b) [27].
5. Fracture Modes and Slip Mode in 5091 (Al-Li-Mg-C-O) alloy
The 5091 alloy (Al-4.11Mg-1.29Li-1.17C-0.41O wt.%) has a fine grain size (~500nm) as a
result of processing by severe plastic deformation (mechanical-alloying) and the presence of
fine dispersions of oxides and carbides, which pin grain boundaries and prevent grain growth
during subsequent heat treatment [33]. Very fine δ' precipitates are also present, but the alloy
does not undergo significant age-hardening. As would be expected, due to the oxide and
carbide dispersions plus the fine grain size, deformation at 20°C and -196°C produces fine,
fairly homogeneous slip. There is, however, a transition from dimpled transgranular fracture
to brittle intergranular fracture with decreasing temperature (Fig.6). Thus, this is another
example where brittle intergranular fracture occurs in the absence of coarse planar slip, and
probably involves segregation of Li plus Mg to grain boundaries and a 2-D phase transition
with decreasing temperature (as for the very underaged 8090 alloy where relatively planar slip
occurred) – again suggesting that slip-mode is incidental in this regard.
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Fig. 6 Mechanically alloyed Al-Mg-Li-C-O (5091) alloy: (a) TEM of microstructure showing
ultra-fine grain structure, (b) optical micrograph of electropolished surface showing coarse
oxides/carbides, and absence of slip lines at the edge of a hardness impression at 20°C, and
(c), (d) SEM of fracture surface produced at 20°C and -196°C showing ductile transgranular
fracture and brittle intergranular fracture, respectively [27].
6. Effects of Microstructural Refinement of an 8090 Alloy on Fracture and Slip Modes
Friction-stir processing (FSP) of an initially coarse-grained 8090 Al-Li-Cu-Mg alloy plate
(immersed in an anti-freeze (<20°C) bath before and during processing) resulted in an equiaxed grain size ~500nm, with mostly high angle grain boundaries (Fig. 7a), as a result of
severe plastic deformation and dynamic recrystallisation [27]. In addition, large constituent
particles in the as-received condition were fragmented during FSP resulting in a fine
dispersion of these particles (Fig. 7b). In the peak-aged condition, δ' precipitates, grainboundary PFZs, and some GBPs were present (Fig. 7c), as observed in the as-received
material (Fig. 3b). For this material, a dimpled fracture was observed after testing at 20°C
and -196°C (Fig. 7d) – in contrast to as-received coarse-grained material which exhibited
mixed ductile-intergranular and brittle-intergranular fracture at 20°C and a completely brittle
intergranular fracture at -196°C.
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Fig. 7 FSP 8090 alloy (peak-aged condition): (a) EBSD image, (b) Optical micrograph of
electropolished surface showing fine dispersion of fragmented constituent particles (cf.
Fig.3a), (c) TEM showing fine δ' precipitates and PFZ adjacent to grain boundary, and (d)
SEM of fracture surface produced at -196°C. (The fracture surface produced at 20°C was
similar). [27]
It could be argued that producing a fine dispersion of fragmented constituent particles and
reducing grain size could result in a more homogeneous slip mode or, if planar slip did occur,
slip-band lengths would be short. Stress concentrations due to dislocation pile-ups at grain
boundaries would then be much smaller than in coarse-grained material, thereby resulting in a
dimpled fracture surface rather than a brittle intergranular fracture. However, given the lack of
correlation between slip mode and fracture mode described in the previous sections, an
alternative explanation seems more likely. Thus, the small, dispersed constituent particles
within grains (and at some grain boundaries) nucleate voids at lower strains than grainboundary precipitates (which are smaller), and coalescence of these voids produces
predominantly dimpled transgranular fracture surfaces – with a dimple size sometimes greater
than the grain size. Once voids have been nucleated at the particles, strains become
concentrated between them rather than at grain boundaries. Larger strains are required for
coalescence of particle-nucleated voids than for coalescence of aligned voids nucleated at
grain-boundary precipitates, so that toughness is higher for transgranular fracture compared
with intergranular fracture.
7. Observations of Slip and Fracture Modes in Other Materials
For Al-Mg-Si alloys, a change from intergranular fracture to transgranular fracture, and
increasing toughness, is produced by the addition of manganese to form dispersoid particles
[9,10]. It has been argued that slip may be more homogeneous when dispersoids are present,
so that the stresses at grain boundaries due to dislocation pile-ups are reduced, thereby
producing the change in fracture mode. However, the alternative explanation suggested for
the FSP 8090 alloy could be applicable, i.e. adding dispersoid particles in Al-Mg-Si alloys
could cause the primary void-nucleation sites to change from grain-boundary precipitates to
the dispersoids within grains.
For Al-Mg alloys, a transition from transgranular fracture to intergranular fracture occurs
when the magnesium content increases above ~9wt.% [27,34]. The slip mode should be more
homogeneous in solid-solution strengthening Al-Mg alloys than in Al alloys strengthened by
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fine, coherent precipitates, and a significant change in slip mode between alloys with 8 and
10% magnesium would not be expected. Thus, the most likely explanation for the change to
brittle intergranular fracture with increasing Mg content is that segregation of Mg at grain
boundaries increases with increasing Mg content, and that a 2-D phase change occurs at a
critical Mg content around ~9wt.%. Magnesium segregation and indications of a 2-D phase
have indeed been observed by TEM [29-31].
Comparisons of Al alloys with other materials, where marked planar slip occurs without
promoting brittle intergranular fracture, also raise doubts regarding the planar-slip hypothesis
(and support for the segregation hypothesis) for brittle intergranular fracture. For example, a
nickel-based superalloy (Waspaloy – Ni 19.3Cr 13.9Co 4.0Mo 3.1Ti wt.%) is strengthened by
coherent γ' (Ni3-(Al,Ti)) (L12) precipitates [35], analogous to δ' (Al3Li) (L12) precipitates in
Al-Li alloys. It also exhibits planar slip (Fig.8a) since precipitates in the underaged condition
are easily sheared by dislocations. For underaged conditions, there are also no grain-boundary
precipitates or PFZs adjacent to grain boundaries – again similar to underaged Al-Li alloys.
For Waspaloy, ductile transgranular fracture occurs at 20°C and -196°C (Fig. 8b,c). The
difference in fracture modes between Al-Li and Waspaloy most likely occurs because there
are no embrittling segregants at grain boundaries in Waspaloy, whereas Li segregation
weakens grain boundaries in Al-Li alloys.
The case for a grain-boundary-segregation hypothesis for brittle intergranular fracture in
Al alloys is supported by comparisons of the effects of re-ageing of Al-Li alloys with the
effects of re-tempering a martensitic steel. For this steel, initially tempered at 425°C for 24h,
re-tempering for 5 minutes at 525°C produced a substantial increase in fracture toughness
(impact energy) and a decrease in the extent of brittle intergranular fracture, whereas
decreases in toughness occurred at longer times (Fig.9a) [36]. This behaviour is remarkably
similar to that observed for re-ageing of the 8090 alloy (Fig.4a), and it would not be
surprising if there were similar explanations. For tempered-martensitic steels, it is well
established that brittle intergranular fracture is promoted by segregation of metalloid
impurities to grain boundaries. The toughening effects of re-tempering for short times were
explained in terms of a reversion of a 2-D phosphorus-rich grain-boundary phase [36]. For AlLi alloys, analyses have shown that impurity segregation is not involved, but that lithium
segregation is probably present. Thus, the explanation for brittle intergranular fracture in AlLi alloys in terms of lithium segregation, and reversion of 2-D lithium rich phases during reageing, is supported by the comparisons with the temper-embrittled steels.

Fig. 8(a) Optical micrograph of electropolished surface of Waspaloy (2h 1040°C oil quench +
6h 730°C air cool) after 2.5% strain showing planar slip, and (b, c) SEM of fracture surfaces
produced at 20oC and -196oC showing transgranular dimpled fracture surfaces [27].
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Fig. 9 (a) Plot of impact energy versus re-tempering times for a martensitic steel where low
impact energies are associated with phosphorus segregation at grain boundaries. (Re-plotted
from the work of Shinoda et al. [36]) and (b) Plots of impact energy versus test temperature
for Cu-Sb alloys, showing increasing ductile-to-brittle transition temperature with increasing
Sb content. (Replotted from data given by McLean [37])
The transitions from ductile transgranular fracture to brittle intergranular fracture observed
with decreasing temperature in the 8090 alloy are also analogous to the behaviour observed in
some other materials embrittled by impurity segregation to grain boundaries. For example, for
Cu-Sb alloys, the ductile-to-brittle transition temperature increases with increasing Sb
content, with the transitions also occurring over a narrow temperature range in some cases
(Fig. 9b) [37]. Such observations further strengthen the argument that brittle intergranular
fracture in Al-Li alloys is associated with segregation at grain boundaries and that the slipmode is incidental. High strains probably occur at grain boundaries regardless of slip-mode
due to general strain incompatibilities in adjacent grains so that, if grain boundary cohesion is
low, intergranular fracture will occur.
8. Conclusion
A review of previous work, along with some new observations, suggest that (i) there is little
or no correlation between slip mode and the tendency for brittle intergranular fracture in Al
alloys, and (ii) low grain-boundary cohesion is probably associated with segregation of
alloying elements such as Li and Mg, which results in specific, temperature/concentrationdependent structural changes, i.e. 2-D grain-boundary phase transitions.
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Introduction
The yield strengths achieved by age-hardening of ingot-metallurgy aluminium alloys have
increased considerably since the first significant commercial Al-Cu alloy (2014-T4) was
developed (ca. 1920), with a strength of ~290MPa. The development of 7xxx Al-Zn-Mg-Cu
alloys in the 1940’s resulted in a step change in strengths to the 520-540MPa range, with only
small increases to about 590MPa achieved since then. However, complex ageing treatments,
and Fe + Si impurity limits, have resulted in modern 7xxx alloys having much higher SCC
resistance and toughness than earlier alloys [1]. Al-Li alloys such as Al-Li-Cu-Mg-Zr (8090)
developed in the 1980’s also had peak strengths in the range 480-550MPa. The development
of the Weldalite alloys (Al-Cu-Li-Ag-Zr), also in the 1980’s [2], however, resulted in another
step change in the attainable strengths up to ~700MPa (Fig. 1).

Figure 1. Increases in yield strength with time for ingot metallurgy Al alloys. Adapted from
[1]
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The first step change in strength in the 1940’s resulted from the higher number density
of precipitates and higher solute contents. The second step-change in strengths resulted from
a change in the type and morphology of the strengthening precipitates from nano-scale,
spherical, rod, or plate-like precipitates with small aspect ratios to thin (2nm) plates with very
high aspect ratios (up to 100:1) on {111} planes. These thin plate precipitates partition matrix
deformation into much smaller volumes than do precipitates in other alloys since the largeaspect-ratio plates are not easily sheared or by-passed by dislocations [3].
In recent years, there have been extensive efforts to increase the strength of materials in
general by refining grain sizes to the nanocrystalline (NC)(<100nm) and ultra-fine grained
(UFG)(100nm - 1µm) regimes, especially using severe plastic deformation techniques such as
equal-channel angular pressing (ECAP), friction-stir processing (FSP), and high-pressure
torsion (HPT) [4,5]. For example, a 2024 alloy with a grain size of 70nm produced by HPT
has been shown to exhibit a hardness of 265HV after natural ageing [6] (Fig. 1). Other studies
of NC and UFG precipitation-hardened Al alloys have shown that, aside from grain-size
strengthening, severe plastic deformation can (i) promote precipitation hardening owing to
dislocations acting as nucleation sites [7], (ii) result in precipitation of unusual phases [8], and
(iii) eliminate or minimize precipitate-free zones (PFZ) at grain boundaries [9]. In some cases,
grain growth during ageing can produce softening rather than hardening [8, 10, 11].
In the present work, the ageing response of an 8090 Al-Li-Cu-Mg-Zr alloy before and after

determine how grain-size strengthening and precipitation interact in this material. Al-Li
alloys such as 8090 were developed to reduce density by about 10% compared with
‘conventional’ alloys in order to make Al alloys more attractive to the aerospace industry.
However, Al-Li alloys have not been extensively used to date owing to several shortcomings,
including a propensity for brittle intergranular fracture (BIF) in some circumstances. Thus, a
further aim of the present work was to determine if refining the grain size would increase the
resistance to intergranular fracture.

Experimental Procedure
Al 2.3Li 1.2Cu 0.7Mg 0.1Zr (wt. %) alloy (8090) plates in the near-peak aged (T8771)
condition were used as the base material. FSP was carried out on the coarse-grained (CG)
base material (in the peak-aged condition) using a range of processing parameters. The
material with the finest grain size was studied in the present work, and was produced by
immersing the plate in a bath of dry ice plus antifreeze prior to and during processing, using a
low tool rotation speed (225rpm) and a traverse speed of 76mm/min. (The tool diameter and
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depth were 3.8mm and 3.2mm, respectively.) HPT was carried out on solution-treated and
quenched material at 20ºC using small disks (8-14mm diameter and 1-2mm thick) until at
least a saturation flow stress was achieved. For the FSP material, notched specimens (6x8mm
cross-section) were fractured in cantilever-bending at temperatures from 20 to -196ºC.
Microstructures were characterised by optical and transmission electron microscopy (TEM),
and fracture surfaces were examined using an SEM with a field-emission gun.

Results

a)

Grain Size before and after FSP and HPT

The 8090-T8771 alloy had a pancake-shaped grain structure (400 x 300 x 30µm grain
dimensions) typical of rolled plate. After FSP, using the conditions described above, grains
were ~600nm diameter and were approximately equiaxed. The grain size produced by HPT
was ~170nm, and grains were also fairly equiaxed in regions examined – namely, 2-4mm
from the disk circumference and ~0.3mm below the surface. TEM showed that the small
grains produced by FSP and HPT had mostly high angle boundaries. Within the grains, there
was a higher dislocation density after HPT than after FSP.

b)

Ageing Response

The ageing responses of the CG (30µm) material, the UFG (600nm) FSP material, and the
UFG (170nm) HPT material differed significantly. For ageing at 170ºC, the CG material (resolution treated and cold-water quenched) exhibited age-hardening, with a peak hardness of
~160HV achieved after ~100h. The FSP material also exhibited hardening, but the peakhardness was reached in a shorter time and was significantly lower (~130HV after 5h) than
that for the CG material, even though the initial hardness was higher for the FSP material.
For the HPT material, the initial hardness (in regions 2-3mm from the disc circumference)
was twice that for the FSP material, remained constant during the first hour of ageing (at
170ºC), and then decreased with increasing ageing time from about 200 to 150 HV after
~100h (Fig. 2(a)). Ageing the HPT material at 120, 160 and 200ºC produced similar
behaviour to that observed at 170ºC, except that there were small increases in hardness at 120º
and 160ºC before the hardness decreased. Also, the rate of the decrease in hardness increased
with increasing temperature (Fig. 2(b)).
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Figure 2. Age-hardening response of 8090 (a) at 170ºC after HPT and after FSP compared
with the solution-treated and quenched coarse-grained material, and b) after HPT, at
temperatures ranging from 120 to 200ºC.
For CG material in near-peak aged conditions, fine dispersions of δ' (Al3Li) precipitates were
present in grain interiors, with coarser precipitates at grain boundaries, and a PFZ ~ 120nm
wide adjacent to grain boundaries. The FSP material (600nm grain size) aged to peakhardness had a similar microstructure with δ' precipitates within grains and a PFZ ~130nm
wide at grain boundaries, although there appeared to be fewer grain boundary precipitates
(GBP) than in the CG material. The aged HPT material also exhibited δ' precipitates, but
another type of coarser precipitate (not yet identified) was also present within grain interiors.
There did not appear to be a PFZ at grain boundaries or many GBP. The grain size of HPT
material increased during ageing, e.g. from ~170nm to ~250nm after 177h at 170ºC. Before
ageing, fine δ' precipitates were observed for the CG material, and for the UFG FSP and HPT
material. Some of these observations are illustrated in figures 3 and 4.
c)

Fracture Behaviour

Specimens containing both the FSP “nugget” and the CG material were cut from plates and
aged 32hr at 170ºC. They were then notched such that the notch tip just penetrated the UFG
region. Testing in cantilever bending at -196ºC and 20ºC was expected to produce fracture
from the notch through the UFG region but, instead, fracture first occurred along the
elongated grain boundaries of the coarse grains at right angles to the notch (behind the notch
tip), and then changed direction through the UFG region, as illustrated in figure 5(a). SEM
showed that the intergranular fracture surfaces in the CG region were fairly featureless, with
little evidence of plasticity. The fracture surface of the UFG region was dimpled and the
dimple size was about the same as the grain size (Fig. (5b)).
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Figure 3. (a) Optical micrograph showing part of FSP zone and adjacent CG region, (b) TEM
(dark field) showing fine δ' precipitates after FSP and (c), TEM (bright field) showing
coarsened δ' precipitates and grain boundary PFZ (arrowed) after ageing FSP specimen for
32h at 170ºC.

Figure 4. (a) TEM (bright field) showing UFG and high dislocation density after HPT, (b)
TEM (dark field) showing fine δ' precipitates after HPT, and (c) TEM (bright field) showing
coarsened grains and reduction in dislocation density after ageing HPT specimen for 177h at
170ºC.
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Figure 5. (a) Schematic diagram showing the unusual crack path through the notched
cantilever-beam specimen containing both the CG and UFG regions, and (b) SEM of dimpled
fracture surface of the UFG region.

Discussion
The differences in hardness between the CG 8090, the UFG FSP, and the UFG HPT material
prior to artificial ageing are probably mainly due to differences in grain size. All conditions
exhibited fine δ' precipitation, as might be expected since it is not possible to suppress such
precipitation even by rapid quenching. The FSP material would have been rapidly quenched
because solution-treatment temperatures are attained during FSP and because FSP was carried
out in a dry ice and anti-freeze bath. However, the quench may not have been as severe as for
a cold-water quench since material behind the tool will conduct some heat from near the tool
and beneath the tool shoulder. The HPT was carried out on solution-treated and quenched
material and no significant heating occurs during processing. A small amount of natural
ageing at 20ºC would have occurred prior to testing for all conditions. Plotting the grain-size
data for the 8090 alloy, along with other data in the literature for naturally-aged UFG and NC
Al alloys (and for the solid-solution strengthened 5083 alloy [12]), versus the inverse of the
square root of the grain size indicated an approximately linear relationship, consistent with a
Hall-Petch grain-size strengthening mechanism (Fig. 6). Deviations from an exact linear
relationship would be expected due to small differences in strengthening from other sources,
such as from dislocations in HPT material, and from differences in solid-solution
strengthening between the different alloys. For these materials where other strengthening
mechanisms are important it appears that grain-size strengthening only starts to make a major
contribution for grain sizes less than about 1µm [13].
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Figure 6. Hall-Petch plot for some naturally aged (NA) and solid-solution strengthened Al
alloys.

The lower age-hardening response of the FSP material (600nm grain size) compared
with the CG material probably arises mainly because the volume fraction of soft PFZ in the
former is much larger – about 28% compared with essentially 0%. There may also be some
coarse precipitation during cooling, which would reduce the solute available for fine
precipitation during ageing. The decreasing hardness with increasing ageing time at 200ºC
for the HPT material probably occurs because grain-coarsening during ageing results in grainsize strengthening decreasing more rapidly than strengthening due to precipitation. Ageing at
120º and 160ºC results in small increases in hardness in the early stages of ageing probably
because precipitation hardening initially outweighs the weakening due to grain growth, but
weakening due to grain growth predominates at longer ageing times. Similar behaviour has
been observed previously for Al-Ag and Al-Si-Ge alloys subjected to ECAP [8].
It also appears that precipitation strengthening in UFG HPT material is less
pronounced than in CG material since the CG material was harder than the UFG material after
100h ageing at 170ºC (peak-aged condition for the coarse-grained material). Since PFZ’s
appeared to be absent, the strengthening by precipitates is probably less in the HPT material
owing to the effects of grain-boundary migration during ageing. For example, the coarser
intragranular precipitates may have nucleated and grown at grain boundaries prior to grainboundary migration, and coarse precipitation would reduce the solute available for fine
precipitation. The low resistance of HPT to grain growth (compared with FSP material)
probably arises because there is a much higher internal stress for material given very high
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strains at 20ºC than for FSP material which undergoes dynamic recrystallisation at elevated
temperatures.
The unusual fracture behaviour of the FSP specimen described in the results indicates
that the fracture resistance is much greater for the UFG material than the CG material, and
that UFG material is not susceptible to BIF. For CG 8090 material, BIF is thought to be due
to lithium segregation at grain boundaries, as reviewed elsewhere in these proceedings [14].
An alternative hypothesis is that BIF is due to planar slip bands impinging at grain boundaries.
The more ductile fracture mode for the UFG material could therefore arise because there is
less Li-segregation at grain boundaries or because dislocation pile-up lengths are less for UFG
material (or both). Lithium segregation could be reduced due to different grain-boundary
structures in UFG material, e.g. because grain-boundary misorientations are lower or because
there are more grain boundary dislocations [14, 15].

The much larger area of grain

boundaries in UFG material than in CG material is not likely to reduce Li-segregation
significantly since lithium contents are high (~10at. %). (However, a grain-boundary-area
effect could be relevant to impurity-segregation induced embrittlement in other materials.)
Crack growth in the UFG FSP 8090 alloy probably occurs through the soft PFZ at grain
boundaries, although this is not obvious because the dimple size is about the same as the grain
size. Dimple sizes even larger than the grain size have been observed in other NC and UFG
materials, and it has been suggested that voids are nucleated at special triple junction sites
[15]. However, these effects are not well understood, and further work is required to clarify
them.
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ABSTRACT

The goal of replacing 'conventional' Al alloys with A1-Li alloys to reduce weight of aerospace
structures has had only limited success to date, despite one of the largest alloy-development
programs ever undertaken. One of the reasons being, for some product forms and crack-plane
orientations, fracture toughness is lower compared with conventional A1 alloys due to a
greater propensity for low-energy intergranular fracture. Proposed explanations for brittle
intergranular fracture include: (i) planar slip resulting in high stresses where slip bands
impinge on grain-boundaries. (ii) embrittlement due to alkali-metal-impurity phases, and (iii)
grain-boundary structural changes associated with segregation of lithium. The present paper
reviews evidence for and against these proposed mechanisms based on (i) studies of 8090 and
2090 alloys, and the more recently developed 2297 alloy, and (ii) comparisons of fracture of
these alloys with other materials that exhibit grain-boundary weakness. It appears that lithium
segregation to grain boundaries is the prime cause of low-energy intergranular fracture in AlLi alloys. Embrittlement by alkali-metal impurities is not important providing that impurity
levels are less than about 5 ppm (as is the case for most commercially produced alloys).
Planar slip and other factors probably play only a minor role.
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INTRODUCTION

Al-Li alloys have a fairly long and chequered history, with their first significant use in the late
1950's when an Al 4.5Cu-1.1Li-0.5Mn-0.2Cd (wt. %) alloy (2020) was successfully used for
the wing skins and tails of the RA-5C: Vigilante aircraft [1, 2]. In the mid 1960's, a relatively
low strength, but much lighter, Al 5Mg-2Li-0.1Zr (wt.%) alloy (1420) was used in Russia for
the welded fuel tank and cockpit areas of the MiG 25 and 29 supersonic aircraft [1,2]. In the
1970's and early 80's, extensive Al-Li development programs were carried out with the aim of
replacing 'conventional' Al alloys in aircraft structures with Al-Li alloys that had equivalent
high strength and other requisite properties, but were 8-10% lighter (and stiffer) due to the
presence of about 2.0 wt.% (~8 at.%) lithium. Alloys 8090 (Al 2.3Li-1.2Cu-0.7Mg-0.12Zr)
and 2090 (Al 2.8 Cu-2Li-0.1Zr) proved to be the most promising, and have been used in a
number of 'niche' applications [1-3]. However, they have not seen the anticipated widespread
use due to some property shortcomings and, to some extent, their greater cost compared with
conventional Al alloys. The continued improvement in the properties of conventional Al
alloys in the 1980's and 90's has also contributed to the continued preference for such alloys
[l].

Further developments in the late 80's and 90's, aimed at overcoming some of the property
deficiencies of earlier alloys, led to alloys such as 2297 (Al 3Cu-1.2Li-0.33Mn-0.lZr) which
has been used for bulkheads and other parts in military aircraft [4-6]. Other significant
developments include the weldable high-strength 2195 alloy (AI 4.0Cu-1.0Li-0.3Ag-0.3Mg0.14Zr) which has excellent combinations of strength and fracture toughness at ambient and
cryogenic temperatures and is now the main structural alloy for the external tank of the space
shuttle (Fig. 1), and is used for other applications [7] . However, it has not seen significant use
in commercial aircraft.

Page 238 of 249

Figure 1 External fuel tank of space shuttle made of 2195 Al-Li alloy.

The main property shortcomings that have prevented more widespread use of Al-Li alloys
such as 8090 and 2090 include (i) lower thermal stability, and (ii) more marked anisotropy,
than conventional alloys [1,2]. The poor thermal stability is associated with the high lithium
content (8 at.%) of these alloys such that, after ageing to near peak-aged conditions (at high
temperatures), further ageing occurs at low temperatures. This additional ageing (which
could occur in service) increases strength but decreases toughness below desirable levels.
Alloys with lower lithium contents such as 2297 (~5 at.%Li) do not suffer from this problem
[4-6].

The greater anisotropy of Al-Li alloys compared with conventional alloys results from a more
marked crystallographic texture or, in product forms with elongated grains, a greater tendency
for low-energy (‘brittle’) intergranular fracture.

A problem associated with sharp

crystallographic textures, besides variations in strength with testing orientation, is the
tendency for cracks to deviate from a plane normal to the applied stress to one that is steeply
inclined to the stress direction. Such behaviour has been observed in a number of alloys
including 8090 [8] and 2297 [9], and is a problem because it makes damage-tolerance
assessments difficult.

The susceptibility to brittle intergranular fracture (BIF) leads, in particular, to low shorttransverse (S-L, S-T) fracture toughness of plate and extrusions. Delaminations (due to low
toughness) during hole drilling and rivet installation have prevented the use of some Al-Li
alloys [1]. Alloys with higher lithium contents appear to be more prone to BIF but, as shown
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in the present work, it still occurs to some extent in lower-lithium alloys such as 2297. A
review of the reasons for the propensity of Al-Li alloys to exhibit BIF is therefore in order,
and is the focus of the present paper. Further, more-detailed property comparisons between
Al-Li and conventional Al alloys, including relative strength, toughness, fatigue, and
corrosion behaviour, can be found in refs [8,10,11].

PROPOSED MECHANISMS FOR BRITTLE INTERGRANULAR FRACTURE
Planar Slip

Planar slip impinging on grain boundaries is the most commonly cited cause of BIF of Al-Li
alloys [12]. Alloys such as 8090 that are strengthened primarily by coherent  (Al3Li)
precipitates are particularly prone to planar slip (Fig.2) since these precipitates are easily
sheared by dislocations. There does not, however, appear to be a good correlation between
the propensity for BIF and the degree of slip planarity. For example, BIF in 8090-T8771
plate (aged 32h at 170ºC) can largely be eliminated (and S-L fracture toughness doubled)
without a significant change in the observed slip mode by re-ageing for very short times
(10min) at 200ºC (Fig. 3) [13,14]. Little change in slip mode would be expected as the
second ageing step produces little change in microstructure – just a small degree of reversion
of smaller  precipitates.

Figure 2

TEM of planar slip bands in 8090T8771 alloy strained 7% at 20ºC.
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Figure 3 (a) Plot of S-L fracture toughness (KQ) for an 8090-T8771 plate (32h at 170ºC) reaged at 200ºC and 230ºC showing large increase in KQ after short re-ageing times, (b, c) SEM
of fracture surfaces showing predominantly BIF in the T8771 condition and ductile
intergranular fracture (DIF) in the toughened condition, and (d) optical micrograph of slip
around hardness impressions in the same grain before and after toughening (re-ageing)
showing no significant change [13,14].

For very underaged 8090 alloys, there is a remarkably sharp transition from ductile
transgranular fracture (DTF) to BIF over about 30-50ºC as the temperature is decreased
(Fig.4), but no detectable change in slip mode (and little change in strength) occurs over this
temperature range. Moreover, slip is fairly homogeneous at low temperatures [13-15]. For the
2297-T87 alloy, strengthening precipitates are primarily T1 and , which are not as easily
sheared by dislocations as , and there are numerous Mn-based dispersoids within grains,
which should promote homogeneous slip [4-6]. However, BIF occurs in 2297, especially at
low temperatures (Fig.5). Thus, planar slip is probably not an important cause of BIF, and
other explanations must be sought.
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Figure 4

Plot showing abrupt change from 100% DTF to 100% BIF with decreasing

temperature for a very underaged 8090 plate: (a) for two different through-thickness positions
corresponding to a strong texture (T/2) and a weak texture (T/6), and (b) for different ageing
times [14-16].

Figure 5. SEM showing fracture surfaces for a 2297 alloy plate: (a) peak-aged (T87) condition
(VH~152) tested at 20ºC showing area of BIF (with numerous GBP on facets) and adjacent
area of DTF, and (b) very underaged condition (64h at 100ºC) (VH~ 75) tested at –196ºC
showing BIF (with very few GBP on facets) and isolated dimples.

Grain-Boundary Precipitates and Precipitate-Free Zones

Preferential precipitation at grain boundaries during quenching (especially in thicker plates
where cooling rates are slower) and during ageing leads to solute-depleted precipitate-free
zones (PFZ) in most Al alloys.

Strain localisation in PFZ and around grain-boundary

precipitates (GBP) can result in void nucleation and growth, thereby resulting in dimpled
intergranular fractures. The depth and spacing of the dimples depends, inter alia, on the GBP
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spacing and PFZ width, and in alloys with fairly well separated GBP and quite wide PFZ,
such as 8090-T8771 plate (Fig. 6(a)), well defined dimples would be expected on fracture
surfaces. Such ‘ductile’ intergranular fractures (DIF) are observed in some areas but BIF
predominates in the T8771 condition (Fig.3 (b)) [13].

The double-ageing treatment,

mentioned in the previous section, which promotes DIF and largely eliminates BIF, does not
change the PFZ width or GBP [13,14]. Furthermore, BIF occurs in very underaged 8090,
2090, and 2297 alloys where GBP and PFZ have not developed (Fig. 6(b)) [15], further
demonstrating that such factors are not the primary cause of BIF. However, GBP and PFZ in
near peak-aged alloys undoubtedly contribute to BIF by localising strains at grain boundaries.

Figure 6 TEM of an 8090 alloy in (a) near peak-aged condition showing PFZ and GBP, and (b)
very underaged condition (2h at 60ºC) with no PFZ or GBP at grain boundary (arrowed).

Grain-Boundary Impurities
Segregation of impurity atoms to grain boundaries promotes BIF in many materials – the best
known example being the temper embrittlement of steels due to monolayer segregation of
metalloid impurities (P, S, As, Sb). For Al-Li alloys, analysis of grain-boundary fractures by
sensitive techniques such as Auger Electron Spectroscopy (AES) has not shown any evidence
of elemental impurity segregation [17]. However, alkali-metal impurity (AMI) phases have
been detected at grain boundaries by transmission-electron microscopy [18], and thin Na-K
rich films have been observed on intergranular fractures for alloys with high Na-K contents
[18,19]. The mechanism of AMI embrittlement involves transport of AMI atoms to crack tips
during crack growth, and adsorption-induced weakening of interatomic bonds at crack tips
[19]. Transport occurs by capillary flow when the Na-K phases are liquid (the Na-K eutectic
melting point is about –12ºC) or by surface diffusion. Transitions from BIF to DIF occur
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when the supply of embrittling atoms is exhausted, so that ‘brittle islands’ surrounded by
dimples are observed on fracture surfaces (Fig.7).

Figure 7 SEM of intergranular fracture at 20ºC in near peak-aged 8090 alloy containing 10
ppm Na impurity, showing brittle islands surrounded by dimpled areas.

For Al-Li alloys with less than about 5ppm (wt.%) Na+K, there is no evidence of significant
embrittlement due to impurity phases, presumably because they are not present in sufficient
numbers or sizes [19]. For Al-Li alloys with high Na+K contents tested at low temperatures
(down to –196ºC), there is also no evidence of AMI-phase embrittlement, and none would be
expected since the phases would be solid and impurity atoms would be unable to migrate to
crack tips at sufficient rates [19]. BIF does, however, still occur in Al-Li alloys with low
Na+K contents, and occurs particularly at low temperatures. Thus, another mechanism of
embrittlement must be operating in such circumstances.

The presence of high levels of hydrogen has been suggested as a cause of embrittlement [20],
but studies of 2090 alloys with high and low hydrogen levels suggest that there is little or no
effect, possibly because hydrogen combines with lithium to produce small, innocuous
lithium-hydride particles [21]. As mentioned above, there is no evidence of other impurity
segregation at grain boundaries which could be responsible for embrittlement. There are,
however, close similarities between embrittlement of Al-Li alloys and embrittlement of other
materials by segregation, and it appears that segregation of lithium itself may be involved, as
discussed in the following section.
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Lithium Segregation

Segregation of lithium at grain boundaries cannot be detected by techniques such as AES
commonly used to detect segregation of other (heavier) elements. Attempts to detect lithium
segregation by other techniques have been limited, but one study of an 8090 alloy using TEM
and parallel-electron-energy-loss spectroscopy (PEELS) has shown that lithium segregation
develops during ageing, as does the occurrence of BIF [14]. Theoretical calculations and a
number of experimental observations also support a lithium-segregation embrittlement
hypothesis.

Firstly, thermodynamic (pair-bonding) calculations indicate that lithium segregation should
produce embrittlement of aluminium [22]. Secondly, the activation energy for embrittlement
of very underaged 8090 alloys (tested at –196ºC), and for re-embrittlement of near-peak aged
8090 alloys given the re-ageing toughening treatment, is about the same as that for lithium
diffusion to grain boundaries [13-16]. Thirdly, the effects of temperature, ageing treatments,
texture, and lithium content on BIF can be explained in terms of lithium segregation to grain
boundaries.

Effects of Testing Temperature:

Sharp ductile to brittle transitions with decreasing

temperature, observed for very underaged 8090 alloys (Fig.4), have also been observed in
other alloys, such as Cu-Sb (Fig.8(a)) and Steel-P [23, 24], where it is well established that
grain-boundary segregation is involved.

In these other systems, the ductile-to-brittle-

transition temperature (DBTT) increases with increasing impurity content (and grain
boundary segregation levels). For 8090 alloys, the DBTT increases with ageing time (at a
given temperature) (Fig.3(b)), consistent with increased lithium segregation at grain
boundaries.
The ductile-to-brittle transitions can be explained in terms of ‘two-dimensional’ (2-D) grainboundary phase transitions (i.e. changes in atomic structure) below a critical temperature that
is dependant on the level of grain-boundary segregation [15,16]. There are several indications
[15, 16, 25, 26] that such grain-boundary phase transitions might occur, e.g. (i) analogous 2-D
phase changes on surfaces with adsorbates, (ii) transitions from planar to faceted boundaries
and re-arrangements of intrinsic grain-boundary dislocations with changes of temperature, and
(iii) molecular-dynamics studies. However, no specific observations related to ductile-tobrittle transitions have been reported, and TEM observations of very underaged 8090 alloys
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did not reveal any changes at grain boundaries during in-situ cooling through the DBTT [27].
However, this is not surprising as structures at the atomic scale were not resolved, and it is
subtle changes in the atomic arrangements which are probably involved in controlling fracture
behaviour.

A change in grain-boundary structure and composition could facilitate BIF by (i) decreasing
cohesion across grain boundaries so that ‘decohesion’ occurs in preference to slip, (ii)
hindering slip transmission across grain boundaries so that higher stresses are developed
across them, and (iii) affecting dislocation emission from intergranular crack tips [22].
Detailed fractographic observations of intergranular facets indicate that BIF occurs by a
localised microvoid-coalescence process, as for DIF but on a much more localised scale,
suggesting that grain-boundary structural changes facilitate dislocation emission from crack
tips [16].

Effects of Ageing Treatment: The decreasing propensity for BIF and increase in fracture
toughness for 8090-T8771 alloys after very short re-ageing treatments at higher ageing
temperatures (Fig. 3) is analogous to the behaviour of steels embrittled by phosphorus retempered for very short times at higher temperatures (Fig.8(b)) [28]. These effects are not
completely understood, but there is no doubt that segregation is involved for steels and, hence,
it is likely that segregation is also involved for Al-Li alloys. For Al-Li alloys and steels, it has
been suggested that re-ageing/re-tempering for short times produces transient decreases in the
level of grain-boundary segregation, with segregants initially diffusing to, for example, grainboundary precipitates at faster rates than they can be replenished by diffusion from the matrix
[13, 14, 28].

Effects of Texture: Studies of 8090-T8771 alloys have shown that BIF occurs to lesser
extents when crystallographic textures are stronger (corresponding to a greater proportion of
low-angle boundaries), e.g. near the mid-thickness position of plates. The DBTT for very
underaged 8090 alloys are also lower when textures are stronger (Fig.4(a)) [15]. Analogous
effects have been observed for tungsten bi-crystals embrittled by oxygen segregation, where
the DBTT is lower for lower angle grain boundaries (Fig.8(c)) [29]. Such effects can be
explained on the basis that levels of segregation are lower for low-angle grain boundaries
compared with high-angle boundaries, due to the ‘more-compact’ structures of low-angle
boundaries.
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Figure 8 (a) Plot showing decrease in fracture energy with decreasing temperature
(corresponding to the development of BIF) in Cu-Sb alloys [23], (b) Plot of fracture energy
versus re-tempering time at 525ºC (following initial tempering at 425ºC for 24h) showing
peak after short times for a high-strength steel containing phosphorus [28], and (c) Plot of
fracture energy versus temperature for tungsten bicrystals containing oxygen impurities with
low-and high-angle grain boundaries [29].

Effects of Lithium Content: An increasing tendency for BIF and lower fracture toughness for
alloys with higher lithium contents (other factors being equal) would be expected if lithium
segregation is responsible for facilitating fracture. Comparisons of the behaviour of alloys
with different lithium contents is, however, difficult due to differences in the amounts of other
elements and, consequently, different microstructures and strengths. Nevertheless, there does
appear to be a general trend of decreasing toughness with increasing lithium content. For
example, alloy 2297 (1.2 Li) has a higher (minimum) S-L fracture toughness than alloy 8090
(2.2 Li) which, in turn, has a higher S-L toughness than alloy 8091 (2.5 Li). Moreover, for
very underaged alloys, where matrix and grain-boundary precipitation have not developed to
any extent, more ageing is required to produce BIF in alloys with lower lithium contents.
Thus, for tests at –196ºC, an Al 2.7Li 0.1Zr alloy exhibited BIF in the as-quenched condition,
alloy 8090 required ageing for about 2h at 60ºC, and alloy 2297 required ageing for 64h at
100ºC.
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IMPLICATIONS FOR ALLOY DEVELOPMENT

If one accepts the view that segregation of lithium to grain boundaries is the main cause of
BIF and low fracture toughness in Al-Li alloys, then it is doubtful whether there are any
remedial measures besides those that have been tried. Reducing lithium content much below
the 1.2wt.% present in the 2297 alloy would, of course, largely defeat the purpose of Al-Li
alloy development.

In any case, the S-L fracture toughness of 2297-T87 (18MPam

minimum) may be sufficient to preclude problems during assembly or in service. For higher
lithium-containing alloys such as 8090, re-ageing treatments (Fig.3) could be applied to
increase toughness (so that delamination during assembly processes would probably be
prevented), and decreasing toughness during service would probably be tolerable. “Grainboundary engineering”, e.g. increasing the proportion of low angle/low  boundaries, would
be beneficial, but may not be practical. Previous alloy-design efforts that have been aimed at
reducing the degree of planar slip in order to increase intergranular fracture toughness have,
arguably, been misguided since there appears to be little correlation between slip planarity
and BIF.
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