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Abstract
In the present era of light weighting, magnesium (Mg) alloys are gaining popularity in
many industrial applications, owing to a combination of low density and high specific
strength. Whilst the low density of magnesium components is a significant advantage, the
hexagonal crystal structure of Mg affects fundamental properties such as ductility and
toughness. Adding controlled amounts of alloying additions such as Al, Zn, Mn, Y, Zr, Gd,
Li, RE (rare earth blends, including one or more of Ce, Nd, La), produces Mg alloys with
good specific strength, and, with further thermo-mechanical processing, it is possible to
obtain even higher specific strength (comparable to that of other metal systems, such as
steels). However, microstructural heterogeneities, brought about by alloying, often result in
poor corrosion resistance. As such, to exploit the promise of Mg alloys, a balance of
properties must be achieved. In spite of much recent research in this field, corrosion and
mechanical properties are rarely studied together. Such a task is not trivial, however it is
clear that to broaden the range of potential applications of Mg alloys, significant alloy
engineering and design is still required – particularly to provide an optimised balance of
mechanical and corrosion performance. The present work focuses on the optimisation, and
related science, required to extend the property space of Mg alloy AZ31 using previously
unexplored microalloying additions. In addition an in-depth investigation of the galvanic
corrosion inherent to Mg alloys is carried out, using samples specially designed to provide
macroscopic examples of galvanic corrosion. The findings reveal a new insight on the
phenomenon of microgalvanic corrosion of Mg, that has not been previously reported –
whereby the damage evolution is principally dictated by local pH.
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Introduction
1.1

Advanced metallic body armour

A variety of materials, including polymers, metals, ceramics, woven fibres and composites,
are used in personal light armour. However none of these materials presently provide what
soldiers would deem a satisfactory balance between ballistic performance and weight.
Soldier mobility, flexibility and endurance on the battlefield directly depend on the weight
of body armour, so low-density materials with satisfactory ballistic properties and high
fracture toughness are needed. Ceramic materials have outstanding ballistic properties but
low fracture toughness (which translates to poor multi-hit performance) and high density,
while composite armour can also be heavy. Developments in bulletproof fabric have
yielded some improvements compared to traditionally used Kevlar; such fabric is resistant
to slashing and offers some bullet resistance, however its price and cost-effectiveness
remains a serious issue [1].
Ballistic impact energy is transmitted through personal armour into the torso of a soldier,
often resulting in significant injuries even when the bullet does not fully penetrate the
armour. Thus reduction in energy transfer is another critical aspect of personal armour [2].
The potential of metals for light body armour has not yet been fully exploited. Preliminary
considerations suggest that magnesium alloys are potential candidates to fill this role
because they possess appealing properties, including higher specific strength (strength
divided by density) than other alloys (which may be stronger but are also heavier). Another
advantage of Mg is its low cost. In recent years, a commodity Mg alloy AZ31 (Mg3wt.%Al-1wt.%Zn) has been given, and classified according to, US Military
Specifications. “As produced” AZ31 has poorer ballistic properties (strength and fracture
toughness) than those of advanced polymer/fibre blends. This is because of the relatively
low ductility of the alloy, arising from its hexagonal close packed (HCP) crystal structure.
Unlike a cubic structure, HCP structures have limited deformation modes and each of the
deformation systems has a different critical resolved shear stress value, which varies with
temperature. Thus, the Taylor criterion for uniform deformation is not satisfied, which
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explains the observed reduction in strength and ductility of magnesium alloys [3]. In
addition, Mg develops very strong basal texture after conventional thermomechanical
processing, leading to yield stress anisotropy [4].
Bearing in mind these limitations of commercial AZ31, a potential key approach to
resolving the texture ‘problem’ is to introduce an alloying element with greater atomic
radius, thus altering the texture and leading to less preferred grain orientation; this
approach is explored in the present dissertation. Furthermore, following the Hall-Petch
relationship [5], where the strength is inversely proportional to the square root of grain
size, a significant increase in strength can be attained by grain refinement via a
combination of microalloying and plastic deformation [6]. Concomitantly, a base increase
in strength can be expected from solid solution strengthening via the addition of soluble
elements. In addition, ensuring the dissolution of alloying elements into alloy matrix will
minimise the risk of localised corrosion, i.e. galvanic coupling between Mg matrix and
secondary phases. (The phenomenon of localised corrosion of Mg is covered in section
below.)
Such an alloy with improved strength, fracture toughness and satisfactory environmental
durability would have a much lower price and lighter weight than the currently used fibre
blend composite; whilst there is also potential for better ballistic performance.
This dissertation describes production, processing and characterisation of atypically
alloyed AZ31. The compositions and processing parameters are listed in Table 1. The
experimental results reflect the influence of alloying elements on microstructure and
texture, and thus mechanical and corrosion properties, of the modified AZ31 alloy. As
indicated in §3, the project lends itself to original and scientific hypotheses that are being
experimentally tested, and the reporting of results is given in §4 and 5.
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1.2

Galvanic corrosion of Mg and Al with a noble cathode

The main challenge in light alloy design is tuning alloy microstructure to yield a good
balance between mechanical and corrosion properties. As mentioned above, alloying Mg
imparts certain changes in microstructure that although may be beneficial in enhancing
mechanical performance of an alloy it may negatively reflect on corrosion resistance. The
microstructural heterogeneities that arise from alloying often lead to localised corrosion
attack of alloys. The phenomenon of localised corrosion of Al and Mg alloys is generally
associated with cathodic second phase particles. For instance, attack is found at the
periphery of Fe-containing phases in AA2xxx series alloys and also occurs at almost all
other second phase particles in Mg-based alloys. This attack is commonly attributed to
micro-galvanic effects. However, the potential variation on the micrometer scale in
(relatively highly conductive) aqueous chloride solutions, for instance, is extremely small.
Conventional wisdom would suggest that the system reaches a mixed potential with only
small ohmic potential drops between anodes and cathodes, unless the local anodes and
cathodes are separated by a large distance in a resistive medium.
Another mechanism often used to explain trenching of the matrix around cathodic particles
in Al alloys is alkaline dissolution, resulting from the buildup of an alkaline zone at local
cathodes via OH- production and diffusion across the neighbouring Al matrix.
Al is an amphoteric metal that readily dissolves in alkaline solutions; thus one may expect
both local micro-environments and differences in potential to contribute to localised attack.
In contrast to Al, Mg is not amphoteric, but passivates readily in alkaline solutions.
Therefore, a closer inspection of alkaline trenching around cathodic particles in Mg alloys,
along with carefully controlled experiments, will help illuminate the contributions of
potential gradients, pH gradients and electrolyte resistivity to the development and nature
of microgalvanic attack which occurs at open circuit.
In this work, pure Mg (or pure Al) was co-forged with an Fe rod inserted in the centreline
to serve as a local cathode during exposure in chloride solutions of wide-ranging
concentration and conductivity. The attack was observed and recorded by means of a
camera, and further characterised by optical profilometry and optical and scanning electron
microscopy.
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1.3

Layout of the thesis

The body of this work is presented in the following chapters:
Chapter 2. A consolidated literature review conveys information on the current state of
Mg alloys and their properties. An extensive background on the effect of the alloying
elements on the properties of Mg and Mg-alloys introduces reader to challenges met in Mg
alloy design.
Chapter 3. The research goals of this dissertation are formed based on a critical review of
the available literature.
Chapter 4. The characterisation and discussion of the properties of atypically alloyed and
extruded AZ31 are presented in this section. The focus is placed on the effect of alloying
on the microstructure, texture and resultant mechanical and corrosion performance of the
alloys.
Chapter 5. The effect of multiple microalloying in conjunction with severe plastic
deformation (SPD) on the properties of AZ31 are explored. The changes in mechanical and
corrosion properties of the alloys are discussed in context of the role of SPD on
microstructure and macro texture of AZ31.
Chapter 6. This section observes localised attack of Mg and Al around noble cathode- Fe,
which simulates galvanic coupling often found in the alloys. The results highlight the
effect of the local pH change on the corrosion behaviour of the metals.
Chapter 7. The overall conclusions of the research are given in this chapter along with the
proposed framework for developing high strength and ductility corrosion resistant Mg
alloy.
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2 Literature Review

2.1

Magnesium physical properties

Magnesium is the eighth most abundant metal on earth and, owing to its low density and
high specific strength, Mg is gaining popularity in many industrial applications in the
present era of light-weighting [7]. The main advantages of magnesium are that it possesses
the lowest density of all structural metallic materials, high specific strength, high damping
capacity, good castability, good weldability under inert gases, ease of machining, and is
readily available [8]. Furthermore, Mg and its alloys are non-magnetic, have relatively
high thermal and electrical conductivities, and good vibration- and shock-adsorption
ability. Along with these attractive properties, there are, however, some problems: limited
ductility and very high electrochemical activity in neutral conditions. Table 2.1
summarises the main physical properties of pure magnesium, which is soft, with low
ductility and low toughness at room temperature [9].
The HCP structure significantly limits cold formability, because of the restricted number of
deformation modes available for uniform plasticity at temperatures below ~225°C. At low
temperatures, deformation takes place by slip on the basal plane (0001) <1120> along with
(1012) <1011> twinning. Therefore, pure magnesium and its alloys tend to break via
intercrystalline failure and local transcrystalline fracture at twin zones or (0001) basal
planes within large grains. Above 225°C, slip can occur on the prismatic and pyramidal
planes and deformation behaviour improves markedly.
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Table 2.1: Physical properties of pure magnesium [8, 9].
Crystal structure

Hexagonal close packed (HCP)

Density

Troom= 1.73 g/cm3; Tmelt= 1.58 g/cm3

Young’s modulus

45 GPa

Ultimate tensile strength

8–180 MPa

Tensile yield strength

21–105 MPa

Compression yield stress

21–83 MPa

Fracture elongation

2–12 %

Brinell hardness

30–41

Melting point

650°C

Boiling point

1090°C

Shrinkage (liquid-solid)

4.2%

Electrical resistivity at 20°C

4.45 μΩ.cm

Standard electrode potential (SHE)

-2.37 V

In addition, because magnesium is not naturally found in the metallic state and has to be
extracted from its ores, it has a strong tendency to return to its stable state by reacting with
its environment, in particular, with oxygen and water. Its low standard electrode potential
makes it the construction material most highly susceptible to corrosion onset. Moreover,
Mg and its alloys rapidly form a surface oxide/hydroxide layer in moist conditions [10].
Although the high negative free energy of formation ensures such a layer forms
rapidly;however, this surface layer does not offer suitable corrosion protection (as, say, an
oxide layer does to Al or Cr) because:
•

The oxide/hydroxide layer is soluble in most aqueous environments, and in
environments of high humidity. A simple E-pH diagram for Mg is seen in Figure
2.1 (neglecting hydride formation [11]). Mg readily dissolves to form Mg2+, and the
corresponding cathodic reaction is the hydrogen evolution reaction (this
terminology is interchangeable with ‘water reduction’, since when water is reduced,
hydrogen evolves) [12]. Mg is prone to dissolution over a wide pH range extending
from -2 to 10.5 and is only passivated in highly alkaline conditions, where
magnesium hydroxide is insoluble and hence protective (i.e., a passive film) [13].
Mg completely loses its integrity in acidic conditions or in the presence of chloride,
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bromide, or sulphate ions, which restricts the use of Mg to benign conditions or
situations where suitable coating systems may be implemented [14].
•

This layer is highly defective, and does not completely cover the metal surface.
This is because the Pilling-Bedworth ratio, the ratio of the volume of the surface
oxide/hydroxide to the underlying (hexagonal) metal, is less than one [15].

The highly electronegative potentials of Mg and its alloys render Mg alloys prone to
galvanic

and

micro-galvanic

corrosion

(i.e.,

internal

corrosion

between

the

microconstituents of the alloy). Corrosion of Mg can also occur in deaerated environments,
because oxygen is not required for the cathodic water reduction reaction that dominates at

Potential (VSHE)

such negative potentials.
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Figure 2.1:
E-pH diagram for Mg in water (H2O) system at 25°C adapted from [16].
Labels 0, -2, -4, and -6 are the log of soluble ion activity for the indicated lines, and labels
a and b show conditions of stability for water and its decomposition products, hydrogen
and oxygen respectively. Hydride formation has been neglected [17].
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2.2

Magnesium alloys

The properties of pure Mg are unsatisfactory for most engineering applications. The
introduction of various alloying elements into the Mg matrix can improve some vital
mechanical properties. Strength can be increased by implementing one or a combination of
strengthening mechanisms.
Solid solution hardening is based on introducing an alloying element into solid solution, so
that its atoms, depending on their radii, either substitute for or occupy space in between
Mg atoms, resulting in blocking of dislocation movement [18]. This strengthening
mechanism would be the key to designing an alloy for an application where ductility is a
major requirement. In this situation, the choice of alloying elements is narrowed down to
those that are soluble in Mg, because only dissolved additions can modify the elastic
constants [5].
On the other hand, precipitation strengthening is employed when good creep resistance
properties are required. This mechanism requires that the solid solubility of an
intermetallic phase must reduce with temperature, and that the precipitate phase must be
stable. As a result, fine precipitates will be produced in the Mg matrix, and these
precipitates will subsequently impede dislocation movement [18].
Another strengthening mechanism, used to enhance mechanical properties, is grain
boundary strengthening. The main principle relies on reducing the average grain size, and
hence increasing the number of grain boundaries that act as pinning points and hinder
dislocation propagation, as quantified by the Hall-Petch relationship [5]. There are several
methods of controlling grain size in magnesium alloys. The primary method is by
superheating the melt and then quickly pouring it into a mould to create sufficient nuclei
for subsequent solidification [19]. Interestingly, some elements have shown the ability to
refine grains when added to magnesium, for example Zr-containing alloys usually have
much smaller grain sizes than those without Zr. However, further grain refinement can be
also achieved by thermomechanical processing [6].
The addition of alloying elements can either enhance or retard corrosion of Mg. The
presence of heavy metals such as iron, nickel, and copper can significantly increase the
dissolution rate of Mg alloys owing to their low solubility (in Mg) and subsequent
8

formation of micro-galvanic couples [20]. Based on an extensive literature review, it can
be concluded that the addition of more noble elements into a magnesium matrix will
negatively influence the durability of an alloy through formation of local cathodes [21, 22].
In contrast, alloying with elements that have less noble electrochemical standard potentials,
for example rare earths, will prevent the formation of galvanic couples and, in some cases,
even enhance passivation [7, 23].

2.2.1

Properties of magnesium alloys

The Mg-Al system is the most common class of Mg alloys, with up to 10 wt.% Al added to
increase tensile strength, hardness and castability [8]. Al is able to impart a small amount
of precipitation hardening upon aging, but the effect is comparatively minimal (~20 MPa).
Small amounts of Zn and Mn are also added to improve tensile properties and reduce
corrosion rate by incorporating insoluble heavy metal impurities such as iron. Such alloys
are termed the AZ series (Mg-Al-Zn). When additions of Al exceed ~6 wt.%, ductility and
corrosion performance are markedly reduced because of formation of >1 μm Mg17Al12
phase.
Another example of Mg-Al based alloys is the AM (Mg-Al-Mn) series alloys which
commonly have reduced aluminium contents and minor additions of Mn. These alloys
have greater ductility and fracture toughness, because of their lower amount of second
phase, Mg17Al12.
In general, AZ and AM alloys have a relatively good balance between mechanical and
corrosion properties. The corrosion rate is deemed adequate after the alloys have been
coated; however, further property enhancement would be beneficial if strength could be
increased, and the corrosion rate of the uncoated alloy reduced. As with all Mg-Al alloys,
creep resistance is not satisfactory, and whilst this can be improved by calcium addition
(up to 1wt.%) the low melting point of the Mg17Al12 phase restricts high temperature use.
Mg-Al based alloys with addition of cerium (or a combination of rare earths), known as the
AE series, show improved creep properties, resulting from formation of the Mg12RE phase
(as opposed to Mg17Al12); however, this comes at the expense of ductility.
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The ability to effectively refine the Mg grain size using Zr has led to the development of a
family of Zr-containing alloys. Binary Mg-Zr alloys are not strong enough for most
engineering applications; therefore, Zr is used as a functional element to enhance the
properties of other alloys (by grain size reduction) [24]. Mg-Zn-Zr are high strength alloys,
but have application limitations due to their high susceptibility to microporosity and low
weldability. On the other hand, Mg-Zn-Zr-RE (RE=La, Ce, or Nd) alloys display high
tensile properties combined with good creep resistance. The good creep properties are
attributed to both the strengthening effect of the precipitation within the grains, and the
presence of the grain boundary phases, which reduce grain boundary sliding. The
mechanical properties generally increase in the same order as the solubility of the
elements: La < Ce < Nd.
Owing to the high solubility of yttrium in magnesium and ability to cause age hardening, a
series of Mg-Y-Nd-Zr alloys have been developed. These alloys combine high strength at
room temperature with good creep resistance at temperatures up to 300°C. At the same
time, the heat-treated alloys have better resistance to corrosion than that of other
magnesium alloys (even comparable to that of many Al-containing alloys). Maximum
strengthening was found in Mg-6%Y-2%Nd alloy (WE54), however this alloy had low
ductility; a slight reduction in strength but increase in ductility was obtained by reducing Y
content and increasing Nd (Elektron, Mg-4%Y-2.5%Nd-1%RE) [25].
Table 2.2 outlines the properties of the most widely used Mg alloys as summarised in 1993
by Polmear and in some recent reports.
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Table 2.2: Most commonly used commercial Mg alloys and their mechanical characteristics, [19, 26, 27].
Alloy

Nominal composition
Si

Cu

Zr

Zn

Mn

AZ63

6

3

0.3

75

AZ91

9.5

1

0.3

AM20

2

0.5

AS41

4

0.3

Nd

Th

Y

Ag

Li

4.5

0.7

ZE41

4.2

0.7

ZC63

6

EZ33

2.7

95

2

Sand cast

105

10

Diecast

135

4.5

Diecast

140

5

Sand cast

135

2

Sand cast

145

5

Pressure tight casting

95

3

Sand cast

90

4

Sand cast

2.5

185

2

Sand or chill cast

2.5

185

2

Sand cast

200

4

T6

190

7

T6

130

4

Extrusion

1.3

3.2

HK31

0.7

QE22

0.7

2.5

QH21

0.7

1

3.2

WE54

0.5

3.25

WE43

0.5

3.25

M1

1.5

1

Typical production route
Sand cast

3
0.7

Elongation
(%)
4

1

ZK51

0.5

RE

σy,
MPa

Al

5
4

AZ31

3

1

0.3

150

20

Sheet

AZ61

6.5

1

0.3

180

7

Extrusion

AZ80

8.5

0.5

0.2

200

6

Forging

ZM21

2

1

120

11

Sheet

ZMC711

6.5

0.75

300

3

Extrusion

95

10

Sheet

210

6

Extrusion

LA141
ZK61

1.2

1.25

0.15
6

14
0.8
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2.3

Corrosion

Before reviewing and discussing the issues that must be solved to improve the corrosion
behaviour of magnesium and its alloys, the following section briefly introduces some
corrosion fundamentals.

2.3.1

Corrosion basics

Corrosion is the destructive result of electrochemical reaction between a metal (or metal
alloy) and its environment. Typically, engineering metals naturally occur in the form of
minerals, and corrosion can sometimes be thought of as the metal “returning” to an ore-like
state. The amount of energy needed to extract a metal from its ores is an indication of the
amount of energy released during the electrochemical reactions involved in corrosion [28].
A classic example of metallic corrosion in water is represented by reaction (2.1). During
this reaction, metal is oxidised to metal ions and water is reduced to hydroxide ions and
hydrogen gas. Thus reaction (2.1) can be conveniently divided into two half-cell reactions,
the oxidation of metal — anodic reaction (2.2), and water reduction — cathodic reaction
(2.3).

M + 2H2O  M(OH)2 + H2

(2.1)

M  M2+ + 2e-

(2.2)

2H2O + 2e-  H2 + 2OH-

(2.3)

As a result of these reactions, metal hydroxide (i.e. corrosion product) is formed and may
now serve as a protective barrier (passivation layer) to the anodic dissolution reaction.
However, the effectiveness of this protection depends on the solubility and physical and
electrochemical stability of the corrosion product.
There are many manifestations of corrosion, as elegantly outlined by Fontana [29].
Corrosion will always fundamentally involve the elementary corrosion reactions such as
those given above (or variants based on pH and electrode potential); however, their rate,
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and the involvement of other species (i.e. chlorides) will depend on the environmental
combination. The manifestations of corrosion are generally categorised as: pitting,
uniform, crevice, environmentally induced cracking, hydrogen damage, galvanic and
intergranular types.

2.3.2

Microgalvanic corrosion

Corrosion of Mg alloys is a kinetic issue. The form and rate of corrosion will depend on
the alloy composition and alloy loading, together with the component design (including
such factors as applied forces and whether the component is joined) and environmental
factors (such as pH, [Cl-] and temperature) [29, 30].
The half-cell reactions for Mg corrosion are given in Eqns. (2.4) and (2.3). Reaction (2.4)
is Mg dissolution, which produces electrons that are then consumed at the cathode (2.3),
resulting in generation of hydrogen gas. As will be described in the subsequent section, this
process can be sustained during anodic polarisation of Mg [31].

Mg  Mg2+ + 2e-

(2.4)

2H2O + 2e-  H2 + 2OH-

(2.3)

The relative rates of the above reactions, and their variation as a function of alloy potential,
can differ significantly (this will be discussed in detail in section 2.3.3).
Figure 2.2 shows schematic polarisation curves for pure Mg (in green) and a typical
secondary phase, β-phase, formed in Mg alloys (in red), where the upper and lower
branches of the curves indicate the anodic and cathodic reactions, respectively. Please note
that the surface areas of Mg and β-phase are assumed to be 1 cm2 in this example. The
point where anodic current is equal to cathodic current (ia=ic) is termed the corrosion
potential (Ecorr) and the intersection of the linear portions of anodic and cathodic parts of
the curve is termed the corrosion current density or corrosion rate (icorr).
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Figure 2.2:
Theoretical example of how an intermetallic phase can accelerate the
cathodic reaction in a Mg alloy. The areas of the Mg and β phase are assumed to be equal.

Microgalvanic corrosion can be understood via the simplified schematic in Fig. 2.2. In this
example, pure magnesium exhibits high corrosion rates because of its rapid anodic reaction
rate (compared to β-phase); however, the cathodic reaction occurs at much lower rates
(compared to β-phase). Alloying of Mg with other metals will lead to formation of
intermetallic phases (IMPs) if the elemental additions are above the solubility limit. The
polarisation curve (in red) shows that β-phase is more noble than Mg, and that β-phase can
support the cathodic reaction at significantly higher rates compraed to those found on pure
Mg (i.e. β -phase is a more effective catalyst for water reduction). More so, the faster
cathodic reaction rates at β phase result in intersection of the IMP-cathodic and Mg-anodic
branches at a higher current density, (icorr, alloy) as indicated in Figure 2.2. It is important to
note that the level of catalytic activity is a fundamental property (just like the modulus) and
is linked to the magnitude of exchange current density (i0) [28]. The value of exchange
current density is affected by the nature of the surface on which the exchange occurs; this
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implies that i0,

Mg

will be different from that of β-phase because of their differences in

composition.
Thus IMPs with higher catalytic activity result in an overall accelerated cathodic activity of
the alloy. Some IMPs, however, such as Mg2Ca, have more negative electrode potentials
than that of Mg and undergo extremely rapid dissolution (i.e. have very high anodic
activity) [32], eventually resulting in a tremendously high corrosion rate of Mg alloys
containing these IMPs. However, the magnitude of the effect of IMPs on acceleration of
anodic or cathodic kinetics depends on the area fraction of IMPs: the larger the fraction of
IMPs in the alloy, the more impact they have on increasing the overall corrosion rate of the
alloy [33].

2.3.3

Corrosion kinetics of Mg alloys

The Figure 2.2 discussed above is usually obtained from the potentiodynamic polarisation
response of the metal surface. This electrochemical response provides information about
the relative rates of the anodic and cathodic kinetics for a metal or alloy. The method can
also provide an instantaneous corrosion rate (termed the corrosion current density icorr) as
approximated by a Tafel-type fit, usually from the cathodic polarisation data. This has been
verified as a reasonable approximation to the corrosion rate as obtained from other
methods [34]. However, more relevant here is that the polarization technique is an
important tool in rationalising alloy behaviour, since it is the most effective way of
obtaining information on how a particular element affects the anodic or/and cathodic
reaction rates. A clear demonstration of this was provided by Kirkland, who revealed that
Mg – 10 wt. % Zn and Mg – 5 wt. % Ca show the same corrosion rates from mass loss
tests; however, the origin of the corrosion rates could only be ascertained from polarisation
testing, which revealed that Zn enhanced cathodic kinetics (with little influence on anodic
kinetics), whilst Ca enhanced anodic kinetics (with little influence on cathodic kinetics)
[35].
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Figure 2.3 compiles typical potentiodynamic polarisation responses of the most common
commercial Mg alloys and pure Mg. The compositions of the alloys shown in Figure 2.3
are given in Table 2.3. In Figure 2.3, the representative polarisation curve for pure Mg is
seen as a thick dark line. It is immediately obvious that there is a range of movements in
the relative anodic and cathodic curves depending on the respective alloying additions.
One striking feature however, is that most of the commercial alloys have significantly
more rapid cathodic kinetics than pure Mg, with the exception of WE54 and AE44 which
both contain appreciable RE additions, yielding similar cathodic kinetics to pure Mg. Other
features to note include that AM60, AZ31, AZ91 and ZE41 showed lower anodic kinetics
than pure Mg, whilst AE44 and WE54 showed enhanced anodic kinetics relative to pure
Mg.

Table 2.3: Precise chemical compositions of commercial Mg alloys for which polarisation
data is given in Figure 2.3, as determined by inductively coupled plasma – atomic emission
spectroscopy (ICP-AES) [21, 36-38].
Mg

Al

Zn

Mn

Zr

Fe

Gd

Y

La

Ce

Nd

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

wt. %

AZ31

Bal.

3.06

0.91

0.38

-

0.006

-

-

-

-

-

AZ91E

Bal.

8.82

0.81

0.3

-

0.004

-

-

-

-

-

AE44

Bal.

3.98

0.2

0.35

-

0.005

<0.005

<0.005

~2

~1

~1

AM60

Bal.

6

0.1

0.45

-

0.003

-

-

-

-

-

ZE41

Bal.

0.009

4

0.011

0.7

0.001

<0.005

<0.005

0.33

0.64

0.2

ZK60

Bal.

0.006

5.41

0.010

0.61

0.006

<0.005

<0.005

<0.005

<0.005

<0.005

WE54

Bal.

0.023

0.002

0.008

0.53

0.001

0.29

4.86

0.11

0.4

1.72

Alloy
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Figure 2.3:
A compilation of typical potentiodynamic polarisation responses of pure
(99.9%) Mg and common Mg alloys. The electrolyte used was 0.1M NaCl, and the scan
rate was 1mV/s [21, 36-38].

These simple descriptions are being made to orient the reader with the form and signatures
in such data, whilst the effects are treated in a holistic treatise further below.
The data in Figure 2.3 provides the classic manifestations for Mg corrosion kinetics, which
includes:
-

Elements that shift the anodic branch to lower rates nominally do so by solid
solution doping, which is efficiently achieved by Al and Zn. However this is
countered by a corresponding increase in the cathodic kinetics. Both of these
kinetic changes lead to ennobled Ecorr values.

-

Significant alloying additions (which in comparison to other metallurgical systems
can in fact be modest) will lead to second phase development and hence, nominally
more rapid cathodic kinetics (and hence corrosion rates).

-

It can be seen that Al-containing Mg-alloys tend to show the lowest anodic kinetics,
and amongst the fastest cathodic kinetics.
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-

Significant alloying with RE elements can reduce the Ecorr and enhance anodic
kinetics on the basis that REs are themselves ‘active’ elements.

-

Common alloying additions do not result in lower cathodic kinetics being imparted
to Mg. Even REs tend to serve as local cathodes under free corrosion conditions
[22].

-

Alloying additions nominally only alter Ecorr within a window of ~100mVSCE. This
however, does not mean that corrosion rates cannot be spread over several orders of
magnitude [39] since large changes in kinetics can be achieved on the basis that Mg
is “weakly polarisable”. This means that only small changes in potential can result
in large deviations of current (owing to a very low anodic Tafel slope in Mg
systems, as opposed to say, passivating systems).

In relation to the aforementioned alloys (Figure 2.3), there is ample information in the
literature concerning the microstructures developed [40-47], and hence our main focus
herein is to present their corrosion kinetics in respect to the main microstructural
constituents. It should be noted that the group of high(er) strength Mg-alloys (AE44,
WE54 and ZK60) possess the presence of precipitates including Al11RE3, Al10RE2Mn7,
Al2RE [47], MgxREy [44] and MgZn2 [48] respectively, with improved mechanical
properties at the expense of reduced corrosion performance [49]. Taking the finite
commercial alloys as examples, the microstructural, and hence electrochemical,
heterogeneity requires the quantification of microstructure as a requisite effort in the
rationalisation of corrosion performance.
Prior to discussing the unique effect of specific elements, a set of polarisation curves
depicting the corrosion kinetics of selected experimental alloys is shown in Figure 2.4. The
selection of the data in Figure 2.4 was deliberate, to indicate instances where anodic
reaction rates can be rather markedly increased. This phenomenon occurs for two reasons.
The first (Mg-Ca) is when the alloying element is more reactive (in terms of dissolution
kinetics) than Mg, which is the case when Ca is alloyed with Mg [50]. The second is when
an alloying element triggers ‘anodic activation’. This is the case for Mg-Sn. The
‘activation’ is a terminology used for elements that are able to disproportionally enhance
anodic kinetics, when this phenomenon may not be expected on the basis that the alloying
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element is (in its pure form) less active than Mg. This phenomenon is common to Al alloys
with heavy metals such as Pb and Sn, which are nominally low melting point elements that
segregate to the surface disrupting the surface film and allowing dissolution en masse. The
phenomenon is also observed in Mg (Figure 2.4) and occurs with Sn (also with Pb, Sb and
Zr as discussed below). However, this phenomenon has not been studied in detail, perhaps
due to fact it has no commercial relevance to date. Ironically, however, the low melting
point elements that lead to anodic activation in Mg, are also part of the family of (few)
elements that have lower cathodic kinetics than Mg (Pb, Sn and Sb have a low exchange
current density, which is a physical property of each element [51]). Unfortunately the
phenomenon of slowing cathodic reaction kinetics (evident in Figure 5 for the Mg-Sn
alloy) is overwhelmed by the anodic activation.
In the other examples provided which include ternary additions to Mg-Al alloys, the
overriding manifestation is the enhanced cathodic kinetics imparted by Al, whilst any
beneficial effects in reduced anodic kinetics are not significant for the cases presented.

Figure 2.4:
Typical potentiodynamic polarisation responses of pure (99.9%) Mg and
selected experimental Mg alloys (as denoted in the legend).
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In order to provide a synopsis of the electrochemical kinetics of constituents and
precipitates which can populate Mg-alloys, a selection of potentiodynamic curves collected
by Südholz [32] are presented for a finite number of Mg based intermteallics (Figure 2.5).
Such data is not inclusive of the entire spectrum of possible Mg-based intermetallics, as the
collection of such data necessitates the production of sufficiently large intermetallics for
interrogation via micro-electrochemical testing [33, 52, 53]. What is observed from Figure
2.5 is that the intermetallic particles are nominally noble with respect to Mg, with the
exception of Mg2Ca. This therefore indicates that such intermetallics, if in an Mg matrix,
will be polarised cathodically, and will remain cathodically protected, at the expense of
matrix dissolution. Of most interest and importance however, is that the rates of reaction
on the different intermetallics are distinctly different, and hence the chemical entity of the
intermetallic is of great significance to the ultimate corrosion rate of the alloy which they
occupy. We emphasise the salient, but key point, that it is the kinetics of reaction on
intermetallics that relate to their potency to support localised corrosion, and not the relative
potential variation from Mg. Potential difference does not necessarily translate to kinetic
effects, as seen from Figure 2.5. Unfortunately such a consolidated presentation of
intermtallic electrochemistry does not exist for a range of environments (i.e. pH or [Cl-]),
with only reportage in 0.1M NaCl to date.

Figure 2.5:
Potentiodynamic polarisation curves, in 0.1 M NaCl, for important
intermetallic phases present in Mg alloy systems. Data for pure (40 ppm by wt. Fe) Mg
also given for comparison. From [32].
20

In that vein, it is noted that the majority of reports for Mg corrosion exist in near-neutral
chloride environments. This is considered to be reasonable on the basis that most
atmospheric exposures can be approximated by dilute chloride solutions. The most
common electrolytes appear to be 0.1 and 0.6M (i.e. 3.5 wt.%) NaCl. Some exceptions
include works in more dilute electrolytes [54], and recent work in concentrated chloride
electrolytes on the basis that drying aerosol droplets will lead to [Cl-] between 1.0 and
5.0M [55]. Other environments in which testing has been conducted include sulphate
solutions [54, 56] and solutions saturated with Mg(OH)2 [57]. Additionally, in the field of
Mg as candidates for bioresorbable implants, testing is executed in a variety of
physiological environments and temperatures [58]. The pH dependence of pure Mg
corrosion has been recently extensively covered by Ralston [59], and readers are directed
to that dedicated work, whilst the focus in this review remains on alloying effects.
Focusing on the electrolyte for which the most data has been reported for a variety of
alloys (0.1M NaCl), Figure 2.6 represents the experimental data collected and reported
over the past decade for a range of Mg-alloys, commercial and experimental, as subdivided
by basic chemistry. This compilation includes data from 108 alloys, and was limited to
literature in which the combination of electrochemically determined corrosion current, and
gravimetrically determined corrosion rate, was reported. Confining the representation to
such alloys was deliberate so that the readers could ascertain, (i) the relative corrosion rates
seen in Mg alloys in units to which they can compare their own data, be it corrosion
current or mass loss rate, (ii) to indicate that there is a correlation between tests, in that
generally, alloys with a high corrosion current density will also have a high rate of mass
loss, and (iii) to indicate the spread of corrosion rates which may arise as a function of
alloying.
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Figure 2.6:
Corrosion rate expressed as corrosion current density (icorr) versus mass loss
rate (mass loss determined from 1 day exposure in 0.1M NaCl). Inset shows same data on
logarithmic axes. Data compiled from [21, 32, 36-38, 60-64].

This latter point merits some comment, as we can observe differences of about two orders
of magnitude in both the corrosion current density and mass loss rate. This spread is rather
remarkable, and is perhaps even unique to Mg, in that alloying can have such a marked
influence on corrosion kinetics for the same environment. A large spread of corrosion rates
was also shown in select alloys tested in physiological media [39], however we note the
present data (Figure 2.6) only reports results for 0.1M NaCl. To orient readers, we note
that low corrosion rates (typical of passivating systems (including Al-alloys) are nominally
~1μA/cm2; noting that the reported rates for the Mg alloys presented are much higher than
this. Regarding the practical measurement and the measurement execution for quantifying
of Mg corrosion electrochemically, gravimetrically or volumetrically (i.e. via hydrogen
collection), a study by King et al. abridges and highlights recent developments [55].
Elaboration of the effects seen in Figure 2.6 are rationalised from the descriptions of
unique additions in Section 2.5.
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2.4

Solubility of elements in Mg

The introduction of various alloying elements into Mg can improve some vital mechanical
properties and thus extend the range of potential engineering applications; however,
alloying elements also affect the corrosion of Mg. The main factors controlling the
corrosion rates of Mg alloys are chemical composition and microstructure; hence
development of Mg microstructures is reviewed here. The solid solubility of elemental
additions in Mg will dictate the presence of any second phases or impurity particles. More
so than in most systems, the solid solubility of an alloying element is a key factor in
determining its effect on Mg properties. The solid solubility depends on factors such as
relative atomic size, valency and electronegativity as well as similarity in crystal structure.
Some liquid solubility is required to form a homogenous solution at the alloying
temperature. The majority of elements have either no solubility or very limited solubility in
Mg. As well as this, many elements will not form intermetallics with Mg, meaning that
when they are added to Mg, phase separation occurs to produce two pure metals (for
example Mg and Fe in the case of the Mg-Fe system) [65].
Table 2.4 categorises maximum solid solubility values in Mg binary systems [19, 65-68].
White cells show elements with solid solubility (i.e. > 0.5 wt. %), the elements shaded in
orange are defined as slightly soluble (0.05 to 0.5 wt. %) and those in grey are insoluble
(i.e. < 0.05 wt. %). Several elements also have unknown solubility (green shading). Atomic
radii of the elements are also given. A convenient way of thinking about insolubility of
elements in Mg is to consider the following three scenarios:
1. Complete and full insolubility, where no solid solution is formed, and no Mg
intermetallic forms with the particular alloying element. This situation is typical
of Fe, Mo and Nb. When such elements are present, they form second pure metal
phases, with no mutual solubility. This situation causes dramatic corrosion [20,
32, 63, 69].
2. No solubility, but the formation of a Mg intermetallic, as is typically seen with
Si, Cu, Co, or Ni. In such cases, an Mg2X (where X = Si, Cu, Co, Ni)
intermetallic will form. These compounds have no room temperature solubility
and thus the retention of a homogenous (single phase) microstructure is not
possible. Elements which form the Mg2X intermetallic are often very problematic
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from a corrosion perspective, as they enhance the cathodic reaction because of
the large exchange current densities of metals such as Cu and Ni. [51]. Special
care must be taken to exclude Si from commercially produced pure Mg.
3. Some solubility with no Mg-intermetallic, is possible for elements such as Zr. In
such cases, the alloying element will enter the solid solution to a limited extent,
after which any further alloying will result in a separate, pure phase of the
element. Again, such phases are problematic from a corrosion perspective [62,
70].
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Table 2.4: Maximum solubility (wt.%) of elements (at any temperature) in magnesium. Atomic radii are also given in picometers [19, 65-68].

1
H1

Symbol

(SS)
0.488
37.5

2

Li3

Be4

(S)

(I)

5.53
59

0.0
111.3

Na11

Mg12

(I)
0.0
185.8

159.9

K19

Ca20

Mg12
(S)

Atomic
Number
# = Wt%
Atomic
radius in
pm

slightly
soluble

soluble

3
Sc21

4
Ti22

5
V23

6
Cr24

7
Mn25

8
Fe26

SS
0.05 <
0.5

I

S
>0.5

U

9
Co27

18
He2

insoluble

(U)

10
Ni28

unknown

11
Cu29

12
Zn30

13

14

15

16

17

128

B5

C6

N7

O8

F9

Ne10
(U)

(I)

(I)

(I)

(I)

(U)

0.0
79.5

0.0
77.2

0.0
71

0.0
60.5

70.9

160

Al13

Si14

P15

S16

Cl17

Ar18

(S)

(I)

(I)

(I)

(I)

(U)

12.61
143.2

~0.0
117.6

0.0
110.5

~0.0
103.5

~0.0
99.4

174

Ga31

Ge32

As33

Se34

Br35

Kr36

(I)

(S)

(S)

(I)

(I)

(I)

(S)

(I)

(I)

(I)

(I)

(S)

(U)

(U)

(U)

0.0
227.2

1.35
197.4

24.61
162

~0.0
144.8

0.0
134

0.0
128

2.22
127

0.001
126

0.0
125.3

0.0
124.6

0.034
127.8

6.21

8.4

0.0

0.0

134

122.1

122.5

124.5

140

114.5

189

Nb41

Ru44

Rh45

Pd46

Ag47

Cd48

In49

Sn50

Sb51

Rb37

Sr38

Y39

Zr40

(I)
0.0

(SS)
0.108

(S)
12.47

(S)
2.69

247.5

215.1

180

Cs55

Ba56

La57

(S)

(I)

(I)

Mo42

Tc43

Te52

I53

Xe54

(I)

(I)

(U)

(I)

(I)

(I)

(S)

(S)

(S)

(S)

(I)

(I)

(U)

(U)

159

0.0
146

0.0
139

136

~0.0
134

~0.0
134.5

0.0
137.6

15.0
144.5

100
151

52.6
162.6

14.5
140.5

0.0
145

~0.0
143.2

133.3

218

Hf72

Ta73

W74

Re75

Os76

Ir77

Pt78

Au79

Hg80

Tl81

Pb82

Bi83

Po84

At85

Rn86

(I)

(I)

(S)

(I)

(U)

(I)

(U)

(U)

(I)

(I)

(S)

(S)

(S)

(S)

(S)

(I)

(U)

(U)

0.0
265.5

0.01
217.4

0.74
187

0.0
156.4

146

0.0
139

137.2

135

0.0
135.7

0.0
138.5

0.80
144.2

7.7
151

60.5
170

41.7
175

7.99
154.5

0.0
164

145

-

Fr87

Ra86

Ac89

(U)

(U)

(S)

270

223

10.19
187.8

Ce58

Sm62

Eu63

Gd64

Tb65

Dy66

Ho67

Er68

Tm69

Yb70

Lu71

Pr59

Nd60

Pm61

(SS)

(S)

(S)

(U)

(S)

(I)

(S)

(S)

(S)

(S)

(S)

(S)

(S)

(S)

0.23
182.5

0.52
182.4

3.6
181.4

183.4

5.88
180.4

0.0
204.2

23.49
180.4

24.0
177.3

25.34
178.1

26.32
176.2

24.31
176.1

24.7
175.9

7.96
193.3

40.99
171.8

Th90

Pa91

U92

Np93

Pu94

Am95

Cm96

Bk97

Cf98

Es99

Fm100

Md101

No102

Lr103

(S)

(U)

(I)

(U)

(S)

(U)

(U)

(U)

(U)

(U)

(U)

(U)

(U)

(U)

163

~0.003
138.5

155

~70
159

173

174.4

170

186

186

190

-

-

-

4.75
179.8

25

The limited solubility of essentially all elements in crystalline Mg results in only minimal
changes to the electrochemical potential of the Mg (α) phase. As such, the majority of Mg
alloys have a potential around -1.5 VSCE, and essentially all are below -1.4 VSCE. During
open circuit exposure the difference in electrochemical characteristics between the Mg
matrix (α) phase and any second phase (be it a precipitate or impurity/insoluble particle)
can be defined as the local current density sustained between microstructural constituents
at the iso-potential of the alloy. These locally sustained current densities dictate whether or
not microgalvanic coupling contributes to corrosion.
Typical microstructures observed in Mg alloys are presented in Figure 2.7. Increasing alloy
content leads to a rapid increase in the volume fraction of second phases. The extent and
influence of the second phase will depend on the element added, and its relative solid
solubility. Variation in the volume fraction of second phase is evident in the examples seen
in Figure 2.7, with microgalvanic corrosion in Mg alloys almost exclusively explained by
the accelerated cathodic activity which arises from intermetallic particles (IMPs) that can
support higher reduction reaction kinetics than pure Mg [32]. The fact that most elements
have a greater efficiency at supporting the cathodic reaction stems from Mg itself having a
low exchange current density. Consequently, IMPs with higher catalytic activity lead to
enhanced anodic dissolution of the Mg-matrix. One well-documented exception to this was
reported by Kirkland, who found that Mg2Ca has a more negative electrode potential, is
anodically polarised in the Mg matrix, and undergoes extremely rapid dissolution [50].
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A) Mg-0.4Zn-0.05Sr
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Figure 2.7:

Typical Mg alloy microstructures, all compositions given in wt. %.

A) Mg-0.4Zn-0.05Sr in the rolled condition. This alloy has alloying additions below their
respective solubility limits, and is a solid solution alloy with uniform matrix composition.
The image is an optical micrograph following etching in glycol solution [64].
B) AZ31 (Al-3Al-1Zn-0.4Mn) as sectioned from an extruded ingot. Backscattered electron
imaging indicates that this is close to a solid solution alloy; however, as the Al content is
approaching the solubility limit, solute enrichment is observed, together with fine second
phase particles. This alloy also includes constituent AlxMn particles, typical of scenarios
with Mn additions.
C) Mg-6La as high-pressure die cast. Backscattered electron imaging reveals that the
addition of La well above the solubility limit results in a large volume fraction of Mg12La
phase [38].
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The magnitude of the effects of IMPs on acceleration of anodic or cathodic kinetics
depends on their respective chemistry (and hence electrochemistry) and volume fraction
(the larger the volume fraction of IMPs in the alloy, the greater the associated increase in
the corrosion rate) [7, 33]. However, even ppm levels of some impurities (which is the
generic name given to insoluble elements) such as Fe, Ni, or Cu can alter corrosion rates
dramatically [71, 72]. For example, islands of pure Fe, or pure Cu in the Mg matrix create
a mixed potential that ensures the Mg is polarised anodically (and dissolves); the pure
insoluble elements can sustain the cathodic reaction at very high rates because they are
significantly polarised from their nominal potential values (often by > 1V) and hence
support high cathodic currents.
Arguably the biggest single contribution to date with respect to moderating the corrosion
rate of commercial Mg is the “scavenging” ability of elements such as Mn in conjunction
with Al [8, 71]. By virtue of Mn additions to the Mg-Al systems, Fe is sequestered in an
AlMnFe intermetallic, and hence the extent of microgalvanic coupling is dramatically
reduced [20]. This “scavenging effect” in Al-free alloys remains largely unknown and is an
area of current research [70] which will be significant in the development of creep-resistant
(i.e. Al-free) Mg alloys.

2.5

Influence of alloy composition on corrosion and mechanical properties of Mg
alloys

Rather than cover all aspects of the effects of alloying on the mechanical and corrosion
properties of Mg, an abridged summary of the main effects of specific elemental additions
to Mg and Mg alloys is presented here. In many cases, the effect of an element has been
reported for an addition to an existing system (for example, the effect of Mn on the Mg-Al
system).
Al (aluminium)
Al is the most common addition to Mg, by virtue that it is (relatively) cheap, light, soluble,
and provides an increment of solid solution strengthening to Mg, considerably increasing
tensile strength and hardness (i.e. from ~70 MPa to ~250 MPa) [8, 13]. Additions of Al
below the solubility limit tend to reduce the anodic kinetics of Mg. The addition of Al to
Mg ennobles the corrosion potential, typically by ~100 mVSCE compared to that of pure Mg
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in chloride environments [73-77]. Mg-Al alloys have the lowest corrosion rates of
commercial Mg alloys [19], particularly AZ31 (Fig. 6), which shows the best balance
between strength and corrosion for Mg alloys to date. Although Al is soluble to ~12 wt. %
in Mg, this is dependent on temperature; the room temperature solubility is much lower,
with alloys richer in aluminium than AZ31 generally containing β-phase (Mg17Al12). The
extent of β-phase formation will depend on the time-temperature history of the alloy, with
the relative proportion of β-phase for a particular composition also varying rather widely
depending on alloy cooling rate or subsequent heat treatment (such as whether the alloy
was sand-cast, die-cast, or high-pressure die-cast) [78-88]. Above ~3 wt. %, Al additions
tend to enhance the cathodic reaction, which, although it further [89] ennobles Ecorr, is
associated with an increase in corrosion rate. In open circuit conditions, β-phase serves as a
local cathode. As such, the cathodic kinetics increase in the order of AZ31 < AZ61 < AZ91
≤ AM60. Aluminium has been reported to increase the susceptibility to stress corrosion
cracking in cases where β-phase exists in appreciable fractions [13]. It is also noted that the
AZ alloy system undergoes solid-state phase changes at moderate temperatures, and hence
is not suitable for many demanding modern applications. These applications are driving
research into Al-free Mg alloys.
Ag (silver)
Silver, when added in combination with rare earth elements, promotes age hardening
precipitates. The resultant precipitates are relatively stable at high temperatures, thus
enabling retention of high-temperature strength and creep resistance [24]. More so, Agcontaining alloys show superior tensile properties over those of most other Mg alloys [19],
as well as superior casting and welding characteristics. Ag is also included in more modern
and exotic alloys, which combine a large number of alloying elements [90, 91].
The effect of Ag additions on the corrosion of Mg was studied by Hanawalt (more than 70
years ago), who suggested a tolerance limit for Ag in Mg of ~ 0.5 wt. % [69]. Above this
concentration, the mass loss rate increased monotonically from ~1 mg/cm2/day for 1 wt. %
Ag, to ~12 mg/cm2/day for 5 wt. % Ag. Thus, the effect of Ag on accelerating the
corrosion of Mg is as dramatic as that of Ca on Mg [69]. In more complex alloys, however,
lower level quaternary additions of Ag (to < ~2 wt. %) in the Mg-RE-Zr family of alloys
have been reported; Ag improves the age hardening response and thus provides substantial
increase in strength [19]. It is prudent to note at this point, that, although Ag has been
added to the high strength Mg alloy family (which can be considered ultra-high strength
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when considering specific strength), this has not been an alloy design with corrosion
considerations in mind. None the less, addition of elements such as Ag, which have the
ability to modify nucleation / precipitation, is an avenue that can be exploited. For
example, trace additions of Ag (~ 0.1 wt. %) to AZ91 were recently shown to stimulate an
interaction between Ag and the Mg17Al12 phase, providing an increment in hardness
without any significant loss of corrosion properties, because a slight increase in cathodic
kinetics was counterbalanced by a decrease in anodic kinetics [37]. However, higher
concentrations of Ag lead to increased corrosion rates because of the co-formation of
Mg4Ag precipitates which stimulate microgalvanic corrosion. [21, 92]. In addition, micro
additions of Ag (< 0.5 wt. %) to Mg-Zn-Ca systems facilitate grain growth restriction and
aid the formation of finer as-cast and wrought grain structures [93].
As (arsenic)
The effect of arsenic on Mg corrosion was explored on the basis of its potential to
kinetically limit the cathodic reaction, because As is known to be a cathodic ‘poison’,
preventing hydrogen recombination [94] and restricting the completion of the reaction in
Eqn. 2. The metallurgical influence of As has been recently reported by Birbilis et al. [95],
where relatively small additions of sparingly soluble As (~ 0.37 wt.%) resulted in
formation of Mg3As2 phase. In spite of this second phase, a decrease in Mg corrosion rate
(to one-fifth that of pure Mg) was determined by simultaneous hydrogen collection and
mass loss tests over 7 days exposure. PP showed that the cathodic kinetics had decreased,
so the reduction in corrosion rate was associated with the ability of As to further slow the
cathodic reaction rate of pure Mg.
Bi (bismuth)
The addition of Bi to Mg-Al alloys can refine Mg17Al12 and is accompanied by coformation of needle-shaped Mg3Bi2 particles, even for Bi concentrations below the
solubility limit [96]. Südholz reported that, when Bi is added to AZ91, the presence of
Mg3Bi2 ennobles the corrosion potential of the alloy [21] but increases both the anodic and
cathodic reaction rates [97]. In spite of the negative influence on corrosion, Bi-containing
particles seem to enhance tensile and creep properties via restricting grain boundary sliding
[98].
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Ca (calcium)
Ca has a positive effect on grain refinement, can solid solution strengthen, and also
contributes precipitates that give a hardening increment (Mg2Ca) in binary systems. This is
however offset by excessive corrosion rates. In the cased of Mg-Al-Ca alloys, depending
on the Ca content in the alloy, either Al12Ca or Al2Ca can be formed, and this aids creep
resistance [24]. Moreover, Ca gives an increase in tensile strength at elevated temperatures
[99] and enhances thermal stability. At higher additions of Ca into Mg-Al-Mn systems,
Al2Ca lamellae form, and suppress discontinuous precipitation of Mg17Al12. Hardness and
strength increase due to precipitation of Al2Ca particles [100]. Increasing the amount of Ca
in AZ series alloys, in contrast, leads to a reduction in strength, as a result of coarsening of
Al2Ca particles [101]; however, the effect on ductility is less pronounced [102, 103].
In the binary context, Ca additions at low levels (less than 0.35 wt. %) are essentially inert
[104]. In general, however, Ca additions dramatically increase corrosion rates in Mg when
added near to, or above the solubility limit (of ~ 1.35 wt. %). Ca-containing Mg alloys can
show exceptionally high corrosion rates. According to Hanawalt, the mass loss rate of MgCa binary alloys increases from ~ 1 mg/cm2/day for 0.5 wt. % Ca, to about 6 mg/cm2/day
for 5 wt. % Ca. This is almost 6 times higher than the corrosion rate of Mg-5 wt. % Al
[69]. In addition to possessing the highest corrosion rates of any candidates for structural
alloys ever reported, Ca-containing Mg alloys dissolve to yield a voluminous corrosion
product that is insoluble [39]. However, the biocompatibility of Ca (along with Zn) has led
to Mg-Zn-Ca alloys being explored as potential biomaterials [50]. More recently, very low
levels Ca additions are being explored in Al-free Mg alloys [105], in an attempt to exploit
the fact that Ca is one of the few elements soluble in Mg. Provided that Ca concentrations
are kept below the solubility limit, to avoid Mg2Ca formation, the corrosion rate will not
sharply accelerate, while the alloys can retain appreciable ductility by being based on solid
solutions. Such candidates for wrought alloys usually contain a selection of elements, all
below their solubility limits [106-108].
Cu (copper)
Copper, like several other insoluble metals, has a grain-refining effect and improves high
temperature properties of Mg alloys [8, 109]. However, the addition of Cu to Mg and Mg
alloys is generally avoided because Cu is insoluble, so pure Cu islands form in the
microstructure. Cu additions significantly accelerate corrosion [13]; this can be explained
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by the high exchange current density of Cu, which makes it a very efficient cathode. A
tolerance limit of 0.1 wt. % was established by Hanawalt; however, the limit is sharply
reduced to 0.01 wt. % when Al and Mn are present in the alloy composition [69]. When
added to AZ series alloys, Cu forms an Mg-Al-Cu-Zn phase which is also a relatively
strong local cathode (owing to the presence of Cu) resulting in local corrosion [110]. In
general, Cu is avoided in the production of Mg alloys, with measures in place to avoid Cu
contamination and pick-up.
Ce (cerium)
With small additions of Ce below the solubility limit, the ductility of Mg-Ce binary alloys
markedly increases. Further increase in Ce content provides monotonic increase in
strength, but decreases ductility [111]. Analogously to binary alloys, cerium exhibits a
positive effect on the strength of Al- and Zn-containing alloys, however, its effect on
ductility is not clear. Small amounts of Ce, near the solubility limit, show positive effects
on creep strength, but have little or no effect on the tensile strength [112].
In Mg-Ce binary alloys, Mg12Ce forms in increasing volume fraction with Ce addition; this
can monotonically accelerate corrosion by enhancing cathodic kinetics [7]. In spite of the
chemical reactivity of Ce, Mg12Ce is more noble than Mg – and Mg12Ce sustains the
cathodic reaction at higher rates than Mg over the range of potentials typical of Mg alloys.
On the other hand, Ce additions to Al-containing Mg alloys can refine microstructure by
formation of Al4Ce or Al11Ce3 intermetallics [113, 114]. These compounds are, however,
more deleterious for corrosion than Mg12Ce. Rare earth elements are typically not
combined with Al-containing Mg alloys, with the exception of the commercial alloy AE44.
In the more modern wrought series of Mg alloys, RE elements and Al are not combined,
due to the ease of formation of AlxREy compounds which cause a reduction in alloy
ductility. Some reports suggest that Ce contributes to the surface film and stabilises Mg
hydroxide [115]. Südholz however, revealed via XPS analysis that RE elements do not
appear to dope the surface oxide of Mg-Al alloys [38]. Whether or not rare earths modify
the oxide films on Mg alloys remains an open question; however, elements with
thermodynamic ability to replace Mg in Mg-oxides/hydroxides do not generally lead to a
wider window of passivity than that of pure Mg [116, 117].
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Er (erbium)
Unlike other – more cost effective – RE elements, Er has not been well studied in Mg. In
one study however, Er, when added at 2 or 3 wt. %, was found to decrease corrosion rates
in Mg-2-3 wt. % Al alloys compared to commercial AM60 (nominally Mg-6 wt. % Al0.13 wt. % Mn) in borate buffer solution [118]. The assumption was made that Er
enhanced the protective effectiveness of the surface oxide, giving rise to what was
described as a pseudo passivation effect by incorporation of Er into the Mg(OH)2 lattice.
However there is still a lack of evidence to support this assumption. Further, the testing of
Mg in a buffer is likely to impose an unrealistic scenario of surface film evolution, which
would normally be affected by natural surface alkalinisation.
Fe (iron)
Fe is the most common impurity in Mg alloys. Fe contamination can be present because of
the quality the starting ‘pure’ Mg, as well as from pick-up from the casting process. Due to
its low solubility limit in Mg (~ 0.001 wt. %) Fe largely remains in its pure (body centred
cubic) form. To date, the literature reports a number of tolerance limits for Fe which is
nominally restricted to 0.005 wt. % [19, 24]. The notion of an Fe tolerance limit dates back
several decades, where the proposed limit of 150 ppm by weight was commonly accepted
[119, 120]. Recent works have focused more specifically on the role of Fe, because
sequestration to AlMnFe particle formation is not possible in Al-free Mg alloys [63]. The
role of thermal history on the Fe tolerance limit has also been recently discussed on the
basis of calculated phase diagrams [121, 122]. The experimental validation and robustness
of the related thermodynamic databases for Mg-Fe remain open questions, requiring
further empirical work, particularly because calculated phase predictions sometimes vary
from the structures characterised by electron microscopy [63].
Gd (gadolinium)
Gd is an element that is being increasingly explored because it can improve the physical
properties of Mg alloys. Of the elements that Mg may be alloyed with, Gd is unique on the
basis that it has high solubility (> 10 wt. %) in Mg, forming binary Mg-Gd solid solutions
over a wide range of compositions. Such solid solutions can be used as a basis for further
loading of the matrix with solute elements – in the case of wrought Mg alloys, or for
carefully controlled precipitation processes in the family of Gd-containing precipitationhardened Mg alloys [123-126]. Corrosion characterisation of this last class of alloys
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remains scarce. The addition of Gd to Mg-Al alloys results in the precipitation of Al2Gd
and Al-Mn-Gd phases that consume Al and reduce the volume fraction of Mg17Al12 phase
[127]. These phases may contribute to a minor decrease in the total rate of cathodic
reaction [128]. This tendency is commonly observed for Mg-Al alloys modified with REs.
However the effect of Gd is more complex, because it leads to more heterogeneous
microstructure and diminished Al content in the Mg matrix. Long-term corrosion tests
show greater corrosion for Mg alloys containing Gd [129]. Other studies have indicated
that Gd does not incorporate into any corrosion product layers; however, it has been
mentioned that additions of Gd can significantly improve mechanical properties. In
contrast, however, its influence on corrosion is generally defined as detrimental [130].
Hg (mercury)
Alloying with Hg is essentially reserved for the production of so-called high voltage anode
materials for sea water batteries [131]. The Mg3Hg phase can form in binary Mg-Hg alloy
at concentrations of Hg around 4-6 wt. %, which is below the reported solubility limit
[131, 132]. Thermomechanical processing of Mg-Hg alloys promotes the re-dissolution of
Mg3Hg into the Mg-matrix, which subsequently retards microgalvanic corrosion and thus
lowers corrosion rates [133]. More specifically, Wang and co-workers reported that at 2.16
wt. % Hg the mass loss rate was 10 or 20 mg/cm2 day lower than that of 1 wt. % Hg or 3
wt. % Hg, respectively [133]. Feng compared the electrochemical responses of Mg-5 wt. %
Hg and Mg-6 wt. % Hg in 3.5% NaCl solution, and concluded that Hg accelerates the
anodic reaction, and leads to more negative corrosion potentials (Ecorr, Mg-5Hg~ -2.3 VSCE),
resulting in higher corrosion rates (icorr of Mg-5Hg was ~27 mA/cm2, compared to 8-20
μA/cm2 for Mg) [132]. However, this difference in corrosion kinetics is more likely to be
brought about by higher Ca concentration in Mg-6Hg alloy rather than by Hg, because the
concentration of Hg in these 2 alloys was nearly the same (4.882 wt. % of Hg in Mg-5Hg
and 4.803 wt. % Hg in Mg-6Hg) and the concentration of calcium was reported to be 0.03
wt. % Ca in Mg-5Hg, and 0.042 wt. % Ca in Mg-6Hg. Bearing in mind that Ca
dramatically increases anodic reaction rates in Mg it is quite clear why two alloys of
approximately the same Hg content showed different corrosion rates. The role of Hg in
structural Mg alloys has not been explored.
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Ho (holmium)
The limited research to date regarding Ho has suggested that Ho additions of 0.24 or 0.44
wt. % can decrease the rate of corrosion in an Mg-Al alloy (AZ91D) by decreasing the
volume fraction of Mg17Al12 via formation of Ho-containing intermetallic phases with Al.
In one study, inspection of the reported data indicate a minor decrease in the cathodic
reaction rate, along with as much as 10 times lower mass loss rates compared to that of the
base Mg-Al alloy [134]. This however, is likely to lead to decreases in alloy strength, and
similar outcomes may have been found by simply lowering the Al content of the alloy. It
has been posited that Ho contributes to a more uniform and compact layer of corrosion
product by increasing the Al content of the surface film. However more evidence is needed
to support such assertions.
La (lanthanum)
Similarly to Nd and Ce, La monotonically increases the yield strength of binary Mg-La
[111]. La substantially weakens the texture, reduces grain size [135], and markedly
increases ductility of Mg when added below its solubility limit (0.74 wt.%). However this
effect gradually lessens when La additions exceed the solubility limit [136]. As a binary
addition to Mg, La forms Mg12La phase [7]. This phase is a more efficient cathode than
pure Mg and thus can lead to galvanic coupling and monotonic acceleration of cathodic
reaction rates (from 10 to 30 μA/cm2 at concentrations varying from ~ 0.5 to ~ 3 wt. % La)
[38]. However, as an elemental addition to Al-based alloys, La modifies the alloy
microstructure (in a manner analogous to Ce). A needle-like Al-La compound is formed,
and the Mg17Al12 changes from discontinuous to continuous with a fine polygonal-shape
[136, 137]. Liu and co-researchers reported a drop in corrosion rate (icorr) of AZ91 from ~
603 μA/cm2 to ~ 3 μA/cm2 in 3.5% NaCl solution when 0.5 wt. % of La was added. This
phenomenon was attributed to a refined microstructure and, allegedly, more protective
corrosion product film. It should be noted however, that the reported icorr of the base AZ91
was much higher than any other reports for AZ91; and no clear evidence for any La in the
surface film was provided. In a separate study, Südholz also tested the effect of 0.3 wt. %
of La on corrosion rate of AZ91E. In that study, however, the reduction in the icorr value
was only by 0.3 μA/cm2 (from 7 μA/cm2 of AZ91E to 6.7 μA/cm2 of AZ91E-0.3La) [38]. It
is generally observed that, in Mg-Al alloys, any excess addition of La above the solubility
limit reduces corrosion resistance because of coarse Al-La precipitation [136, 138]. In the
context of alloys containing only Mg and rare earths, the presence of La in concert with Ce
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and Nd will lead to a different morphology and microchemistry of the second phase;
transitioning from a lamellar eutectic to a divorced eutectic [23]. The relative proportions
of La, Ce and Nd are important to the ultimate corrosion rate, as found in a combined
electrochemical and microstructural study [23]. This difference in corrosion rate, based on
the chemical entity of the alloying element, is further evidence that the chemistry (and
hence electrochemistry) of the alloying element is critical. It was determined that Nd is less
detrimental than either La (or Ce) to the durability of Mg.
Li (lithium)
Lithium is the only element that further reduces alloy density as well as retaining a high
solubility (5.53 wt.%) in magnesium at room temperature [24]. This promotes solidsolution hardening. Additions of Li cause changes in crystal structure from HCP to body
centred cubic (BCC), above 11 wt.%, and to face centred cubic (FCC), above 30 wt.%.
These changes in crystal structure assist ductility by increasing the number of slip systems
– a phenomenon which, whilst obvious, has not been largely exploited – although a
significant amount of classified work on these alloy systems was carried out by Battelle
some years ago [139]. In general Mg-Li alloys have good impact toughness and
formability [140], however the downside is reduced strength [13]. Mg-Li alloys, owing to
their ultra-light weight and superplastic behaviour, are promising materials for many
critical engineering applications [141]. The microstructure of binary Mg-Li alloys depends
on the Li content: single hexagonal α (HCP) phase, at 0-5.7 wt. % Li; two phase - α and
body-centred β (HCP and BCC) at 5.7-10.3 wt. % Li; or single β phase at Li
concentrations greater than 10.3 wt. % [139, 142]. Therefore, high additions of Li (> 10.3
wt. %) can produce a uniform β phase which is cubic; this is the only element researched
which can impart a change in the crystal structure, and thus drastically improve ductility.
An early paper by Frost from 1955 and a report published from Battelle in 1964 indicate
superior corrosion resistance of binary Mg-11Li alloy compared to alloys with lower or
higher Li content. For example, the mass loss rates of alloys (measured in 3% NaCl
solution at 35° C over 8 days) were as follows: Mg-2Li (4.92) > Mg-4Li (4.44) > Mg-9.3Li
(0.77) > Mg-11Li (0.57), mg/cm2/day [139, 143]. The greater corrosion resistance of Mg11Li alloy was attributed to its BCC structure. More recent studies confirm the early
findings and report that Li increases the corrosion rate of Mg (from 19 μA/cm2 pure Mg to
45 μA/cm2 for Mg-8Li [144]) and its alloys (from 12 mg/cm2/h AZ80 to about 200
mg/cm2/h AZ80-1.95Li [140]) at Li concentrations where two-phase structure forms. In
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addition, over long exposure periods, the corrosion rates of Mg-Li alloys are more likely to
remain constant or decrease much more slowly in contrast to, for instance, AZ31, where
corrosion rate decreases with time; this suggests that Mg-Li alloys produce less adherent
corrosion products [139, 144]. Although some information on the effects of Li on bulk Mg
corrosion exists, there is still a gap in regards to the electrochemical effects of Li on the
corrosion kinetics of Mg and its alloys.
Mn (manganese)
The effect of adding Mn to Mg has been studied in detail for almost a century [69, 71]. Its
role is therefore well characterised and generally well understood. Mn can contribute to
solution strengthening and can also refine Mg-dendrites, thus increasing tensile strength
and ductility in certain circumstances [145]. It also has a positive effect on weldability
[13]. However, excessive amounts of Mn worsen mechanical properties (in Mg-Al alloys)
by forming large Al-Mn particles [146].
When added to Mg, to form a binary, up to ~ 5 wt. % Mn does not reportedly affect
corrosion rate [69]. Mn is essentially always added to the Mg-Al and Mg-Al-Zn systems
(i.e. the commodity Al-alloys). Compounds such as AlMn, Al6Mn or Al4Mn are formed,
and the addition of Mn helps to reduce corrosion rate via the incorporation of less-soluble
metals into the AlMn intermetallic phase. The classic example of this behaviour is the
incorporation of Fe into Al-Mn-Fe [147].
It has been reported that the amount of Mn required to effectively mitigate the effect of Fe
must be in the range that gives a maximum Fe/Mn ratio of 0.032, and that greater ratios
will sharply increase corrosion rates [14]. Although Mn is known to improve corrosion
resistance, a low Al/Mn ratio leads to higher cathode potency. Therefore corrosion rate
gradually increases with an increase in Mn content [71, 145], independent of the Fe
sequestration aspect of Mn. More recently, the work of Gandel et al. reports the corrosion
behaviour of Mg-Mn binary alloys where the corrosion rate, icorr, reduces from 40 to about
22 μA/cm2 in 0.1M NaCl as Mn content changes from 0.2 to 2 wt. %, respectively [70].
The role of Mn additions in Al-free (wrought Mg alloy) systems is likely to be a productive
avenue of future work. Mn has recently been observed to ‘encapsulate’ Fe in Al-free
magnesium alloys [70], which is a very positive result because it suggests that Mn may
remain an effective sequestration tool for Fe even in the absence of Al.
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Nd (neodymium)
Neodymium effectively reduces grain size and modifies microstructure of aluminiumcontaining alloys. The coarse eutectic β-Mg17Al12 becomes fine and discontinuous [148],
and rod-shaped Al11Nd or/and block shaped Al2Nd compounds appear in the microstructure
[149]. Therefore, Nd-containing alloys respond well to precipitation hardening. Ultimately,
tensile properties are greatly improved by means of grain refinement, solution
strengthening and precipitation hardening. In a binary context, Nd forms Mg3Nd hard
intermetallic phase that provides an increase in yield strength, but sharply reduces ductility
[111].
In binary Mg-Nd alloys Mg3Nd phase is formed [7]. This phase has higher catalytic
activity than pure Mg and therefore serves as a local cathode leading to continually
increased cathodic reaction rates with an increase in Nd content [38]. It is noted that the
increase in corrosion arising from Nd additions is less than that arising from Ce or La.
This is an important point, as the Mg3Nd phase also possesses a much higher atomic
percentage of rare earth than either Mg12Ce or Mg12La, (the phases that form in Mg-Ce or
Mg-La binaries). From a corrosion standpoint, if rare earth elements are preferable, Nd is
thus the most suitable. Somewhat unfortunately however, Nd is also the most expensive
rare earth element and, therefore, its concentration is often limited. In AZ and AM alloys,
Nd forms an Al-Nd phase, as well as replacing the Al-Mn phase with an Al-Mn-Nd
intermetallic compound [150]. The latter was believed to depress precipitation and reduce
the volume fraction of Mg17Al12. These Al-Mn-Nd intermetallics have lower catalytic
activity than Al-Mn; however they also remain more noble than Mg17Al12 [128]. Nd was
noted to improve corrosion resistance of the Mg-Al alloys by minimizing the effect of
galvanic coupling that would be established in Nd-free AZ or AM alloys [151]. In addition,
Nd was reported to contribute to formation of a protective surface oxide film consisting of
Mg and rare earth [138]. This observation requires further investigation. The replacement
of, or contribution to, more robust surface films is a common claim in many Mg-corrosion
studies; however the finding is often speculative and not validated, ultimately, by
electrochemical analyses. As with Ce and La, the influence of Nd on Mg-RE alloys was
examined in a recent study [23].
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Pb (lead)
In the binary context, Pb has historically been reported to be quite inert to Mg and does not
increase corrosion when up to 5 wt.% is added [69]. Generally, Pb is added to Mg for
production of anode materials; the AP65 alloy (nominal composition of 5 wt. % Pb) is a
common example [152]. The addition of Pb to structural Mg alloys has not been explored,
perhaps on the basis that Pb has a significantly higher density than Mg (negating the lightweighting opportunities).
The effect of Pb on corrosion of Mg alloys has been the subject of contradictory reports.
On one hand, Pb was reported to modify the microstructure of AZ series alloys by means
of refining and more homogenous distribution of Mg17Al12 [142]. Because the formation of
Mg17Al12 was somewhat suppressed and the Al content in solid solution increased,
corrosion resistance improved [153, 154]. Another example of the beneficial effects of Pb
was found in Mg-10Al-12Si alloys, where additions of 0.2, 0.5 and 1 wt. % of Pb led to
lower cathodic reaction rates and subsequently resulted in a reduction of mass loss rate
from 1 g/cm2/day for 0 wt. % of Pb to 0.4 g/cm2/day with 1 wt. % Pb [153] – this is still,
however, a comparatively high rate when compared to those of other systems. In contrast
to this, other work suggested that low levels of Pb (≤ 0.5 wt. %) in AZ91 stimulated more
rapid corrosion rates, changing icorr from 9 μA/cm2 for AZ91E to 20 μA/cm2 for AZ910.5Pb [21]. These findings are consistent with that reported earlier by Hanawalt, i.e.
addition of Pb to Mg-Al-Mn system results in higher corrosion rates (exceeding 0.2
mg/cm2/day at ~ 0.1 wt. % Pb and 0.001 wt. % Fe) due to complex interactions between Pb
and the inherent Fe impurity [69]. Pb additions are not common in structural Mg alloys.
Addition of Pb to AZ series alloys appreciably increases tensile strength and ductility via
suppressing the formation of brittle intermetallics, and through solid solution
strengthening, because of the increased Al content in the matrix as a result of the
suppression of Mg17Al12 formation [154].
Pr (praseodymium)
The addition of Pr replaces Mg17Al12 phase with Al2Pr, while the Al11Pr3 phase appears at
Pr contents above ~ 4 wt. % in Mg-4Al-0.4Mn alloys. The grain size gradually decreases
and the volume fraction of secondary phases significantly increases with increasing Pr
content [155]. Testing in a salt spray environment shows corrosion is reduced with
increased Pr concentration from 1 wt. % to maximum of 4 wt. %. There are few
39

corroborating reports of the role of Pr in Mg alloy corrosion. In one work, it is claimed that
the “compactness” of the corrosion product layer increases with the increase in Pr content
owing to the presence of Al and Pr in the layer. The improvement in corrosion properties is
also attributed to the potential of Al-Pr phases to passivate over a wide range of pH [156] –
however, such aspects need further validation by independent methods. The role of Pr on
Mg in isolation is not well characterised.
Sb (antimony)
Studies of the effect of antimony on mechanical properties of aluminium and zirconiumcontaining Mg alloys showed its refining effect on microstructure [157]. The rod shaped
Mg3Sb2 compound along grain boundaries contributes to precipitation hardening and
strengthening of the matrix. The yield strength and creep resistance at temperatures up to
200°C appreciably increase [158]. However, the addition of Sb leads to a slight decrease in
ductility. Owing to the insolubility of Sb in magnesium, a large volume fraction of second
phase is expected to form. Rod-shaped Mg3Sb2 compound formed along grain boundaries
when Sb was added to AZ91 [21]. Alloying of AZ91 with 0.5 wt. % Sb led to significantly
faster cathodic reaction rate and resulted in a ~50% increase in overall corrosion rate [21,
159]. Sb has also been noted to adversely affect the corrosion resistance of AZ91D [97];
0.4 wt. % Sb increased the alloy corrosion rate from 8.6 to 19.91 mm y-1. Sb however, is a
known cathodic poison, and, based on recent findings of the poisoning effect of As [95],
Sb may be worth revisiting as an alloying addition in the future.
Sc (scandium)
Minor additions of Sc (~0.3%) into Mg-Al-Zn refine grain size, and increase strength at
elevated temperatures, but slightly decrease ductility [160]. In combination with Ce and
Mn, scandium helps improve creep resistance at 300°C [161]. The downside of Sc is its
immense cost. The effect of Sc on corrosion properties of Mg and its alloys is yet to be
fully explored; however, reports to date are that Sc additions to AZ91 alloys refine
microstructure through the formation of Al3Sc, which then suppresses the Mg17Al12 phase
[162]. Sc has also been noted to comparatively retard cathodic kinetics, resulting in a
reduction of the corrosion rate of AZ91E in 0.1M NaCl, from ~ 8 μA/cm2 to 2 μA/cm2 at
0.1 wt. % Sc. In contrast, a higher Sc content was shown to not be as effective [21]. Sc is
an extremely expensive metal (> US$ 500/g), which significantly limits its wider use, and
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therefore few studies exist. The comparatively low catalytic activity of the Al3Sc
compound in isolation was reported by Cavanaugh [163].
Si (silicon)
Commercial Si-containing alloys exist, the most common of which are AS21 and AS41
with Si additions of ~ 1 wt. %. Si additions to Mg form the magnesium silicide (Mg2Si)
intermetallic. Magnesium silicide has high-melting temperature, and thus aids high
temperature properties, specifically creep resistance [13]. On the other hand, higher silicon
contents, above 1 wt.%, result in primary precipitation of Mg2Si in the melt, which
significantly reduces fluidity and hence castability [8]. Depending on the shape and
distribution of this intermetallic, it may produce a minor or major enhancement of the
corrosion rate of commercial AS alloys. A recent report has revealed that magnesium
silicide acts as a local cathode in Mg alloy AS31 and thus promotes the dissolution of the
surrounding matrix [164]. AZ91 that contained fine, evenly-distributed polygonal-shaped
Mg2Si had a lower corrosion rate than that of AZ91 containing coarse “Chinese script-like”
Mg2Si [159]. However, it is important to mention that silicon has an adverse effect on
corrosion in the presence of Fe contamination in the alloy [24, 69]; this was recognised
early in the 20th century. As such, besides the AS series of alloys which are commonly used
in the automotive industry particularly in rear engines [165], Si is not a typical alloying
element in Mg alloys and its level in commercial-purity Mg is very carefully controlled.
Sm (samarium)
Samarium is known to be beneficial in improving the mechanical properties of binary Mg
alloys [166]. However there are few studies regarding the effect of Sm on corrosion
performance of Mg. Wu and co-workers reported that additions of about 1 wt. % Sm to
AZ92 led to formation of Al-Mn-Sm and Al-Sm phases, along with a more refined β
(Mg17Al12) phase, accompanied with a decrease in the β volume fraction, leading to an
overall decrease in corrosion rate of AZ92 in 3.5 % NaCl by ~40% [167]. Sm has also been
reported to refine the microstructure of Mg-Al-RE alloys and somewhat decrease the mass
loss rate from 2.6 mm/year to 1.95 mm/year in 3.5% NaCl solution when added at 0.5 wt.
% [168].
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Sn (tin)
Tin has a tendency to form Mg2Sn along grain boundaries. The volume fraction of this
phase increases with increasing Sn content [169]. Since Sn has low exchange current
density it doesn’t enhance cathodic kinetics, but leads to a significant increase in anodic
activity — akin to the notion of anodic activation — which Sn also imposes when added to
Al. Anodic activation phenomena in Mg alloys are not yet understood, nor have they been
studied at the nanoscale to date. In the work of Wang et al., additions of 1-3 wt. % Sn to
AP65 alloy decreased the corrosion potential of the alloys by about 120 mV in 3.5% NaCl
electrolyte and increased icorr from 6.31 × 10-4 to 7.9 × 10-1 mA/cm2 at 1-3 wt.% Sn,
respectively [170]. This is synonymous with anodic activation. In an early study, binary
additions of Sn to Mg were reported to have negligible effects on corrosion at
concentrations up to 5 wt.% Sn [69]. For example, the corrosion current density of Mg0.05Sn alloy is about 16 μA/cm2, whereas icorr of magnesium is in the range of 8-21 μA/cm2
depending on its purity [171]. However, it is worth mentioning that some
misinterpretations of the role of Sn in Mg binary alloys exist. For instance, a recent report
by Ha suggested that Sn increases cathodic reaction rates and thus increases the hydrogen
evolution rate, which in turn promotes passivity in Mg-Sn alloys (2-8 wt. % of Sn added)
[172]. This effect was not demonstrated by any presence of a passive region nor a passive
current density. As such, the effect of Sn appears to be more deleterious in alloyed Mg than
in pure Mg, depending on the interaction of Sn with the elements present in the Mg alloy.
More specifically, the experimental alloy Mg-5Al-1Sn had an icorr value in 0.1M NaCl
solution of about 51 μA/cm2, while the icorr of Mg-7Sn is about 27 μA/cm2 [171]. The
mechanism of anodic activation is not understood, but its manifestation has been depicted
rather markedly in Figure 2.4 for the example of heavy Sn loadings.
There are contradictory results reported on the effects of Sn on mechanical properties of
Mg alloys. Some studies show that small amounts of tin (around 2 wt.%), in conjunction
with Al, contribute to increases in ductility, and room- and high-temperature strength,
caused by formation of dispersed, short, rod-like Mg2Sn phase along grain boundaries in
response to thermal treatment [173-175]. In contrast to that, other researchers reported that
Sn somewhat reduces the tensile strength at both room and elevated temperatures, but
increases creep resistance at 175°C [176]. Furthermore, some studies show that
modification of Mg2Sn by certain alloying additions can significantly increase the thermal
stability of this phase, leading to substantial increase in tensile creep properties [177].
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Sr (strontium)
Strontium has low solid solubility in Mg (~ 0.1 wt. %) and, in binary alloys, forms Mg17Sr2
along grain boundaries [64]. Additions of Sr (0.05-2 wt. % Sr) tend to improve hardness of
binary alloys (from ~ 35 HV1 at 0 wt. % Sr to 47 HV1 at 2 wt. % Sr) [64]. Additions of Sr
also improve shrinkage micro-porosity, strength and creep resistance in the Mg-Al-Zn
system [178]. In Mg-Al, because of the low Al supersaturation of primary Mg and absence
of Mg17Al12 phase, Sr improves creep resistance. Mg-Al-Sr systems show good high
temperature properties and good castability.
However, Sr significantly increases cathodic reaction rates and corrosion potentials of Mg,
resulting in high overall corrosion rates. Xia reported an increase in corrosion rate (icorr) of
commercially pure Mg from about 20 μA/cm2 to 38 and 60 μA/cm2 when 0.2 and 2 wt. %
of Sr, respectively were added [64]. In the Mg-Al-Zn system, when added above solubility
limit, Sr decreases grain size by forming the ternary and binary eutectic AlMgSr, Mg17Sr2
and Mg2Sr. These particles lower the volume fraction of Mg17Al12 and homogenise its
distribution [179]. Sr is reported to improve corrosion resistance of AZ91 by a purported
retardation of anodic activity concomitant with an increase in corrosion potential (Ecorr) by
about 150mV, reducing the icorr by ~ 50% [180]. This corresponds to the results reported by
Fan where additions of up to 2 wt.% Sr led to ennoblement of Ecorr by ~ 80mV and
decrease in the icorr of AZ91D alloy from about 24 to 12 μA/cm2 [181]. However, the
experimental alloys AZ91E-0.05 wt.% Sr and AZ91E-0.1 wt.% Sr studied by Südholz
showed increases in corrosion current density to 5 and 8 μA/cm2 respectively, although the
reported icorr of AZ91E is in the range from 5 to 9 μA/cm2 [21]. More so, the recent study
by Xia reveals increased cathodic reaction rates and ennoblement of corrosion potential of
binary Mg-2Sr alloy compared to pure magnesium (Ecorr, Mg-2Sr= -1.64 VSCE, Ecorr, Mg=-1.725
VSCE) [64]. The icorr also increased with increasing Sr content: from 21 μA/cm2 for pure Mg
to 38 μA/cm2 for Mg-0.2Sr and 58 μA/cm2 for Mg-2Sr.
Ti (titanium)
Titanium effectively reduced the grain size of as-cast AZ alloys. Greater additions of Ti
have a more pronounced effect on reduction of brittle, net-like, partially-divorced eutectic,
and, as a result, increase tensile strength and hardness [182]. Since Ti is insoluble in Mg,
TixAly compounds form, which may presumably decrease ductility with increasing Ti
content.
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So far, additions of Ti have only been reported for AZ91 alloys. As a result, the effect of Ti
on other alloy systems is not well understood. However, it is reported that Ti addition (up
to the reported maximum value of 0.8 wt.%) to AZ91 progressively decreases corrosion
rate. This effect of Ti is associated with 1) changes in morphology and distribution of β
phase, from coarse and semi-continuous, to fine, uniform and rod-like, and 2) an increase
of Al in the solid solution of α-phase [183]. Südholz tested the effect of 0.1 wt. % Ti
addition to AZ91E on corrosion in 0.1M NaCl media and found that although anodic
activity was slightly increased by Ti, the cathodic reaction rate was somewhat decreased.
However this didn’t have a significant impact on icorr [21].
Candan and co-workers measured the corrosion potentials and corrosion rates in 3.5 %
NaCl solution of AZ91 alloy with 0.2, 0.3, 0.4, 0.5 wt. % Ti additions, and reported
somewhat unrealistic corrosion potential values (Ecorr) and corrosion current densities (icorr)
for commercial and alloyed AZ91 (i.e. Ecorr, AZ91= -0.821 VSCE and Ecorr, AZ91-0.5Ti= 0.980 VSCE, icorr, AZ91= 153 μA/cm2 and icorr, AZ91-0.5Ti= 43 μA/cm2) [182]. Such high
potentials indicate that the cathodic reaction is oxygen reduction rather than water
reduction, and cannot be correct for this alloy. The corrosion potential of AZ91 is typically
around -1.5 VSCE.
Y (yttrium)
Yttrium has recently been shown to have a beneficial effect on mechanical properties of
Mg alloys. Yttrium has amongst the highest solubilities (12.47 wt.%) in Mg, and can
impart age hardening [19]. In addition it has a grain refining effect, which leads to high
strength at ambient temperatures. Furthermore, Y-containing alloys show good creep
resistance at temperatures up to 300°C [8]. On the other hand, Yi et al., have reported that
Y decreases ductility when added to Mg-Zn-Zr alloys [41].
In a binary context, Y was found to monotonically increase corrosion rate due to increased
volume fraction of Mg24Y5 in the microstructure, which led to a concomitant acceleration
in cathodic activity [184], as demonstrated by the increase in corrosion rates from 17 to 65
μA/cm2 when 2-18 wt. % Y, respectively, was added to Mg. On the other hand, Y as an
elemental addition to AZ series alloys forms Al2Y phase, refines α (Mg) grains and
contributes to a decrease in the amount of, and more homogeneous distribution of β
(Mg17Al12). As a result, the corrosion properties of AZ91 have been reported to improve
with Y additions ranging from 0-0.8 wt. % [185]; the mass loss rate of AZ91 dropping
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from 7.5 mg/cm2/day to about 0.5 mg/cm2/day at 0.8 wt. % Y. This was not
mechanistically analysed in detail by the authors, however the electrochemical response
showed slightly slower cathodic reaction rates. The improvement in corrosion was mainly
due to refined microstructure, and a change in the morphology of the Mg17Al12 phase from
continuous to discontinuously dispersed with a concomitant decrease in its volume fraction
[186]. However, in contrast to this, with heavier loadings of Y, the work of Südholz
indicated a significant increase in corrosion when 2 wt. % Y was added to AZ91E (an
increase in icorr from 8 μA/cm2 at 0 wt. % Y to about 60 μA/cm2 at 2 wt. % Y in 0.1M
NaCl) [21]. The notion that Y is problematic for pure Mg, along with its ability to serve as
a local cathode [32], has resulted in the conclusion that Y is deleterious to the corrosion of
Mg. That said, however, the high solubility of Y in Mg has resulted in increased use in
modern age-hardenable alloys, such that Y is a major component of the commercial alloys
WE54 and WE43. In addition, a magnetron co-sputter-deposited non-equilibrium thin film
Mg-22 at. % Y alloy was reported to exhibit a lower corrosion rate (icorr= 0.9 μA/cm2) in
0.1M NaCl (pH 12) compared to either commercial purity Mg or bulk WE43 alloy [187].
This significant reduction in corrosion rate was attributed to passivity enhancement by Y
via incorporation of it in the passive film, and to the fact that this type of alloy fabrication
did not result in formation of MgxYy precipitates; in contrast Y was retained in the solution
[187]. Although challenging, the physical vapour deposition technique (PVD) appears to
be a quite promising method to produce corrosion resistant Mg-based thin film alloys and
coatings [188]. With well-controlled PVD parameters and subsequent thermal treatment, to
relieve the stress state of the alloys, it is possible to achieve corrosion resistant and
galvanically compatible coatings [189].
Zn (zinc)
Zinc is the second most frequently used alloying element in magnesium alloy production
after aluminium. In the binary context, Zn forms MgZn2 phase which precipitates along the
grain boundaries and provides good response to age-hardening, increasing hardness and
tensile strength [64, 190, 191]. However this phase serves as a local cathode to the Mg
matrix and has been reported to accelerate cathodic reaction rates and thus increase the
overall corrosion rate [50, 84, 192]. Although Hanawalt established a threshold limit for Zn
of up to 2.5 wt. % in his early study in 1941 [69], Kirkland reported a substantial increase
in corrosion rates when Zn concentration rose from 1 to 3 wt. % [50]. In addition,
increasing the Zn content has been shown to lead to a higher susceptibility to stress
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corrosion cracking [109]. Zinc is often used in combination with Mg-Al and Mg-Zr(RE)
alloys and hence the role of Zn in synergy with other elements is described in the
subsections of those elements.
Zr (zirconium)
Zirconium has low solubility in Mg and does not form intermetallic phases with Mg [193].
Zr is added to Mg because of its potent ability to refine the grain size of Mg alloys,
improving both the casting quality and mechanical properties of Mg [134]. Hence, the
addition of Zr leads to an increase in tensile strength without loss of ductility [8]. Zr also
confers good welding properties. However, elements such as Al, Mn, and Si reduce the
liquid solubility of Zr and form stable compounds with it [9]. If this occurs, Zr cannot
provide grain refinement [24]. Usually Zr is added to Zn, RE containing alloys such as ZE
and ZK series alloys. Corrosion of these alloys is generally more rapid than that of the AZ
(Al-Zn) class of alloys. It has been reported that corrosion resistance may be improved by
heat treatment, to become comparable to that of Mg-Al based alloys [19]. There are reports
that Zr additions of up to 0.42 wt.% may decrease corrosion of Mg alloys [194]; however,
a systematic study of Zr additions to Mg has indicated that Zr may in fact increase Mg
corrosion [70, 195]. The systematic study of Zr additions was also able to show that
defining the likely effect of an alloying addition on corrosion of a higher-order alloy is
very difficult, because the corrosion response may be dictated or overwhelmed by the
effects of the other elements (present in a much higher proportion).
There are reports suggesting that Zr can purify Mg alloys by combining with Fe to form
Fe2Zr which settles to the bottom of the melt (by gravity) resulting in higher-purity
castings. However, Gandel et al. found that overall, Zr increased the corrosion rate in a
unique way [70]. It was indicated (from carefully prepared binary alloys) that Zr had an
‘activation’ effect, accelerating the anodic reaction by destabilising the partially protective
film upon Mg. This led to rapid general dissolution rates, as corroborated by SEM. Further,
the ratio of soluble to insoluble Zr was also a key factor (as, because of its limited
solubility in the Mg matrix, any excess Zr phase separates to form pure Zr). Zr remains a
potent grain refiner; however its content should be balanced so as to not accelerate
corrosion. Zr is not usually added to Mg-Al alloys as it combines with Al to form an Al3Zr
intermetallic that negates the grain refining effect of Zr. Even in commercial Zr-containing
alloys such as ZE41, the presence of Zr particles was seen by electron microscopy to be
responsible for the accumulation of corrosion damage [196, 197]. Neil and co-researchers
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proposed a corrosion mechanism of ZE41 that initiates with localised attack of the regions
adjacent to Mg7Zn3RE intermetallics, followed by deep attack at the Zr-rich regions.

Other elements (Au, B, Ba, Be, Cd, Co, Dy, Ga, Ge, In, Lu, Mo, Nb, Ni, Pd, Se, Tb, Th, V,
Yb)
Boron as a trace addition (from 0.008 to 0.032 wt.%) to AZ series alloys provides
significant grain refinement, which is attributed to the presence of AlB2 particles that serve
as Mg grain nucleation sites [198]. Studies suggest boron improves the fluidity and diecasting properties of AZ alloys [199]; however, the presence of 0.05 to 0.2 wt. % B in
AZ31 and AZ91E alloys increases corrosion rates by a factor of about 2 [21, 200]
compared to the B-free base alloy.
Barium has been noted to improve the age hardening response of Mg-Zn alloys, with
dispersed particles of Mg7Zn2Ba forming within grains and at grain boundaries,
contributing to dispersion strengthening [201]. A separate report has indicated that Ba can
raise the ignition temperature of AZ91 alloy up to 300°C. [202]. Along with these
beneficial effects of Ba on mechanical and casting properties, Ba has, however, been
shown to increase corrosion of AZ91 alloy. The addition of 0.1 wt.% Ba to AZ91E [21]
lead to an increase in corrosion rate of ~50%, concomitant with a decrease in Ecorr of ~25
mV.
Beryllium can control melt oxidation during melting, casting or welding [203, 204] of Mg.
However, due to its low solubility and effective grain coarsening effect, the addition of Be
is usually restricted to the parts per million range (~30 ppm) [13]. In addition, there are
significant safety risks with Be, such that it is not presently commercially viable.
Cadmium additions to Mg have not been widely explored; however, one early report by
Hanawalt suggests that additions of Cd up to 5 wt.% do not increase corrosion [69]. More
recently, a study by Xu indicated decreased corrosion rates with Cd additions, concomitant
with ~20 mV reduction in corrosion potential when 2.04 wt.% Cd was added to Mg;
hydrogen evolution measurements showed Mg-Cd lowered the corrosion rate by a factor of
3 (3.44 mm/y with 0 wt. % Cd versus 1.06 mm/y at 2.04 wt. % Cd) [205]. In a separate
study, the addition of 0.2 wt.% Cd to an AZ91E + 0.2Au alloy resulted in a lower overall
corrosion current density compared with similar alloys including AZ91E + 0.05Au and
AZ91E + 0.001Au (icorr, AZ91E-0.2Au-0.2Cd = 3.1 μA/cm2; icorr, AZ91E-0.05Au = 5 μA/cm2; icorr, AZ91E47

0.001Au

=13 μA/cm2) [21]. In the binary context, additions of Cd may also improve tensile

strength and provide an increment in elongation (for example, comparing Mg-2.04 wt.%
Cd and pure Mg — Mg: UTS = 75 MPa, ε = 9.2%; Mg-Cd: UTS = 115 MPa, ε = 11.2 %)
[205]. Cd is 100% soluble in Mg, and so does not form any intermetallic compounds. As
seen, when added to Mg it does not increase corrosion. However, unfortunately Cd is
hazardous to human health and its widespread use as an alloying element in Mg is
therefore unlikely [206].
Cobalt is mainly used as an alloying addition in the production of lightweight loadsensitive materials with sensing properties, allowing for on-line monitoring of mechanical
forces applied to components made of Mg-Co [207]. Co has no solid solubility in Mg and
forms intermetallic compounds, Co2Mg and Mg2-Cox, in binary Mg-Co alloys. Micro
additions of Co (~0.1 wt.%) result in extremely high corrosion rates of Mg, with the
corrosion rates being comparable to those Mg alloys loaded with common impurities such
as Fe or Ni [69]. In the early study of Hanawalt, the tolerance limit of Mg for Co was
reported to be 0.017 wt.%, with concentrations exceeding this limit drastically increasing
the corrosion rate of Mg [69].
Co additions have also been studied in the pursuit of ultra-high strength Mg alloys [208].
Such alloys have been largely based on the Mg-Zn system to date, with both heavy and
complex multi-alloying to stimulate heterogeneous microstructures. Co-containing Mg
alloys display amongst the highest corrosion potentials of any Mg alloys ever reported,
owing to the significant enhancement of cathodic kinetics that Co imposes. As such, the
more noble potential values are linked to very high rates of corrosion. For Mg-8Zn-1Co, an
Ecorr and icorr of -1419 mVSCE and 194 μA/cm2 were recorded. This icorr is about 20 times
more rapid than that of AZ31. Addition of 0.02 wt.% Ti to Mg-8Zn-1Co decreased icorr to ~
70 μA/cm2, which is the same icorr measured for Mg-10Zn-1Co. Finally, the lowest icorr
recorded for a Co-containing alloy was 47 μA/cm2 for Mg-8Zn-1Co-0.5Ag-0.3Ca, which
also retained an ennobled potential of about -1416 mVSCE. These icorr values are higher than
those of commercial Mg alloys measured under similar conditions.
Dysprosium assists grain refinement and solid solution strengthening in Mg-Dy binary
alloys, whilst it enhances compression and tensile properties of ZK alloys when added
below the solubility limit [209-211]. Since Dy has quite high maximum solid solubility in
Mg (25.34 wt. % [65]), it largely dissolves in the Mg matrix with only a small amount
precipitating as a second phase. As expected, the volume fraction of this phase increases
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with increasing Dy content [209]. As such, Dy contributes a marginal improvement in
tensile and compressive strength (TYS Mg-4.5Dy= 50 MPa, TYS, Mg-18.9Dy = 115 MPa; CYS, Mg4.5Dy

= 50 MPa, CYS,

Mg-18.9Dy

= 130 MPa) via solid solution strengthening [209].

Concomitantly, the ductility decreased with increasing Dy content (ε,
18.9Dy

Mg-4.5Dy

= 4.5 %, ε,

Mg-

= 1.5 %) [209, 212]. Corrosion behaviour of Mg alloys containing Dy is not fully

understood. However it is reported that corrosion of the binary alloys is of the filiform-type
and localised, and that the corrosion rate does not monotonically increase or decrease with
higher or lower Dy content [213]. Although the Mg-Dy system seems to be quite
promising for further improvement of mechanical properties because of its age-hardening
potential, Dy is a rather heavy and expensive metal, and has not been pursued other than
for academic interest in Mg alloys [214].
Gallium as a binary addition forms rod-shaped Mg5Ga2 along grain boundaries [215]. MgGa alloys were found to have good ductility and age-hardening produced substantial
increases in tensile strength compared to pure that of Mg (for example, UTS = 180.1 MPa,
TYS = 107.4 MPa, ε = 8.2 % for Mg-2 wt.% Ga) [215]. However, the low melting point of
Ga (27 °C), its relative rarity, and the embrittlement risk Ga poses to Al-alloys, makes such
additions unsuitable for commercial structural alloy use. On the other hand, Ga has been
pursued as an alloying addition in Mg-Hg alloys that are used in seawater batteries. Low
concentrations of Ga (1 wt.%) decrease the anodic reaction rate (which is increased owing
to the Hg), improving the overall corrosion resistance of the Mg-5Hg system (icorr, Mg-5Hg =
26.98 mA/cm2, icorr, Mg-5Hg-1Ga = 2.34 mA/cm2) [132].
Germanium forms rod-shaped Mg2Ge precipitates in Mg binary alloys and can effectively
refine the grain size of Mg [216]. Of the limited corrosion studies to date regarding Ge
additions, additions of 0.5, 1, 1.5, or 2 wt.% Ge increase the catalytic activity of Mg, and
ennoble corrosion potentials by ~100 mV, but can significantly suppress the anodic
reaction rates and thereby reduce the overall corrosion rate when tested in 3.5% NaCl
electrolyte [217]. The lowest overall corrosion rate is achieved at 1.5 wt.% Ge, and is an
order of magnitude lower than that of Mg. Impedance spectra showed an increase in charge
transfer resistance of Mg-1.5Ge alloy, indicating higher film resistance and stability. This
was explained by a finer grain structure which promoted more rapid, but more uniform,
corrosion product film formation [217].
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Gold, because of its relatively high cost, has not received much attention as an alloying
element for Mg. A trace amount of gold in AZ91E alloy can improve creep response [218],
and produces only a slight increase in corrosion current density: AZ91E ~ 6 μA/cm2;
AZ91E-0.001Au ~ 8 μA/cm2; AZ91E-0.05Au ~5 μA/cm2; AZ91E-0.1Au ~ 12 μA/cm2
[21].
Indium additions were studied several decades ago by Hiroki, who reported the corrosion
mechanism of Mg-47 at.% In in dry and humid environments (30° C, 70% RH) [219].
Although the corrosion rate of this alloy was not measured, neither electrochemically nor
by mass loss testing, the negative effect of In on accelerated corrosion of Mg was
established. According to the proposed mechanism, the Mg-In alloy surface immediately
oxidises once exposed to dry air. MgO film forms on the surface and this film contains
isolated In. Since the melting point of In is very low (156.6 °C) the In crystals continue to
grow at room temperature. These crystals induce stress in the corrosion product film,
which subsequently results in partial film breakdown and therefore incomplete passivation.
In a humid environment the corrosion product is composed of a mixture of Mg(OH)2 and
isolated In crystals. The isolated In serves as a local cathode to the Mg matrix, leading to
rapid corrosion of the alloy.
Lutetium. The influence of Lu on Mg or Mg alloys has not yet been explored. The recent
study by Samaniego, in which a low level of Lu (0.21 wt. %) was added to AZ31, is the
only available report on the effect of Lu on Mg alloys. Lutetium incorporates into Al-Mn
constituent particles; however, this does not change the Volta potential of these particles.
Lu was found to reduce the corrosion rates of AZ31 in the as-cast condition. This was
achieved by reducing the cathodic kinetics of Mg. The overall icorr decreased from 12.3 to
7.25 μA/cm2, and mass loss rate from 0.36 to 0.14 mg/cm2 per day. XPS analysis showed
no appreciable amount of Lu on the alloy surface, implying that Lu does not promote a
more protective corrosion product film. Although Lu seems to improve corrosion
resistance of AZ31, it also increased the grain size from 100 to 700 μm [117]; this
increased grain size is expected to adversely affect yield strength.
Molybdenum is not a typical elemental addition into Mg because it is essentially insoluble.
However, low level additions of Mo to AZ91E (0.1 wt. % Mo), studied by Südholz,
indicated that microalloying with Mo leads to a significant increase (by a factor of ~10) in
icorr [21].
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Nickel is regarded as an impurity in Mg alloys and increases corrosion. A tolerance limit of
only 0.0005 wt. % Ni is reported for Mg [13, 69].
Niobium is not a common alloying addition for Mg. Nb is not soluble in Mg and its
alloying would only be possible via methods such as magnetron sputtering, limiting its
utility to that of thin films. One attempt has been made to add Nb to Mg composites [220].
Palladium has recently been explored as an alloying addition to heavily-alloyed versions of
biodegradable Mg-Ca-Zn alloys [221, 222]. Pd additions (~2, 6 at. %) to Mg-Zn-Ca
amorphous alloys were reported to retard the anodic reaction rate in simulated body fluid at
physiological temperature. However, given the insolubility of Pd and its high exchange
current density, this effect is accompanied by enhanced cathodic activity, leading to higher
overall corrosion current densities (icorr, Mg-23Zn-5Ca = 1.7 mA/cm2; icorr, Mg-23Zn-5Ca-2Pd = 2.1
mA/cm2; icorr,

Mg-23Zn-5Ca-6Pd

= 2.7 mA/cm2 [221]). It should be noted that the baseline

corrosion current density of the Mg-23Zn-5Ca alloy is very high to begin with, at least an
order of magnitude higher than that of pure Mg in the same solution [39]. Additions of Pd
(0-6 wt. %) to AZ61 alloy result in formation of thermally stable Al4Pd eutectic
phase[223]. The addition of 2 wt.% Pd has been reported to improve the ultimate tensile
strength of AZ61 alloy from 140 MPA at 0 wt.% Pd to 240 MPa at 2 wt.% Pd; however,
higher concentrations of Pd lead to a decrease in UTS [223]. Although Pd is effective in
improving creep properties of AZ61 alloy via grain refinement and the formation of
thermally stable Al4Pd phase [224], the presence of this phase results in reduced ductility
of the alloy (from 20 % to 10 % at 0 to 6 wt.% Pd) [223].
Selenium has not been widely used in Mg alloy production. A study conducted by Südholz
indicates that a small amount of Se (0.1 wt. %) in AZ91 alloy can reduce icorr from ~ 8 to 2
μA/cm2 [21]. The solubility of Se in Mg is unknown.
Terbium. This element has a high solubility limit in Mg (24 wt.%); however, the use of Tb
in Mg alloys is not widespread. Binary Mg-Tb alloys show good age-hardening response,
and the hardness values increase with increased Tb concentration (up to 93 HB at 20 wt.%
Tb) [225]. A study by Neubert suggested Tb has accelerates corrosion of Mg-4Tb-2.5Nd
alloy [226]. That study reported accelerated cathodic rates with addition of 4 wt.% Tb and
higher overall corrosion rate in 300 ppm NaCl solution compared to WE43 alloy (Mg-4Tb2.5Nd icorr = 7.4 μA/cm2 vs. WE43 icorr = 2.9 μA/cm2). Moreover, exposure to 3% NaCl
borax-buffered solution (pH=9.3) yielded high initial and continuously increasing
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hydrogen evolution rates for the Tb-containing alloy (21 ml/cm2 h compared to 0.25
ml/cm2 h for a WE43 alloy with similar composition) [226]. Such high hydrogen evolution
rates were attributed to the deleterious effect of Tb on the protective properties of the
corrosion products.
Thorium is the most effective elemental addition for imparting high-temperature strength
and creep resistance up to 350°C. In addition, it improves casting and welding properties.
Unfortunately, because of the radioactive nature of thorium, it is not commercially viable
[24], and the influence of Th on corrosion is not widely reported.
Vanadium, in the context of influencing corrosion of Mg or Mg alloys, is yet to be
reported. However, V-containing Mg alloys have been studied, with trace additions
indicating notable grain refinement for both Mg-Zn [227], and Mg-Al alloy systems [228].
In the AZ series alloys, V forms Al3V phase, which apparently results in high grain
boundary density, and not only refines the Mg-matrix but also changes the distribution of
β-phase (Mg17Al12).
Ytterbium, when added to Mg-Al alloys, preferentially forms Al2Yb. Al2Yb becomes
lamellar and more finely dispersed with increasing Yb content (from 0.5 to 2 wt.%) and
Al2Yb volume fraction. Yb suppresses formation of Mg17Al12 owing to a greater difference
in electronegativity between Yb and Al than between Al and Mg [229]. Yb has the ability
to impart grain refinement in both Al-containing and Al-free Mg alloys [48]. However the
effect of Yb on corrosion properties of Mg alloys has not been reported in the literature.

2.5.1

Consolidation of alloying effects

The influences of alloying elements, described above, have been collated and presented in
Figure 2.8 to summarize the effects of these elements upon corrosion. Figure 2.8 shows a
schematic of the polarization curve of Mg and the influences of alloying elements on
anodic and cathodic kinetics.
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Figure 2.8:
Schematic representation of the electrochemical impact of alloying elements
studied (data extracted from the papers cited in Section 2.5). The plot depicts the ability of
alloying additions to modify anodic or cathodic kinetics (or both), leading to changes in the
resultant corrosion rate (icorr), along with changes in corrosion potential (Ecorr). CS is the
solid solubility.

Figure 2.8 can be used by considering the relative movements of cathodic and anodic
branches of the polarization curve. The distance associated with the relative movement
(along the length of the schematic arrow) is a representation of how significant the effect
is. The information in Figure 2.8 is a valuable map as far as corrosion engineering is
concerned, as we emphasize that the issue of Mg corrosion is one of kinetics, as collated
here. Some of the most significant observations from Figure 2.8 are briefly summarized
below:
•

Al retards anodic dissolution rates when added below or at the effective solubility
limit. This effect becomes overwhelmed when the Al content exceeds the effective
solubility limit (the word effective is used here, because the solubility is timetemperature and processing dependent), forming Al-rich zones and Al-containing
intermetallics that enhance cathodic reaction rates.

53

•

The addition of Mn below the solubility limit to pure Mg has a minor effect on
decreasing the cathodic reaction rates; additions exceeding the solubility limit (2.22
wt. %) have the opposite effect, and facilitate cathodic activity [61, 71], whilst in
multi-element alloys (i.e. those other than pure Mg), Mn can segregate to elements
such as Al, forming local cathodes.

•

Some elements, including Li, and Ca, are more electrochemically active than Mg.
When alloyed with Mg, and present in either solid solution or intermetallic
particles, they increase the rate of anodic reaction [39, 140].

•

Zr, Ag, and Au increase cathodic kinetics. These elements make important
contributions to mechanical properties of Mg; therefore to minimize corrosion
problems, the amounts of these additions must be carefully controlled.

•

Ti suppresses the rate of cathodic reaction in Mg alloys with relatively high Al
contents (e.g. AZ91) [21, 183] when added in low concentrations (i.e. < 1 wt. %).
In a binary sense, Ti has no functional role.

•

Fe, Ni and Cu are the most common impurities in Mg alloys. They are insoluble,
and present in pure form; this means that they are heavily polarized cathodically at
the potential of Mg alloys, and accelerate cathodic kinetics [32, 120, 230]. Reported
threshold limits for these elements include 170 ppm for Fe, ~1000 ppm for Cu and
5 ppm for Ni and Co [69]. Co is exceptionally efficient at enhancing cathodic
kinetics.

•

RE (Ce, La, Nd, Gd), and Y in binary Mg alloys lead to increased corrosion
potentials, accompanied by monotonically increasing cathodic kinetics that
translate to higher overall corrosion rates. The addition of low levels of RE as a
quaternary element to Al-containing Mg alloys has been noted to decrease
corrosion rates by mitigating the galvanic effect of Al-Mn-Fe particles [129, 136,
150] or stabilizing surface films – however more work is needed in this area. Lu, a
heavy RE element, has been suggested to have a minor influence in decreasing
anodic kinetics [117].

•

Minor additions of As (the only reported addition being 0.37 wt. % [95]) can
significantly decrease the corrosion rate of Mg by suppression of cathodic kinetics.
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To also provide a summary of the reported corrosion potentials of binary, ternary, and most
common commercial magnesium alloys (as well as some commercial alloys with minor
elemental additions) a non-exhaustive galvanic series for Mg alloys has been compiled and
is presented in Tables 2.4 and 2.5. It is seen that the upper values of corrosion potentials
are in the vicinity of ~ -1.4 VSCE, whilst activating elements can result in potentials below 2 VSCE. The important distinction is made that Mg alloys with more noble potentials may in
fact be more noble because of increased cathodic kinetics, and hence the more noble
potentials do not necessarily correspond to decreased rates of corrosion.
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Table
2.5:
Galvanic
series
of
experimental and commercial magnesium
alloys tested in 0.1M NaCl [7, 21, 37, 70,
144, 184, 231].

Alloy
Mg-8Y
Mg-8.85Bi
AM60
AZ31-0.48Bi
AZ31-0.21Lu
ZE41
AZ31-0.88Li
AZ91E-0.1Cr
AZ91E-0.1Ag
AZ31
AZ31-0.1Ca
Mg-6La
AZ91E
AZ31-0.1Sc
AZ31-0.005As
AZ31-0.46In
Mg-2.2Mn
AZ91D
AZ91E-0.1Sc
Mg-5Al-1Sn
Mg-4Ce
Pure Mg
Mg-1Nd-2.4La
AZ91E-0.1Ca
AZ91E-0.1Li
Mg-7Al-0.1Ti
Mg-3.5Nd
Mg-5Al-0.1Sr
Mg-1Y
Mg-7Bi
AZ91E-0.1Ce
ZK60
AZ91E-0.1Pb
Mg-0.5Nd
Mg-0.3Zr
AE44
Mg-2Ca
Mg-7Sn
WE54
Mg-2Sr
Mg-0.37As
Mg-8Li

Average Corrosion
potential (Ecorr), VSCE
(0.1M NaCl)
-1.460
-1.495
-1.495
-1.4978
-1.500
-1.52
-1.5235
-1.524
-1.525
-1.526
-1.5265
-1.529
-1.533
-1.5345
-1.5345
-1.5384
-1.540
-1.540
-1.542
-1.543
-1.544
-1.645
-1.549
-1.551
-1.551
-1.557
-1.565
-1.565
-1.57
-1.590
-1.591
-1.596
-1.602
-1.619
-1.623
-1.625
-1.652
-1.665
-1.685
-1.731
-1.765
-1.8

Table
2.6:
Galvanic
series
of
experimental and commercial magnesium
alloys tested in 3.5% NaCl electrolytes
[127, 134, 136, 140, 152, 153, 159, 162,
169, 170, 181, 183, 192, 194, 217, 232,
233].
Alloy!
Mg-10Al-12Si!
AZ91-0.4Ti!
AZ91-0.5Sb!
AZ91-0.27Sc!
AZ31-5Sn!
AZ91!
AZ91-1La!
AP65-1Sn-0.5RE!
AZ31-9Sn!
Mg-10Gd-3Y-0.5Zr!
Mg-10Al-12Si-1Pb!
AZ91-0.5Si!
AZ91-0.2Ti!
AZ80!
AZ31-1Sn!
AZ31-0.5Sr-0.5Y!
AZ31!
AM50!
AZ91-1Ce!
Mg-10Gd-3Y-1Zr!
AZ31-0.5Sr-1Y!
AZ31-0.5Sr-2Y!
AZ91-2Sr!
Mg-2Ge!
AZ91-0.5Sr!
AM50-1Gd!
AP65!
AZ91-0.24Ho!
Mg-10Gd-3Y!
Mg-1.5Ge!
AZ80-2Li!
Mg-1Ge!
Mg-5Zn!
Mg-2Zn!
Mg-3Zn!
Mg-0.5Ge!
Pure Mg!
Mg-2Y-3Nd-0.5Zr!
Mg-5Hg-1Ga!
Mg-5Hg!
Mg-6Hg!
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Average Corrosion
potential (Ecorr), VSCE
(3.5 wt.% NaCl)!
-1.390!
-1.4!
-1.445!
-1.45!
-1.45!
-1.461!
-1.47!
-1.47!
-1.48!
-1.488!
-1.490!
-1.490!
-1.5!
-1.5!
-1.5!
-1.502!
-1.51!
-1.53!
-1.54!
-1.542!
-1.548!
-1.553!
-1.556!
-1.56!
-1.572!
-1.58!
-1.58!
-1.58!
-1.613!
-1.67!
-1.67!
-1.69!
-1.712!
-1.72!
-1.728!
-1.74!
-1.76!
-1.78!
-1.992!
-2.28!
-2.28!

2.6

Property space of Mg alloys

Based on the literature survey, the strength-ductility property space of Mg alloys was
constructed and is shown in Figure 2.9. AZ series alloys, marked in orange, show a
relatively good balance between strength and elongation, and when further alloyed or heattreated, show increased elongation (marked in green). The strong alloys, found in the
middle left region of the plot, are predominantly heat-treated ZK series alloys (~250 MPa).
Both, microalloyed (with minor additions of Ce and/or Y) and thermo-mechanically
processed (e.g. via ECAP or conventional extrusion) ZK and AZ alloys show higher
strength values, up to 330 MPa with elongation values approaching 20%. The extreme
strength, around 400-600 MPa, top left corner, is exhibited by thermo-mechanically
processed Mg-Y-Ni, Mg-Gd-Y-Zn-Zr and Mg-Y-Zn alloys [234-237]. Conversely, Mg-RE
alloys show average strength values with quite limited ductility [111].

Figure 2.9:

Strength-elongation property space in selected Mg alloys [19, 42, 234-259].
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The above representation (Figure 2.9) of strength-ductility of Mg alloys suggests that there
is still a big gap in this property space of Mg alloys. The top right corner of the plot is not
yet populated with alloys that are both strong and ductile; therefore more research must be
carried out to design such high-performance Mg alloys.
The balance between strength, ductility and corrosion resistance is very important in
designing Mg alloys. Only few alloys show high strength and good ductility values;
however, since there are very few studies that focus on both mechanical and corrosion
properties, very little is known about the environmental durability of these alloys in the
broader context of property space. The available information is plotted in Figure 2.10.

Figure 2.10: Strength-corrosion rate (in 0.1M NaCl solution) property space in selected
Mg alloys [19, 23].
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2.7
2.7.1

Other factors affecting the performance of Mg alloys
Effect of the grain size and microstructural influences

Grain refinement is an effective way to improve the strength of Mg and Mg alloys.
Governed by the Hall-Petch relationship, the room temperature tensile strength of Mg and
alloys is inversely proportional to the square root of grain size according to [260, 261]:

σy= σ0 + kyd-1/2

(2.5)

where d is the average grain diameter in m, σ0 is a friction stress, approximately 12 MPa
for magnesium and ky is the Hall-Petch parameter, 0.22 MPa m-1/2 [262]. Mg alloys have an
excellent response to grain refinement [230, 263-265] due to a high Hall-Petch coefficient
compared to those of other metals such as Al (ky,Al = 0.01 to 0.09 MPa m-1/2) [266].
Critically, if the strength of a material can be improved without chemical (alloying)
changes, then the corrosion properties of the alloy will not necessarily be affected [267].
Grain size has been shown to be a factor controlling the overall electrochemical response
of Mg and its alloys. A number of studies have shown the effect of grain size on corrosion
rate of Mg and Mg alloys [267-270]. From the electrochemical point of view, a reduction
in grain size increases the amount of grain boundaries, which in turn impacts dissolution
and passivation phenomena [59]. As a result, this leads to findings of decreased [268, 269]
or increased [271, 272] corrosion, which can however be understood and rationalised on
the basis of the role of environment, and have been summarised by Ralston, who provided
a constitutive relationship for the rate of corrosion as a function of grain size [273]. It was
noted that any processing route and elemental additions may impart physical or chemical
changes to the material in addition to the intended grain size modification. As well, the
nature of the environment or electrolyte will further impact corrosion response [273]. More
specifically, the grain-refinement treatment appeared to allow the magnesium surface to
possess a more pseudo-protective (hydr)oxide layer, which could withstand large scale
breakdown in dilute NaCl electrolytes more effectively compared with the layer formed on
coarser- grained Mg [268, 269, 274].
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tional, and thus electrochemical, homogenization of the
surface, as evidenced by BSE-SEM and OP observations.
Qualitative comparison between chemical heterogeneity
(BSE-SEM images) and surface topography (OP images)
shows remarkable correspondence between surface morphology and corrosion attack in both transverse (Fig. 3)
and longitudinal (Fig. 4) sections.
4. Discussion
The results reveal that the corrosion rate of Mg ZK60 in
NaCl electrolytes is decreased by a single-pass integrated
extrusion
+ ECAP
is encouraging
Figure 2.11a illustrates the relationship between
corrosion
rateprocessing.
and grainThis
sizeresult
in pure
Mg,
and will be discussed in the context of the following two
revealing a trend between corrosion rate eﬀects:
and (i)
thereduction
square inroot
of grain
Thischanges
the average
grainsize.
size (and
the overall grain structure, including grain shape, charimprovement in corrosion performance withinfiner
grained Mg was initially reported by
acter of grain boundaries and misorientation); and (ii)
redistribution
of solute
atoms owing
to second-phase
Op’t Hoog [275] who studied Mg specimens
processed
via Equal
Channel
Angular particle break-up and/or re-solutionizing [27,28]. Both will
Pressing (ECAP), a form of severe plastic deformation.
was
noted that,
in 0.1Melectrochemical
NaCl,
have an eﬀectIton
mechanical
properties,
response and surface reactivity. Fig. 6 demonstrates how
the anodic reaction kinetics were reduced withthedecreasing
size. with grain size and percentage
corrosion grain
rate varies
of intermetallic particles on the surface.

50

ED
TD

40

30

20

0.0

0.2

0.4

(Grain Size)

(b) 50
Average icorr (µ A/cm2 )

(a)

-0.5

0.6

(µm)

50

0.8

-0.5

(b)

40 and grain size of (a) pure Mg for
Figure 2.11: The relationship between corrosion rate
current densities measured in 0.1M NaCl [273], and (b) ZK60 processed by a combination
of extrusion and equal channel angular pressing [267].30

20

In terms of Mg alloys, Argade et al. reported almost 4 times lower corrosion rates during
ED
TD

immersion in 3.5 % NaCl of an ultra-fine-grained Mg-Y-RE alloy compared to a coarse-

i corr (µA/cm2)

10

Fig. 7 shows the
grain size as they v
ation in icorr on th
plane) along the p
the longitudinal ND
the intermediate sta
for icorr, the reduct
path is monotonic
grain size slows do
stage. There appear
the grain size, and
Fig. 6a for surfaces
size alone has bee
marked impact on
environment and th
or passivation of a
grain boundary len
overall surface reac
ical role in the
Depending on speci
increased grain bo
decrease the corrosi
as the mean interce
easy to measure, pa
the total length of
specimen surface. In
as grain size decr
attributed exclusive
ing by SPD simul
the solute populatio
Changes in corro
for ECAP-modified

40
30
20

100

Grain Size (µm)

Average icorr (µA/cm2)

(a)

4.1. Grain refinemen
corrosion resistance

ED
TD

10

10

0.0
0.5
1.0
1.5
2.0
2.5
grained specimen [270]. In the case of ZK60, the grain
size
– corrosion
relationship
is3.0

Area Fraction of Intermetallic (%)

1

Initial

shown in Figure 2.11b for specimens that were
processed by a combination of extrusion
Fig. 6. Variation in the corrosion current density i
(a) and the area
corr

fraction of intermetallics (b) as a function of the inverse square root of the
and (ECAP). Data in Figure 2.11b correspond
to different specimen orientations with
grain size.

respect to the extrusion direction, revealing a relationship where corrosion rate decreased
with grain size-0.5. Orlov et al. reported that the grain refinement of ZK60 via ECAP had
the greatest impact upon anodic reaction kinetics, while chemical redistribution effects had
a greater effect on cathodic reaction kinetics [267].
The example in the work of Orlov indicates that important chemical changes can occur as a
consequence of grain refinement of alloys and commercial materials. Taking this further,
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Fig. 7. Variation in the c
as a function of specime

the original ZK60 microstructure is shown in Figure 2.12, along with the corresponding
damage morphology (via optical profilometry) following immersion in 0.1M NaCl. The
continued refinement of the grain structure, along with the attendant chemical
redistribution, shows that solute can be redissolved into the matrix, with associated
ramifications (which in this case were beneficial) for the subsequent damage morphology.
Following the extrusion + ECAP process, solute homogenisation leads to less localised
corrosion, and thus significantly lower corrosion rates, as well as higher strengths [267]. A
similar observation was also made in Al-alloys [276], and therefore the deformation
processing of Mg alloys represents
an avenue of future potential.
D. Orlov et al. / Acta Materialia 59 (2011) 6176–6186

6181

Fig. 3. BSE-SEM (a, c, e) and OP (b, d, f) images of Mg ZK60 on the ND–TD plane in the initial (a and b), intermediate (c and d) and SPD-processed (e
and f) conditions.

Figure 2.12: Back scattered SEM images (a, c, e) of polished specimens and the
corresponding optical profilometry images following 330 min of exposure to 0.1 M NaCl
obtained by the conventional X-ray diﬀraction technique.
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PFs. Fig. 5c illustrates that these grains have f1 0 1 0g
3.3. Exposure testing and OP
planes perpendicular to the ED and are rotated around
the {0 0 0 1} axis parallel to the ED. The nearly equiaxed
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grains (e.g. grain 3) do not belong to the typical orientations and therefore contribute only to the texture
background.
The small equiaxed grains found in the intermediate condition are almost unaﬀected by the final step of SPD processing, while the larger grains get further refined, which causes
an increase in the fraction of LABs in the microstructure
(Fig. 5b) and reduces the mean boundary spacing to
lED = 3.07 lm in the ED and lND = 1.99 lm in the ND.

Corrosion damage accumulation on ZK60 specimens
after 330 min of exposure to 0.1 M NaCl and cleaning with
HNO3 are shown in OP micrographs in Figs. 3 and 4 for
diﬀerent processing steps. In the initial condition
(Fig. 3b) grain boundaries and intermetallic particles tend
to be elevated (green and red) over grain interiors (blue).
Both Zn and Zr (which occur primarily in proximity to
grain boundaries, as seen in Fig. 3a) have Ecorr values that
are relatively noble with respect to Mg and would be
expected to preferentially support cathodic reactions,

For a given alloy system, grain size effects are of relevance and can be exploited to
improve strength and effectively reduce the rate of corrosion. This is one possibility for
improving the corrosion resistance of a particular alloy within a finite window; however
the distinction of ‘finite’ is made, since, in general, the influence of changing the chemistry
of an alloy will contribute over and above the effect of changing its grain size and solute
distribution. This is evident on the basis that a wide spread of corrosion rates (many orders
of magnitude) was observed for say, AZ91 with minor alloying additions [21, 39], while
varying grain sizes and solute redistribution may only influence the corrosion rate over a
much smaller range of values.

2.7.2

Effect of texture

The main deformation mechanisms of HCP crystals are basal slip, prismatic slip,
pyramidal slip and twinning. Crystallographic orientation has a large effect on twinning
and slip in HCP crystals. Mukai et al. have suggested that the basal planes are aligned
parallel to the extrusion or rolling direction [277]. Therefore these processes induce strong
anisotropy in metals as a result of preferred crystallographic orientation. In addition, the
critical resolved shear stress value for basal plane slip in a magnesium single crystal is ~30
times lower than that for non-basal plane slip near room temperature [278, 279]. Hence the
distribution of basal planes in magnesium plays an important role in the enhancement of
mechanical properties at room temperature, since plastic deformation is easily
accommodated by dislocation slip on basal planes.
Sajuri et al. reported the effect of texture on fatigue strength where the basal plane parallel
to the loading axis showed a high fatigue limit in comparison to the specimens loaded 45°
or transverse to the basal plane [280]. Here the effect of texture was mainly attributed to
differences in crack closure for different crack growth orientations.
In general, most Mg alloys have strong texture, with asymmetric spread of basal poles
which leads to anisotropy of tensile properties [281]. In contrast, weaker texture favors
basal slip and higher work-hardening potentials before localization of deformation takes
place.
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In regards to corrosion behaviour, texture is a less important factor than grain refinement
and chemical composition distribution. As a result, whilst texture will be examined
experimentally in this work, it is not reviewed extensively here.

2.8

Summary

This review has presented the influence of alloying elements on the corrosion and
mechanical properties of magnesium, drawing widely from the literature to include data on
a large number of commercial and custom alloys. Coatings have not been discussed in any
detail.
Mg corrosion has been described and discussed in terms of kinetics and corrosion
metallurgy. The aim was to establish an understanding of how alloy chemistry, and hence
electrochemistry, controls corrosion kinetics. The electrochemical effects of alloying
elements were summarised according to the relative movement of anodic and cathodic
kinetics, and the extent to which such kinetics are catalysed or suppressed by the addition
of a particular element. This was graphically depicted via an overlay upon a polarisation
schematic. Such a schematic also provides a platform for understanding more complex
alloy corrosion, and a rationale for alloy design that considers corrosion.
If possible, alloying with soluble elements that remain in solution is desirable to retain a
homogeneous microstructure. Also, grain refining is another factor in realizing higher
strength and ductility in Mg alloys, given their high Hall-Petch coefficient [277, 282-284].
The increase strength derived from grain refinement may then allow the extent of alloying
to be decreased, and thus the microstructural heterogeneity and corrosion rate reduced.
Additions of soluble In, Bi, and Sc, as well as the well-documented addition of sparingly
soluble Zr, can reduce grain size in cast Mg alloys [96, 285-289]. Caution needs to be
exercised to not add too much of these elements, because they can contribute to enhanced
corrosion rates when present beyond low levels. Another factor controlling ductility and
strength of Mg alloys is texture [281, 290]. However, how texture affects corrosion
performance of Mg alloys is still not well understood. Although work relating texture to
corrosion exists [291, 292], the variation caused by minor changes in texture across a bulk
alloy, is likely to be a far less significant factor than chemical addition.
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In addition to the chemical influence of alloying elements, and their effects on corrosion,
the amounts, shapes and sizes of second (or third) phases in the microstructure will affect
ductility. These factors were addressed by reporting a consolidated table including
solubilities of elements in Mg, presenting typical microstructures for Mg alloys, showing a
galvanic series and strength and ductility relationships for a range of both common and
atypical Mg alloys.
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3 Research aims

3.1

Objectives

As shown in the literature review, appreciable progress has been made in recent years with
respect to extending the industrial application of Mg alloys. By virtue of controlled
alloying additions such as Al, Zn, Mn, Zr, Y, Gd, Li, RE (one or more of Ce, Nd, La), Mg
alloys now have good specific strength, and with further thermo-mechanical processing it
is possible to achieve even higher specific strength (comparable to other metal systems
such as steels).
However the limitations of Mg alloys are usually either low ductility or poor corrosion
performance, and most often a combination of both.
To allow increased industrial applications of Mg alloys requires improvement in corrosion
performance, e.g. kinetic restriction of corrosion, and also increased toughness. These may
be achieved by:
a) Careful selection of bulk alloy chemistry and alloy system. This requires an all-round
knowledge of the alloy application, including the mechanical and environmental envelope.
As an example, an equivalent strength target can be met using Mg-Zn or Mg-Ca alloys;
however, the former possess much lower rates of corrosion [50]. Naturally, alloy selection
steps are complex if components are to be extruded, or high-pressure die cast; nonetheless,
bulk alloy compositions can be readily assessed on the basis of Figure 2.8.
b) Alloying for the purposes of altering corrosion kinetics. For example, specifically
altering alloy chemistry by (micro or low-level) additions is one approach that has not been
vigorously pursued to date. In this context, the aim would be to make an alteration to an
alloy composition that has already been designed for a specific property portfolio, and to
thus reduce the dissolution rate without altering the remaining properties.
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There are some examples of this approach in the literature, albeit not part of systematic
studies. The influence of microalloying additions to AZ91 was shown by Südholz [21] and
0.1 wt. % of either Ce or Y) has been shown to reduce corrosion rates when added to
AZ91E [138, 151]. Another example is the microalloying addition of 0.1 wt. % Ag to
AZ91; the silver segregated to the Mg17Al12 phase, resulting in the formation of many
smaller precipitates, and leading to an increase in hardness with no increase in corrosion
rate.
Further, although not tested in a complex alloy system, additions of As have been shown to
reduce cathodic kinetics [95]. Although such additions may not be industrially feasible,
they reveal the opportunity for similar cathodic poisons to be explored.
c) Thermo-mechanical processing to modify local alloy chemistry via phase redistribution,
and re-solutionizing has been shown to be an effective means for optimizing a property
portfolio to include reduced rates of corrosion. In addition, thermo-mechanical processing
may also provide further favourable properties by texture modification, grain size
reduction, and subsequent further grain refinement due to dynamic recrystallization [293296]. Severe plastic deformation, in particular, is gaining popularity in the study of
wrought Mg alloys [297]. The effect of SPD on corrosion is intrinsically connected to the
microstructure produced; this is temperature sensitive, and therefore needs to be considered
individually for a particular alloy composition. In addition, parameters such as die
geometry, angle, and the speed of processing will dictate the level of strain a material
receives, as well as the presence of defects (voids, cracks). This means that a universal
recipe for successful SPD is unlikely to be established.

3.2

Approach

In saying this, there are families of Mg alloys (such as AZ31) which possess acceptable
environmental durability (although improvements would, of course, be desirable), but do
not satisfy critical mechanical requirements. It is therefore obvious that to expand the
application of Mg alloys, we need to consider, and attempt to manipulate, multi-property
space. The approach taken in this work is a discrete and initial effort at modifying an
existing alloy with a well-characterised balance between mechanical and corrosion
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properties. This is a novel step towards designing a commodity Mg alloy with improved
environmental durability, higher strength and higher ductility. As such, the relatively
strong (yield strength ~200 MPa), ductile (elongation ~20%) and durable AZ31 alloy has
been selected as the benchmark alloy. This project seeks to further improve the properties
of AZ31, using the approach summarized in the flowchart of Figure 3.1.

GRAIN#SIZE#

YIELD#STRENGTH,#
σy
#

TEXTURE#

ELONGATION,#
ε

MICRO.ALLOYING#
Mg#ALLOY#
AZ31#

DEFORMATION#
PROCESSING#
MICRO.CHEMISTRY#

Experimental variables!

Figure 3.1:

Resultant alloy
structure to
characterise!

Flowchart of project outline.
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The hypothesis is that improvements in property space can be made to AZ31 by a
combination of:
•

Altering the alloy chemistry by micro-alloying additions

•

Thermo-mechanical processing

Subsequent research to test this hypothesis will explore the following concepts:
1. Improved ductility may be imparted via weakening of texture through
microalloying with elements that are soluble (at amounts below their solubility
limits) and which possess a large atomic radius, compared with that of Mg.
•

This is being tested by exploring large radius, soluble, and previously unexplored
alloying elements such as In, Lu, Sc, and Bi.
2. Improved strength can be imparted by solid solution strengthening from low level
alloying additions, and such additions may also refine cast grain size, and grain size
of extruded specimens.

•

This is being tested by exploring large radius, soluble, and previously unexplored
alloying elements such as In, Lu, Sc, Bi, and Ti.
3. Improved durability by lowering the bulk alloy corrosion rate. This may be
imparted by alloying below the solubility limit (to avoid additional phases) and by
doping of the α–matrix.

•

This is being tested by exploring alloying additions that are below the solubility limit
and hence incorporated into the matrix phase. A large number of unexplored additions
that possess a lower dissolution rate than Mg will be examined.

68

Based on an the literature review, the choice of microalloying additions has been confined
to elements that are soluble in Mg, or posited to impart some functional benefit such as:
•

Potential for solution strengthening (to increase strength);

•

Substitute for Mg atoms and potentially weaken strong texture of the alloy
(improve ductility);

•

Dissolve in Mg as a solid solution to avoid formation of micro-galvanic cell
(maintain or enhance corrosion properties);

•

Grain refinement (from sparingly soluble elements in low amounts). These
elements will be carefully added in small amounts.

Thermo-mechanical processing imparts:
•

Effective grain refinement, due to recrystallisation at high processing temperatures.
The subsequent refined structure is one key in increasing the strength, following
the Hall-Petch relationship.

•

Grain reorientation, which may lead to more favourable alignment of basal,
prismatic, and pyramidal planes to facilitate uniform plasticity.

•

Phase transformation associated with re-distribution or suppression of second
phases that directly influence alloy electrochemistry.

To execute this program of work, alloys will be produced and thermomechanically
processed via extrusion. Elements to be studied include: In, Bi, Sr, Zr, Ti, Ca, RE, Li, Y,
Sc, Lu, Ag and As. Following this, alloy microstructure, macro-texture, grain size,
electrochemical response and corrosion rate will be characterised, to establish the
relationships between modified mechanical properties, such as tensile strength and
ductility, and corrosion behaviour. This will allow for better understanding of the overall
effects of alloying elements, and incorporation of this understanding into performancedriven design of Mg alloys.
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4 The effects of microalloying and
thermomechanical processing on the
mechanical and corrosion properties
of AZ31. Part 1. Extruded specimens

4.1

Introduction

This chapter explores the effects of specific microalloying additions (Li, Ca, Sr, Ti, Sc, Y,
Ag, As, In, Bi, Nd, La, Lu) and thermomechanical processing on the microstructures and
resultant properties of the base AZ31 alloy. Soluble and partly soluble elements were
selected as alloying candidates to extend the property envelope of the reference alloy by
means of fine-tuning the microchemistry, grain refinement, solution strengthening and
texture modification. The solubility of the elements in Mg was critical to avoid formation
of heterogeneous microstructure which usually leads to fast corrosion rates and limited
ductility. The extrusion process was chosen to further reduce grain size, manipulate the
microchemistry via phase re-distribution at the extrusion temperature and re-align basal
planes to produce “hard” texture.
The alloying additions selected here were atypical, and their effects on mechanical and
corrosion performance of Mg, and in particular of AZ31 alloy, are largely unknown. For
example, little is known about the effects of In on Mg — to date there has been only one
study reporting the corrosion behaviour of Mg-47 at. % In alloy [219]. Somewhat
accelerated corrosion rates were found in both dry and humid environments due to the
presence of isolated crystals of In at the surface, that disrupted the integrity of MgO film.
However this negative effect can be mitigated by reducing the amount of In; in fact, small
additions of In to Sb, Se, and Ga increased hardness, strength and corrosion resistance
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[298]. These effects were associated with the attractive physical properties of In such as
ductility and malleability in addition to very positive standard electrode potential (-0.34
VSHE) and passive window at pH 3-5 [299]. Therefore the present study explored the effect
of 0.5 wt. % In. This concentration was chosen to ensure complete dissolution in the Mg
matrix and thus facilitate solid solution strengthening and suppression of either anodic or
cathodic kinetics of Mg.
Arsenic (As) was also explored as an alloying addition in this work. Although As is a
poison in its pure form, once alloyed it poses no first order hazard to human health. So far,
As has been widely used to improve the strength of copper and lead alloys, and therefore
may be expected to strengthen Mg. On the other hand, a recent report by Birbilis, showed
that As also acts as a cathodic “poison” for Mg by means of preventing hydrogen
recombination and restricting the completion of the hydrogen evolution reaction (which is
the cathodic reaction during the Mg corrosion process) [95].
Another original addition used here was Lu. This particular element has never been alloyed
with Mg and there were no reports available in regards to procedures for safely casting
these two metals. However, Lu was successfully cast with AZ31 alloy and the properties of
extruded AZ31-Lu were studied. Lu was selected on the because of its large atomic radius
and the ability of REs to modify and weaken the intensity of the extruded texture of Mg
[135, 300] and thus improve the mechanical performance of the alloy.
This chapter reports the findings from alloys based on AZ31 which were fabricated by
direct extrusion; including the relationships between microstructural development during
extrusion, the tensile properties and corrosion behaviour of the extruded bars. Special
emphasis was placed on the influence of the atypical alloying elements and their potential
to improve mechanical properties of AZ31 whilst retaining reasonable corrosion resistance.
Detailed characterisation by scanning electron microscopy (including phase analysis via
thermodynamic calculations), X-ray diffraction analysis of macro texture and
electrochemical studies was combined with mechanical testing to establish the relationship
between the microstructure after extrusion and the alloy properties.
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4.2
4.2.1

Experimental procedure
Casting of alloys

Samples produced in this work were prepared from commercially available AZ31(B) ingot.
Alloying additions, which were at various levels from trace to 1 wt.%, were introduced
using pure metals and “in-house” master alloys. Such additions were in small quantities
and from source metals originally from Alfa-Aesar (USA).
Alloy production involved induction melting under an argon atmosphere, using a LleyboldHeraus induction source (Figure 4.1). Prior to melting, the induction furnace chamber was
flushed with Ar at least 3 times. The alloy melt was held at a temperature of 730°C within
a mild steel crucible coated with graphite. The alloy was held molten for a period of 30
minutes, and throughout this period was intermittently stirred at least three separate times
to ensure mixing of the alloying addition. The melt was then poured into a pre-heated (to
250°C) steel mould and left to cool to room temperature.
The precise and relevant compositions of alloys tested are given in Table 4.1 (please note:
AZ31M is distinguished with an “M” at the end to emphasise that it was cast at Monash
University and must not be confused with the commercial AZ31 alloy). In all cases, the
composition was confirmed using ICP-AES carried out externally at Spectrometer
Services, Coburg, VIC, Australia.
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Figure 4.1:

Induction furnace, furnace chamber on the right and the mould on the top.
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Table 4.1: Alloy compositions as determined by ICP-AES. Compositions are shown in mass percentages.
AZ31+!

La!

Nd!

Lu!

Ag!

As!

AZ31M!

Al!
3.28!

Zn!
0.86!

Mn!
0.38!

Fe!
0.010!

Zr!
<.005!

Ti!
0!

0!

0!

Y!
0!

In!
0!

0!

0!

0!

0!

0!

0!

0!

0!

In!

3.0!

0.87!

0.4!

0.006!

0!

0!

0!

0!

0!

0.46!

0!

0!

0!

0!

0!

0!

0!

0!

Bi!

3.15!

0.87!

0.43!

0.010!

0!

0!

0!

0!

0!

0!

0!

0!

0.48!

0!

0!

0!

0!

Sr!

3.12!

0.89!

0.14!

0.012!

0!

0!

0!

0!

0!

0!

0.047!

0!

0!

0!

0!

0!

0!

0!

Ti!

3.15!

0.87!

0.19!

0.093!

0!

0.048!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

RE!

3.13!

0.92!

0.37!

0.008!

0!

0!

0.23!

0.087!

<.005!

0!

0!

0!

0!

0!

0!

0!

0!

0!

Li!

3.33!

0.89!

0.35!

0.007!

0!

0!

0!

0!

0!

0!

0!

0!

0.88!

0!

0!

0!

0!

0!

Bi/!
Nd!

2.95!

0.85!

0.39!

0.01!

0!

0!

0!

0.19!

0!

0!

0!

0!

0!

0.53!

0!

0!

0!

0!

Ca!

2.6!

0.74!

0.39!

0.032!

0!

0!

0!

0!

0!

0!

0!

0.1!

0!

0!

0!

0!

0!

0!

Y!

3.09!

0.88!

0.35!

0.006!

0!

0!

0!

0!

0.99!

0!

0!

0!

0!

0!

0!

0!

0!

0!

Sc!

2.78!

0.91!

0.32!

0.003!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0.1!

0!

0!

0!

Ag!

3.3!

0.87!

0.37!

0.013!

0.005!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0.075!

0!

Lu!

3.05!

0.91!

0.36!

0.002!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0.21!

0!

0!

Trace As!

3.24!

0.85!

0.37!

0.004!

<.005!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

0!

<.005!

0.005!
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Sr!

Ca!

Li!

Bi!

Sc!

4.2.2

Thermomechanical processing. Extrusion

Prior to extrusion, as-cast rectangular ingots were machined into cylindrical billets with
diameter of 32 mm.
The direct extrusion process was carried out at a temperature of 400°C to take advantage of
enhanced workability at higher temperature caused by the participation of non-basal slip.
Extrusion involved a preheated tool steel die, in which the cylindrical billet was placed into
a graphite-sprayed metallic container and pushed through an aperture of 8 mm diameter at
a constant load on a manually operated 100 ton vertical hydraulic press, Figure 4.2. The
extrudate was extruded directly into water, so that phase transformations upon slow
cooling could be avoided. The process results in an extrusion ratio of 16.

Figure 4.2:

Extrusion process as carried out at Monash University.
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4.2.3

Microstructural characterisation

4.2.3.1 Scanning electron microscopy (SEM) and energy dispersive X-ray spectroscopy
(EDAX)
The microstructures of extruded samples (i.e. detection of any second phases or constituent
particles) were examined by scanning electron microscopy (SEM) on the specimen surface
parallel to the transverse direction (TD) as shown in Figure 4.3. The general
microstructural characterisation of the surface plane parallel to the extrusion direction
(ED), Figure 4.3, was analysed by optical microscopy for determination of grain size
distribution. Specimens were polished according to standard metallographic procedures
and then given an additional polishing step using Buehler Masterprep 0.05 μm alumina
suspension on a Buehler Chemomet cloth.
The SEM samples were imaged in BSE (back-scattered electron) mode using either an FEI
Quanta 3D-FEG or a JEOL JSM-7001F electron microscope, equipped with energy
dispersive X-ray spectroscopy.
The analytical technique EDXS was employed to perform chemical characterisation of the
alloy microstructures. AZ Tech software was used to run mapping scans on the extruded
sample surface at a 15 kV accelerating voltage and 10 mm working distance.
An Olympus PMG3 and SPOT Advanced software were used to optically analyse the
etched microstructures of as-cast and thermomechanically processed alloys. The specimens
were micropolished to 0.05 μm surface finish with OPS Masterprep followed by etching
for ~5 s in a solution of 225 ml ethanol / 12.5 ml picric acid / 40 ml acetic acid / 40 ml
water. Image threshold analysis was subsequently conducted on the optical micrographs to
determine the grain size distribution of selected as-cast and as-extruded conditions using
Fovea Pro® in conjunction with Adobe Photoshop.
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x	


ED#
ND#

TD#

Figure 4.3:
The location of the specimen used for microstructural characterisation
(Optical microscopy), micro hardness measurements and macro texture in respect to the
deformation process coordinate system. The characterisation was performed on the x plane.

4.2.4

Thermodynamic calculation

To determine the relevant equilibrium phase diagrams, phase analysis, phase fraction and
phase composition, thermodynamic modelling was also carried out using PANDAT®
(Computherm LLC). The PANDAT database is the most relevant and well populated for
Mg and its alloys, however, for many alloying additions studied here, relevant
thermodynamic databases do not exist. Nevertheless, PANDAT is valuable for
understanding and rationalising the microstructures observed.

4.2.5

Mechanical testing

4.2.5.1 Microhardness test
A Duramin A-300 Vickers microhardness testing machine was used to perform hardness
measurements on the surface plane x of the extruded samples, mechanically polished to a
4000-grit surface finish. Samples for hardness testing were cut along the pressing direction.
A 1 kg load was used for indentation and at least 7 indentations were made on each sample
to ensure accurate results.
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4.2.5.2 Universal Instron tensile test
Dog-bone tensile specimens, 4 mm in diameter and 16 mm in gauge length were cut along
the longitudinal direction, e.g. (ED), of the extruded bars, Figure 4.4. Tensile tests were
conducted at room temperature using a screw-driven Instron 4505 with a 100 kN load cell.
A cross-head speed of 1 mm/min (strain rate of approximately 0.001 s-1) and extensometer
of gauge length 10 mm were used. Six repeats were performed per alloy composition.

(a)!

(b)!

(c)!

56!
16#
16!
4!
8!

Figure 4.4:
(a) As-cast atypically alloyed AZ31 ingot; (b) extruded alloy and machined
dog-bone tensile sample; (c) the dimensions of the dog-bone tensile sample (mm).
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4.2.6

Texture evaluation

Macrotexture analysis was performed on longitudinal sections of extruded samples using a
GBC® X-ray diffractometer. To ensure parallel surfaces, the texture specimens were cut
with a slow speed saw and the surface of the samples was then ground to 2400 grit using
SiC paper. Pole figures were obtained from (0002), (10-10), (10-11) and (10-12) Bragg
peaks. Prior to data collection, standard θ-2θ scans were run to obtain the exact positions
of Bragg peaks for each alloy. The raw data were then processed with Resmat ® TextTool
and Pole figures constructed using MatLab software packages.

4.2.7

Corrosion testing

4.2.7.1 Electrochemical testing
Samples for electrochemical evaluation were cut from extruded bars (normal to the
extrusion direction) and the outer surface was then removed to avoid any possible iron
contamination resulting from die contact during the extrusion process. The samples were
cold mounted with one surface exposed and the rear connected with electric wire to
provide an electrical contact. Specimen surfaces were ground with SiC papers to a 2400grit finish.
Tests were carried out in quiescent 0.1 M NaCl electrolyte via a standard electrochemical
“flat-cell” (PAR) including a saturated calomel reference electrode (SCE), and a Ti-mesh
counter electrode. A VMP 3Z potentiostat was used under the control of EC-Lab software.
The open circuit potential was measured for 10 min prior to polarisation to establish an
approximately stable potential. Potentiodynamic polarisation was performed using a sweep
rate of 1 mV/s and tests were carried out at least 6 times. The polarisation curves were used
to determine icorr (via a Tafel-type fit) using EC-Lab software. Such fitting is inherently
difficult; however the ability of EC-Lab to allow manual control is critical. As a general
rule, fits were executed by selecting a portion of the curve that commenced >50 mV from
Ecorr, and icorr was subsequently estimated from the value where the fit intercepted the
potential value of the true Ecorr [7].
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4.2.7.2 Mass loss test
As a complimentary technique, mass loss tests were carried out in triplicate on the
extruded samples for a period of 24 hours at room temperature. The cylindrical samples
were polished with SiC papers to a 1200-grit finish to remove any contamination as well as
to standardise the surface. The dimensions and weight of the samples were measured prior
to immersion in 170 ml of 0.1 M NaCl solution. After exposure, the corrosion products
were removed with silver chromate, and the weights of corroded samples recorded.

4.3
4.3.1

Results
Microstructure analysis

4.3.1.1 Morphology of the extruded alloys
Chemical composition, grain growth and recrystallization during extrusion play a major
role in the resultant microstructure of alloys. The backscattered images of the surface
perpendicular to the extrusion direction are shown throughout Figures 4.5 to 4.26 and
illustrate the existence of secondary phases in the studied alloys. The complimentary
thermodynamic simulation was used to roughly estimate the volume fraction and the
stoichiometric coefficients of the secondary phases detected by EDXS analysis.
The morphology of the baseline AZ31 alloy, captured in Figure 4.5, consists of primary αMg matrix (which is a solid solution of Mg-Al-Zn). Particle precipitation in the classical
sense does not occur in AZ31, as the alloy composition is such that the Al and Zn are close
to, but not in excess of, their respective solubility limits. Zinc atoms dissolve in the α-Mg
grains and segregate at the grain boundaries [301]. As is common with many Mg alloys,
Mn is added in small quantities (<0.5 wt. %) and this does result in AlxMny constituent
particles, which are intrinsic to the AZ series of Mg-alloys [19, 24, 302]. The backscattered
image shows some enrichment of magnesium dendrites with Al, as seen in a lighter shade
of grey. The signs of early β-Mg17Al12 phase and the presence of the inherent randomlydispersed Al-Mn-Fe and Al4Mn particles are detected by the microscopy analysis. In
contrast to the relatively large Al-Mn-Fe and Al4Mn particles (up to a few micrometers),
the β phase does not exceed one micrometer.
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Figure 4.5:
Backscattered SEM image of the AZ31M alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

The simulated binary diagram of this alloy, shown in Figure 4.6, suggests the presence of
an additional Mg-Al-Zn intermetallic compound, which was also observed by Murai in ascast AZ31B alloy [302]; however, this phase was not detected by EDXS analysis of the
present extruded AZ31. The absence of this compound in the extruded microstructure is
attributed to the diffusion of Al and Zn into the matrix during the extrusion process and
therefore the disappearance of Mg-Al-Zn.
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Figure 4.6:
Pseudo-binary phase diagram of AZ31 base alloy. The diagram is shown for
altering Al-content; Zn and Mn contents are constant at 1 and 0.3 wt. %, respectively.

The addition of 0.88 wt. % Li resulted in the extruded alloy microstructure seen in Figure
4.7. The low atomic number of Li means that it is not detected by the EDXS apparatus.
Therefore, the pseudo-binary diagram shown in Figure 4.8, computed using PANDAT
software, was used to identify the phases formed in AZ31-Li alloy. Similarly to the base
alloy, the microstructure consists of: α-Mg dendrites slightly enriched with Al, as
displayed in the top inset low-magnification image; relatively large Al-Mn-Fe and Al8Mn5
constituent particles; and additional aggregates of AlLi phase. This phase has segregated
into large clusters with some Al-Mn-Fe particles embedded into them. Although the
thermodynamic calculation suggested the absence of Mg17Al12 phase, the bottom highermagnification image shows the signs of very small β-phase particles in the regions of Alenrichment. Moreover, the predicted MgZn phase was not detected by EDXS analysis; the
disappearance of this phase is assigned to the diffusion of Zn into the matrix during the
extrusion process.
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Figure 4.7:
Backscattered SEM images of the AZ31-Li alloy microstructure and EDXS
map of the surface perpendicular to the extrusion direction.
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Figure 4.8:
Pseudo-binary phase diagram of AZ31-Li alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (3.33 wt. % Al,
0.89 wt. % Zn, 0.35 wt. % Mn, 0.88 wt. % Li).

A backscattered image presented in Figure 4.9 shows the microstructure of AZ31 alloy
with an addition of 0.1 wt. % Ca. The introduction of Ca into the base alloy has resulted in
the formation of an additional globular Mg2Ca phase of relatively small size, approaching
one micrometer. The α-Mg dendrites were not enriched with Al owing to the formation of
a comparatively large volume fraction of β-phase, which, according to the thermodynamic
simulation, accounts for 0.2 %, along with Al4Mn and Al-Mn-Fe, accounting for 0.087 %
and 0.006 %, respectively. Although the pseudo-binary phase diagram shown in Figure
4.10 predicted the formation of Al4Ca phase, the EDXS analysis identified the presence of
Mg2Ca phase instead. This correlates with the work by Su that reported that the
precipitation of Al-Ca phase was only possible at deformation temperatures below 400 °C,
meanwhile, the dynamically formed Mg2Ca had a wider temperature range, 300-400 °C
[303]. In the present work, the thermodynamic simulation was used as a supplementary
tool to EDXS analysis; the calculated phases were not always found within the alloys. The
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formation of Mg2Ca phase, although previously reported in Mg binary alloys [106-108],
was not expected at this stage of alloy design, because the content of Ca chosen was within
its solubility limit in Mg (refer to Table 2.1). However, due to the complex interactions
between all elemental additions and phase re-distribution during extrusion, the aforementioned phase was able to precipitate regardless. Similarly to the base AZ31 alloy, the
software suggested the presence of the Mg-Al-Zn intermetallic compound that disappeared
during the extrusion process owing to the diffusion of Al and Zn into the matrix.

Mg#
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Fe#
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Mg2Ca#
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Figure 4.9:
Backscattered SEM image of the AZ31-Ca alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.
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Figure 4.10: Pseudo-binary phase diagram of AZ31-Ca alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (2.6 wt. % Al,
0.74 wt. % Zn, 0.39 wt. % Mn, 0.1 wt. % Ca).

The effect of Sr addition on the microstructure of the reference alloy is shown on the
backscattered image in Figure 4.11. The α-Mg dendrites are somewhat poorly enriched in
Al which is partly because Sr additions are thought to lower the solubility of Al in α(Mg)
[304]. Although Sr was reported to lower the volume fraction of β-phase in the Mg-Al-Zn
alloy system [179], the microstructure of this experimental alloy exhibits a distinct welldeveloped β-phase. Since strontium has very low solid solubility in Mg due to the large
atomic radius difference (rSr-rMg=34) [305], it is important to correctly identify how it is
incorporated into the microstructure of AZ31 alloy. There are four possible locations for Sr
— it could: (1) dissolve in α-Mg as a solid solution element, (2) dissolve in the β-Mg17Al12
precipitates, (3) segregate at the grain boundaries, or (4) precipitate either as Al-Sr or
AlMgSr second phases [306].
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Figure 4.11: Backscattered SEM image of the AZ31-Sr alloy microstructure, EDXS
maps and spectrum analysis within the region “A” of the alloy surface perpendicular to the
extrusion direction.

According to the thermodynamic calculations of the phase diagram (Figure 4.12) at room
temperature within the composition of AZ31, Sr can only exist as a solid solution and in
AlMgSr ternary phase. However, the EDXS point identification and map analysis has
identified a rather large Al-Sr phase, about 2.5 μm in diameter. This phase is most likely to
have Al4Sr stoichiometry based on the published data in the literature [179, 307] and the
phase field seen in Figure 4.12. The existence of this phase at room temperature, rather
than the thermodynamically predicted AlMgSr, is probably because of the quenching of
the alloy immediately after the extrusion process. This rapid cooling from 400 °C
(extrusion temperature) to room temperature did not allow for phase transformation from
Al4Sr to AlMgSr. The combined effect of formation of additional binary AlSr and more
developed β phases containing Al explains why α-Mg dendrites have low Al enrichment.
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Figure 4.12: Pseudo-binary phase diagram of AZ31-Sr alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (3.12 wt. % Al,
0.89 wt. % Zn, 0.14 wt. % Mn, 0.047 wt. % Sr).

The microstructure of the extruded AZ31-Sc alloy is captured in Figure 4.13a,b,c. The
inset low-magnification image, Figure 4.13a, exhibits the Al-enriched α-dendrites, and the
higher-magnification image, Figure 4.13b, shows the presence of early β-phase with
diameter < 1 μm. The inherent Al4Mn constituent particles and the existence of an
additional spherical Al-Mn-Sc phase were also identified by EDXS analysis. The latter
phase was reported to form in ZA84 alloy [308]; similar to RE metals, instead of
dissolving into the Mg matrix, Sc incorporated within the AlxMny constituent particles.
Another additional phase detected by EDXS analysis was elongated MgSc of relatively
small size, < 1 μm. Figure 4.13c displays the presence of nanoscale Mn2Sc phase.
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Figure 4.13: Backscattered SEM images of AZ31-Sc alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction: a) low; b) medium; c) high
magnification.
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The formation of these phases was not predicted by PANDAT thermodynamic calculation
software, Figure 4.14a; instead, PANDAT suggested that Al would combine with Sc to
form Al3Sc phase and Mg3Al2Zn. The limited database of this software does not allow it to
predict the complex interactions occurring between the elements in this alloy. However
formation of Mn-Sc phase was also reported by Wang in AZ31-Zr-Sc alloy [309].
The formation of MgSc and Mn2Sc phases was somewhat unexpected, since Sc has a
reasonably high solubility limit in Mg (24.61 wt. %), and the amount added into the base
alloy was only 0.1 wt. % (refer to Table 4.1). However, research conducted by Mordike
suggested that Sc increases the melting point of Mg solid solution, and therefore leads to
lower diffusivity of Mn in Mg [310]. Hence, he questioned the original Mg-Sc binary
phase diagram proposed by Massalski [67]. Furthermore, it was proposed that the addition
of Mn into Mg-Sc alloys significantly reduces the solubility of Sc in Mg and, according to
the calculated phase diagram, leads to the formation of Mn2Sc and MgSc, as seen in Figure
4.14b. The Mn-Sc phase was also reported to form in Mg-RE-Mn alloys [311, 312].
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Figure 4.14: (a) Pseudo-binary phase diagram of AZ31-Sc alloy. The diagram simulated
in Pandat according to the exact composition of the alloy determined by ICP-AES (2.78
wt. % Al, 0.91 wt. % Zn, 0.32 wt. % Mn, 0.1 wt. % Sc); (b) Binary diagram calculated for
Mg-1.5 wt. % Mn- 15 wt. % Sc alloy system, adapted from [310].

The microstructure of the AZ31-Y alloy is shown in Figure 4.15. The Mg-matrix (α)
contains a number of particles and secondary phases; however, it appears not to be
enriched in Al. The common Al4Mn and Al-Mn-Fe constituent particles were uniformly
distributed in the matrix, and a very low fraction of small size β-phase was present. The
additional block-like Al2Y phase ranging between 1 and 5 μm in size was identified by
EDXS analysis. This coarse phase was reported to form in Al-containing Mg alloys and to
have a face-centred cubic structure [185, 246, 313]. Similarly to the AZ31-Sc alloy, Y has
incorporated with AlxMny constituent particles to form ternary Al-Mn-Y compound of
large size (average diameter > 5 μm). The study conducted by Pan indicated the presence
of this phase in the extruded AZ31 alloy with Y additions above 1.5 wt. % [314]. It is
worth mentioning the presence of what appears to be Y oxide on the EDXS maps; the
formation of this oxide is associated with the sample preparation, and is unrelated to any
alloy surface corrosion product.
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Figure 4.15: Backscattered SEM image of the AZ31-Y alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

As with the previously discussed alloys such as AZ31-Ca and AZ31-Sc, not all the phases
predicted by PANDAT (pseudo-binary phase diagram, Figure 4.16) were seen in the alloy
microstructure. In particular, the AlMgY ternary compound was not present in the alloy
microstructure. Again, Mg3Al2Zn phase was predicted – as before, this dissolves into the
matrix during the extrusion process.
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Figure 4.16: Pseudo-binary phase diagram of AZ31-Y alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (3.09 wt. % Al,
0.88 wt. % Zn, 0.35 wt. % Mn, 0.99 wt. % Y).

The microstructure of AZ31 alloyed with Ti is presented in Figure 4.17. The alloy matrix
does not show Al-enrichment, most likely due to the formation of a large (>5 μm), granular
shaped Al-Ti-Fe ternary intermetallic phase. The upper inset image illustrates the
precipitation of the extremely small β-phase particles located in-between the large Al-TiFe particles. The numerous constituent particles of Al4Mn and Al-Mn-Fe appear to be
uniformly distributed and of somewhat smaller size than was observed in the baseline
alloy.
It is worth mentioning that, despite the fact that Ti is not a common alloying element in
Mg-alloys, some studies reported the formation of Al3Ti phase and therefore the reduction
of Mg17Al12 phase volume fraction and an increased content of Al in the Mg-matrix when
small amounts of Ti, i.e. 0.01 and 0.4 wt. %, were added to AZ-series alloys [182, 183,
315]. Although this notion might apply to the higher Al content Mg alloys, the
experimental alloy here shows quite the opposite trend; i.e., the absence of Al-enrichment,
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and heavy precipitation of Al-Ti-Fe and β-phase particles. On the other hand, the research
findings communicated by Candan suggested the propensity of Ti to scavenge impurities
such as Fe and Si to form ternary intermetallic phases with Al in AZ91 alloy [182]. While
this assumption needs further investigation, it correlates well with the microstructural
results seen here.
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Figure 4.17: Backscattered SEM image of the AZ31-Ti alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

The microstructure of AZ31-Ag alloy is presented in Figure 4.18. The morphology of the
alloy appears very similar to the base AZ31 shown in Figure 4.4 with distinct Alenrichment of α-dendrites, large block-like Al-Mn-Fe and smaller spherical shape Al4Mn
constituent particles. An early β-phase is present in visibly lower volume fraction than that
found in AZ31 alloy. However the presence of Ag was not identified by EDXS analysis,
which then poses the question as to where the Ag resided in this alloy.
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Figure 4.18: Backscattered SEM image of the AZ31-Ag alloy microstructure and EDXS
mapss of the surface perpendicular to the extrusion direction.

The PANDAT pseudo-binary phase diagram (Figure 4.19) reveals the presence of an
additional phase formed between Mg and Ag, Mg4Ag – which may be the location of the
Ag. The point calculation analysis of the given alloy composition at room temperature
indicated an extremely low volume fraction of this phase; therefore it was not detected by
EDXS analysis, owing to the limitations of this particular technique.
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Figure 4.19: Pseudo-binary phase diagram of AZ31-Ag alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (3.3 wt. % Al,
0.87 wt. % Zn, 0.37 wt. % Mn, 0.075 wt. % Ag).

The morphology of AZ31-In is shown in Figure 4.20 and exhibits a “swirl”-like pattern,
i.e. primary α-Mg dendrites enriched with Al. These swirls/streaks are regions of Al
enrichment as opposed to unique β-Mg17Al12 phase particles. The signs of early β-phase
arise from the some streaks, as small, dispersed particles. The presence of AlMnFe and
Al4Mn particles was also evident in the microstructure of the alloy. AlMnFe particles are
distributed quite evenly and have a round, flaky shape here - in contrast to the rod-like
shape seen in the baseline alloy (Figure 4.5). The elemental addition of In did not result in
formation of secondary phases. This was as expected, because In has a high solubility limit
in Mg, 52.6 wt. %, and thus dissolved as a solid solution.
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Figure 4.20: Backscattered SEM image of the AZ31-In alloy microstructure and EDXS
map s of the surface perpendicular to the extrusion direction.

The backscattered image and EDXS map and point analysis of the microstructure of the
extruded AZ31-As alloy are presented in Figure 4.21. The primary α-dendrites were
evidently enriched in Al, as seen by the swirl-like pattern, with the early β-phase
precipitates found in these Al-rich regions. Relatively large rod- and block- like Al-Mn-Fe
along with Al4Mn particles were also present in the alloy microstructure. The point EDXS
analysis identified an additional uniformly dispersed nanosized Al-Mn-As ternary
intermetallic compound. This phase has not yet been reported in the literature.
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Figure 4.21: Backscattered SEM image of the AZ31-As alloy microstructure and EDXS
analysis of the surface perpendicular to the extrusion direction.

The morphology of the extruded AZ31-Bi alloy, shown in Figure 4.22, is very similar to
that observed in the AZ31-In alloy (Figure 4.20). Similarly to the AZ31-In alloy, the
microstructure exhibits a “swirl”-like pattern, i.e. primary α-Mg dendrites enriched with
Al. These swirls/streaks are regions of Al enrichment as opposed to unique β-Mg17Al12
phase particles. The signs of early β-phase arise from the some streaks, as small, dispersed
particles. Al-Mn-Fe and Al4Mn particles are also evident in this microstructure.
Furthermore, there are more Al-Mn-Fe particles in the microstructure of AZ31-Bi in
comparison to AZ31-In; this could be related to a higher Fe content after casting (refer to
Table 4.1). The Al-Mn-Fe particles are also distributed quite evenly, and have a round
shape. The addition of Bi did not result in formation of secondary phases (such as Mg3Bi2),
but instead, the Bi dissolved as a solid solution. This is because Bi was added at a level
below its solubility limit in Mg.
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Figure 4.22: Backscattered SEM images of the AZ31-Bi alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

The morphology of the extruded AZ31-RE alloy is seen in Figure 4.23. Here, the rod-like
Al11La3 intermetallic, along with the ternary block-like Al-Mn-RE phase, were identified
by EDXS analysis. The formation of these phases is not uncommon in Al-containing Mgalloys [316, 317]. These phases are uniformly distributed in the alloy microstructure;
however, it is worth noting that the number of Al11La3 particles is visibly higher than those
of Al-Mn-RE type. The inherently present Al4Mn and Al-Mn-Fe constituent particles also
exist in the alloy, along with polygonally-shaped early β-phase. Owing to the formation of
many phases containing Al, the Mg dendrites are not enriched in Al.
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Figure 4.23: Backscattered SEM image of the AZ31-RE alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

The backscattered electron SEM image in Figure 4.24 shows the morphology of the AZ31Lu alloy. There are uniformly distributed particles of Al4Mn and Al-Mn-Fe within an αMg matrix that is poorly enriched with Al. The EDXS analysis identified additional phases
present in the microstructure: a large (up to ~5 μm in diameter) spherical Al-Mn-Lu, and
Mg24Lu5 phase (aligned to mkae a row); however, no Mg17Al12 phase was detected. The
prediction of these phases with the thermodynamic software was not possible due to the
absence of Lu in the database; nor is there much published data on the system being
studied. However, recent findings reported by Samaniego suggested the presence of AlMn-Fe phase in as-cast AZ31-Lu of the same composition as discussed here [117].
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Figure 4.24: Backscattered SEM images of the AZ31-Lu alloy microstructure and EDXS
maps of the surface perpendicular to the extrusion direction.

When viewed in the context of Lu alloyed with pure Mg, one would expect that Lu would
dissolve into the α-Mg solid solution because the Lu addition here is below its solubility
limit in Mg, i.e. 3 wt. % at room temperature [318]. However, what was observed was that
Lu instead segregated to, and became incorporated within, the AlxMny constituent particles.
This is similar to the behaviour of other RE elements when added to Al-containing Mg
alloys [317]. However, the formation of additional Mg24Lu5 phase in the extruded alloy
could be attributed to phase re-distribution during the thermomechanical process. The
stoichiometric coefficients of this phase were assumed from the original Mg-Lu binary
phase diagram, shown in Figure 4.25.
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Figure 4.25:

Binary phase diagram for Mg-Lu system adapted from [65].

The backscattered image and EDXS analysis of the microstructural features of AZ31-BiNd
alloy is shown in Figure 4.26. The α(Mg) matrix shows poor Al enrichment, and the
presence of numerous secondary phases. Uniformly distributed block-like and
comparatively large (~4 μm) Al-Mn-Nd particles were detected by EDXS analysis. These
particles were a substantial volume fraction of the alloy microstructure. Although Nd was
expected to dissolve into Mg solid solution (since only 0.19 wt. % Nd was added, whereas
its solid solubility in Mg at room temperature is 3.6 wt. %), Nd segregated to, and
incorporated within the AlxMny, as seen previously for the other RE and Lu [317]. Another
compound identified in this alloy was the rod-shaped precipitate Mg3Bi2 that has been
reported to have a hexagonal structure [98]. The higher-magnification image located in the
left bottom corner in Figure 4.26 gives a closer view of a Mg-Bi precipitate, surrounded by
early β-phase (few to ~500 nm in size). It is interesting to note that Al-Mn-Fe and AlxMny
particles were not detected in that particular area of the alloy cross section; this however
does not imply the complete absence of such particles, but rather suggests that Al-Mn
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phase was largely replaced with an Al-Mn-Nd intermetallic compound [150]. It merits
comment that although the concentration of Bi in this alloy was very similar to the one of
AZ31-Bi, 0.53 and 0.48 wt. % respectively, the Mg-Bi did not precipitate in the former
alloy. This phenomenon could be attributed to either complex interactions between Al and
Nd, or the potent ability of Nd to lower the diffusion rate of Bi in Mg during cooling from
the extrusion temperature. It is however difficult to make a firm assertion, since there is no
database for thermodynamic prediction, nor any similar alloy composition reported in the
literature.
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Figure 4.26: Backscattered SEM images of the AZ31-BiNd alloy microstructure and
EDXS maps of the surface perpendicular to the extrusion direction.
A summary of the microstructural features observed in the modified AZ31 alloys is given
in Table 4.2 below. In spite of the fact that most of the alloying elements were added in
concentrations below their solid solubility limit in Mg (apart from As and Ti which are
insoluble), a number of new secondary phases formed. These were mostly coarse particles,
>1 μm. Smaller particles were observed in AZ31-Sc, -As, and -Ag alloys; these were
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detected within the grains, but, however were not fine dispersoids which would strengthen
the alloy, but intermetallic compounds expected to embrittle the alloys.

Table 4.2: Summary of the microstructural features of the extruded alloys.
Alloy!

Al-enrichment!

β!

Additional phases!

AZ31M!

Somewhat enriched!

Nanosized early β"

None !

Li!

Poor enrichment !

Nanosized early β"

Large clusters of AlLi phase
particles!

Ca!

Not enriched!

Developed β ~ 1 μm "

Isodiametric Mg2Ca ≤ 1 μm !

Sr!

Somewhat enriched!

Developed β ~ 1 μm"
!

Globular Al4Sr ~ 2.5 μm!
!

Sc!

Good enrichment!

Nanosized early β"

Flaky, rod- like MgSc < 1
μm, globular Mn2Sc, Al-MnSc < 1 μm!

Y!

Not enriched!

Nanosized early β"

Block-like Al2Y ~ 1-5 μm, AlMn-Y ~ 5 μm!

Ti!

Not enriched!

Nanosized early β"

Large Al-Fe-Ti ~ 5 μm!

Ag!

Somewhat enriched!

Nanosized early β"

Negligible volume fraction of
Mg4Ag*!

In!

Good enrichment!

Early β ~ 1 μm!
!

None !

As!

Good enrichment!

Nanosized early β"

Nanosized Al-Mn-As"

Bi!

Good enrichment!

Nanosized early β"

None !

RE!

Not enriched!

Polygonal nanosized early β"

Al-Mn-RE > 1 μm, rod-like
Al11La3 > 1 μm!

Lu!

Poor enrichment !

No β!

Strings of Mg24Lu5, large AlMn-Lu < 5 μm!

BiNd!

Somewhat enriched!

Nanosized β"

Block-like Al-Mn-Nd < 5 μm,
Mg3Bi2 > 1 μm!

4.3.1.2 Grain structures of the as-cast and extruded alloys
The effects of alloying elements and the hot extrusion process on the microstructure of the
baseline AZ31 alloy have been examined by optical microscopy and can be observed in the
set of images in Figure 4.27.
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Figure 4.27: Optical micrographs of typical alloy grain structures in column (A) as-cast,
and column (B) as-extruded conditions.

The images displayed in column (A) show the as-cast grain structure of the alloys. The
baseline AZ31 alloy exhibited a coarse dendritic grain structure, formed upon cooling. The
addition of alloying elements clearly refined this microstructure; however, not all elements
had the same grain refinement potency. Li, Ca, Sr, Ti, In, and Bi were most effective at
reducing the grain size of the as-cast AZ31 alloy, which is in good agreement with the
literature [285, 319-322]. In comparison, the refining effect of additions such as Sc, Y, RE,
BiNd and trace additions of As and Ag was somewhat more subtle. Interestingly, alloying
with Lu led to the growth of even larger grains than those observed in the baseline alloy. It
is worth mentioning that all the alloys, apart from the AZ31, showed uniformly-distributed
second phase particles that formed upon cooling; however, their average diameter varied
from one alloy to another. The presence, and size of precipitates are thought to play a
major part in dynamic recrystallization during thermomechanical processing, because these
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precipitates may act as either obstacles to grain growth or as nucleation sites for new grains
[323, 324].
The extrusion process has a large impact upon the grain character of the alloys. Typical
micrographs from longitudinal sections of the extrudates are shown in Figure 4.27, column
(B). In this case, a refined microstructure consists of deformed large and elongated
unrecrystallized and fine recrystallized grains. The base alloy AZ31 shows a heterogeneous
‘necklace’ structure with a mixture of very fine equiaxed (recrystallized) grains embedded
in between the bands of large basal grains elongated in the extrusion direction (parent
unrecrystallized). This structure, although not equiaxed, is the common extruded structure
of Mg-alloys. It is considered that fine grains were formed owing to grain subdivision
during the extrusion process [325]. The subgrain structure (unrecrystallized basal grains)
might have originated from the high extrusion temperature, chosen to avoid the formation
of voids and cracks inside the extruded rods, and the low strain rate imposed on the billet
owing to the nature of the manually-operated extrusion press used in this research project,
or, alternatively, because of the lack of fine precipitates to aid the dynamic recrystallization
(DRX). Since the main focus of this study was the development of the high strength, high
ductility and high corrosion resistance alloys, the mechanism of DRX was not studied in
depth.
Further analysis of the micrographs of the extruded alloys presented in Figure 4.27 shows
two main types of grain structures produced by the hot deformation process. AZ31-Ca, -Sc,
-Ag, -In, -As, -Bi and -Lu alloys had a similar structure to AZ31, however the fraction of
fine grains increased. AZ31-Ca, -In, -Ag, -Sc, and -Lu had narrower and fewer basal grains
and formed new regions of what seems to be the precursor of basal grains that have
transformed into clusters of smaller grains. Although it is quite obvious that the area
fraction of equiaxed grains increased in these alloys, their size appeared to be slightly
coarser than that of AZ31. It merits comment that, although Lu had an adverse effect on
the as-cast microstructure of AZ31 alloy, it has obviously enhanced dynamic grain
recrystallization during the extrusion process, resulting in the formation of a large volume
of fine grains.
In contrast, AZ31-Li, -Sr, -Y, -Ti, -RE and -BiNd alloys did not manifest elongated grains;
instead, they mostly consisted of medium and fine grains, with few large ones. These
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alloys contained fine precipitates within their recrystallized grains. This may imply a
nucleation role for the Al-containing precipitates detected in these alloys, as discussed
earlier in section 4.3.1.1 and summarised in Table 4.2 (nanosized Mg17Al12, AlLi, Al4Sr,
Al2Y, Al-Fe-Ti or Al3Ti that might have originally been present in the as-cast condition
[315], Al11La). In contrast, the alloys with the strong bimodal structure (AZ31, -Ca, -Sc, Ag, -In, -As, -Bi, -Lu), with the exception of AZ31-In, showed no precipitates within the
grains. Thus it may be inferred that a different dynamic recrystallization mechanism was
operating in these alloys.

4.3.1.3 Grain size distribution of the selected as-cast and extruded alloys
As discussed in the previous section, most of the alloying elements, apart from Lu, refined
the baseline alloy microstructure to some degree. Therefore, four alloys were selected for
grain size distribution analysis. The selection was made on the basis of comparing the
coarse grained as-cast structure of AZ31 alloy to the alloys with the finest grains produced
with the additions of In, Bi, Sr as seen in Figure 4.28. It is interesting to compare these
particular alloys, since the refining mechanism is expected to be different. In and Bi can
probably provide boundary pinning in solid solution, whereas Sr will lead to formation of
Al4Sr phase.
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Figure 4.28: Optical micrographs of typical as-cast grain structures of AZ31, -In, -Bi,
and -Sr alloys.

The grain size distribution plots shown in Figure 4.29 reveal that the majority of the grains
in the baseline alloy were in the range of 600-800 μm; significant grain size reduction,
down to 75-300 μm, was achieved with the addition of In and Bi. The AZ31-Sr alloy
showed a broader grain size distribution, with a relatively large volume of grains in the
225-675 μm range. The order of grain-refinement potency for these alloying elements in
as-cast AZ31 was In > Bi > Sr.
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Figure 4.29:
condition.

The grain size distribution of AZ31, -In, -Bi, -Sr alloys in the as-cast

The extruded alloy microstructures and grain size distribution plots, displayed in Figures
4.30 and 4.31, suggest that In and Bi were the most beneficial additions for promoting
relatively homogeneous formation of fine grains averaging between 0.75-4 μm in diameter,
whereas microalloying with Sr resulted in formation of 2-12 μm grains. AZ31 on the other
hand, shows a markedly high fraction of fine grains, around 0.4-1 μm, and small number of
large basal grains (100-180 μm). This trend in grain size distribution can be linked to the
grain boundary density prior to the extrusion process. AZ31-In and AZ31-Bi in the as-cast
condition had the smallest grain sizes, and thus the highest grain boundary density. This
meant that growth of the recrystallized grains in these alloys ceased when these grains
impinged upon another grain boundary.
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Figure 4.30: Optical micrographs of typical as-extruded grain structures of AZ31, -In, Bi, and -Sr alloys.
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Figure 4.31:
condition.

Grain size distributions of AZ31, -In, -Bi, -Sr alloys in the as-extruded

Table 4.3 summarises the average grain sizes of extruded alloys; AZ31-Sr alloy appears to
have the lowest grain size due to the absence of elongated basal grains in the
microstructure. However, the grain distribution shows the opposite trend between alloys.
Therefore, it is important to only consider the grain size distribution, Figure 4.31, rather
than the average grain size values, which could be misleading in the subsequent
interpretation of data.

Table 4.3: Average grain sizes of the selected extruded alloys.
AZ31
13.3 μm

AZ31-In
13.7 μm

AZ31-Bi
12.8 μm
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AZ31-Sr
11.3 μm

4.3.2

Mechanical properties of the extruded alloys

4.3.2.1 Tensile performance of the extruded alloys
Tensile stress-strain curves of the extruded alloys were obtained at room temperature;
typical representations are shown in Figure 4.32, and the corresponding strength and
elongation values are plotted in Figure 4.33. The results indicated changes in mechanical
properties of AZ31 with extra alloying elements. AZ31-As, -Sc, -In, -Ag, -Ca and AZ31-Bi
showed somewhat marginal increases in strength, whereas Ti, RE, Lu, Li, Sr and Ycontaining alloys exhibited a decrease in strength when compared to the base alloy.
Bearing in mind the Hall-Petch relationship, where the strength is inversely proportional to
the grain size, the low strength values shown by AZ31-Ti, -Sr, -Y, and -RE alloys may be
correlated to their coarser, although relatively homogeneous, grain structures as compared
to AZ31. Interestingly, the alloys containing Li and Lu, although they had fine grain
structures, also showed lower strength values; this could be a result of poor Al enrichment
of the alloy matrix.

Figure 4.32: Representative stress-strain behaviour of extruded alloys as determined
from tensile testing.
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Figure 4.33:

The relationship between yield strength and elongation of extruded alloys.

Unlike the effects of elements on strength, there was little or no effect on the ductile
behaviour of the AZ31 alloy with additions of most elements. The most benign effect was
shown by RE, As, Y, Sr, In and Ag. However, alloying with Li, Lu, Ti and Ca lead to
slight drops in elongation; the largest decrease was observed for the AZ31-BiNd alloy.
Although the average strain values differed from one alloy to another, most of them were
within the standard deviation interval of the base alloy, as seen in Figure 4.33. Such low
reproducibility of elongation values might have been caused by the presence and nonuniform distribution of secondary phases in the extruded microstructures.
Figure 4.34 shows a comparison of the relative toughness of the alloys. Relative toughness
of each alloy was calculated by integrating the area under the respective stress-strain curve.
As expected, AZ31, -RE, - As, - Y, -In and -Sr were relatively similar in their response
(given the range/scatter in the data), and AZ31-BiNd showed the lowest relative toughness.
The grain size, microstructural features and texture (to some degree) affected the toughness
of the alloys. A larger grain size than that of the reference alloy was not necessarily
anticipated prior to alloy production, with the notion that additional elements were likely to
lead to grain refinement being somewhat consistent across Mg-alloys; however, it is noted
that the particular alloying additions studied in this work have not been reported
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previously. Similarly, the role of alloying in regards to texture weakening and potential
increases in ductility was not immediately obvious. In some cases, it was seen that
experimental alloys displayed a decrease in ductility, that might be attributed to the high
volume fraction of brittle Al-Mn-Fe precipitates and large secondary phases in most alloys,
except for AZ31-In, -Bi. Moreover, weak (in AZ31-Sr, - Ag, -Lu) or no (in AZ31-Ca, -Y, Ti, -RE) solution strengthening occurred because of depletion of Al as a result of Al4Mn,
AlMnFe and Al-containing secondary phase formation. As such, there is a complex
interaction between grain size, strength, embrittlement, ductility and texture (described
below) that forms the basis for future work.

Figure 4.34: Relative toughness (determined from the area under the stress-strain curve)
of the alloys studied.
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4.3.2.2 Microhardness of the extruded alloys
A number of microhardness readings, HV, were taken across the longitudinal plane of each
extruded rod, and the average values with standard deviations are depicted in Figure 4.35.

Figure 4.35:

Microhardness of extruded alloys.

Marginal improvements in hardness were achieved with the addition of As, Bi, Ag and In.
These results were concomitant with the earlier observed increase in yield strength of these
alloys. Using the Hall-Petch relationship (Eq. 4.1) with the coefficients established for
AZ31B alloy taken from [326] and the average grain size calculated for AZ31, -In, Bi, Sr
alloys (Table 4.3), approximately the same hardness values can be obtained as measured
experimentally.
HV = 40 + 72d-1/2

(4.1)

It is however acknowledged that this relationship does not eliminate the influence of the
grain size distribution in the heterogeneous extruded microstructures [327]. As such, it can
be inferred that the increase in hardness was brought about by a larger volume of
recrystallized equiaxed grains in the alloy structures, in contrast to the base AZ31 alloy,
which had a more inhomogeneous grain size distribution and large basal grains.
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On the other hand, the addition of Ca and Sc produced similar hardness to AZ31, with
lower values of hardness were found for AZ31- BiNd, - Lu, -Li, -RE, -Ti, -Sr, -Y. The
somewhat negative effect of these elements on hardness can be largely attributed to coarser
grain structure, although the basal grains were smaller and fewer; softer grains resulting
from low solute enrichment; and intrinsic heterogeneities throughout the length of the
extruded rods.
The yield strengths and elongations obtained from the tensile tests and the respective
microhardness values of the extruded alloys are summarized in Table 4.4 below.
The orders of the increased a) strength and b) hardness of the alloys can be established:
a) AZ31-As > AZ31-Sc > AZ31-In > AZ31-Ag > AZ31-Ca > AZ31-Bi > AZ31-BiNd
> AZ31 > AZ31-Ti > AZ31-RE > AZ31-Lu > AZ31-Li > AZ31-Sr > AZ31-Y;
b) AZ31-As > AZ31-Bi > AZ31-Ag > AZ31-In > AZ31 > AZ31-Ca > AZ31-Sc >
AZ31-BiNd > AZ31-Lu > AZ31-Li > AZ31-RE > AZ31-Ti > AZ31-Sr > AZ31-Y.

Table 4.4: Mechanical properties of extruded alloys.
Alloy!

Average σy,#
(MPa) !

Average ε, #
(%) !

Average micro
hardness, (HV)!

AZ31M!

219 ± 14!

17 ± 3!

63 ± 2!

Li!

205 ± 2!

14 ± 2!

57 ± 1!

Ca!

233 ± 3!

13 ± 3!

63 ± 2!

Sr!

202 ± 4!

17 ± 3!

56 ± 1!

Sc!

243 ± 7!

14 ± 3!

62 ± 2!

Y!

183 ± 8!

17 ± 0.5!

52 ± 3!

Ti!

210 ± 5!

13 ± 3!

57 ± 3!

Ag!

234 ± 4!

16 ± 1!

64 ± 2!

In!

240 ± 6!

16 ± 2!

63 ± 1!

As!

245 ± 6!

17 ± 2!

68 ± 2!

Bi!

228 ± 9!

15 ± 2!

66 ± 1!

RE!

210 ± 7!

18 ± 1!

57 ± 1!

Lu!

209 ± 7!

15 ± 1!

58 ± 2!

BiNd!

223 ± 5!

12 ± 2!

58 ± 1!

120

Although slight inconsistency exists between the strength and hardness of the alloys, the
difference in respective values is relatively negligible. Unlike FCC materials, the strongly
textured HCP alloys have a limited number of slip systems, so that localised deformation
by a hardness indenter may not correctly reflect the overall strength behaviour of a
particular alloy [250].

4.3.3

Macrotexture analysis of the extruded alloys

It is acknowledged that alloying can change the relative strengths of the contributing
deformation modes, by inducing changes in the lattice parameters and dislocation
dynamics; as a consequence the contributions of the various deformation modes to
deformation will be altered [279]. Thus the crystallographic texture after deformation may
be modified. Here, the bulk texture evolution of the extruded alloys is discussed in terms of
analysing the spread of poles and peak intensities observed in basal and prismatic pole
figures, presented in Figure 4.36A,B. Column (A) documents the recalculated basal pole
figures; all the alloys demonstrated typical magnesium extrusion texture. This type of
texture is usually produced at high deformation temperature due to the activation and
operation of non-basal slip systems [328]. This was manifested in the alignment of the
basal plane normals along the normal direction (ND), parallel to the extrusion direction
(ED). The alloys exhibited strong pole peak concentrations of ellipsoidal shape with
pronounced asymmetry along the TD. However, these extrusion textures showed certain
distinctions upon alloying addition. In particular, there was a spreading of basal poles
towards the ED, with the notable tendency of Ca, Ti and RE additions to rotate the poles
away from the ND. Neither the asymmetrical spreading along TD nor the spreading away
from ND in Ca, Ti, or RE-containing alloys had an appreciable effect on the maximum
texture intensity values of the alloys. The highest maximum intensity was shown by AZ31Bi (4.2 mrd); the lowest by AZ31-RE (3.0 mrd) with the baseline alloy having a value of
3.8 mrd. This is a sign of that the quaternary microadditions had a rather insignificant
impact on the strong extrusion texture of Mg.
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Figure 4.36: Recalculated basal (0002), column (A), and prismatic (10-10), column (B),
Pole figures of extruded alloys.

As demonstrated in Figure 4.36B, the prismatic plane normals of the alloys were
perpendicularly aligned with the ED, indicating that prismatic slip was active during
extrusion process. However the addition of Ca, Sr, Li, Y and RE showed a stronger
potency to, although asymmetrically, deviate the planes away from the ED towards the
TD; this was reflected in their decreased maximum texture intensity values AZ31-Sr (3.6
mrd), AZ-31-Ca (3.1), AZ31-Li (2.7 mrd), AZ31-RE (2.3 mrd). In comparison, the highest
intensities, with very little spread of poles, were observed in AZ31-Bi (7.5 mrd), and AZ31
(5.9 mrd). In addition the prismatic pole distribution for the AZ31-RE alloy showed a weak
tendency to align the poles closer to the ND. It should be noted that the maximum intensity
values of prismatic poles were higher than those of basal poles for AZ31, -Sc, -Ag, -In, As, -Bi alloys. Interestingly, these are the alloys seen to have the highest yield strengths, as
opposed to the alloys with the weakest prismatic intensities (the exception is the AZ31
reference alloy). A similar effect was observed by Bohlen, who found that weaker texture
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lead to increased ductility, but with concomitant decrease in yield and ultimate strength
[300, 329].
The alloy textures shown as an inverse pole figures, are provided in Figure 4.37A, where
the axis of the figure is in extrusion direction, parallel to the tensile direction. Most alloys
showed strong <10-10> fibre texture. This type of texture is typical for hexagonal materials
subjected to uniaxial deformation and indicates strong orientation peak at [10-10] [330].

AZ31M!

Max= 5.7!

AZ31-Li!

AZ31-Ca!

Max= 2.8!

AZ31-Sr!

Max= 3.2!

AZ31-Y!

Max= 3.3!

AZ31-Sc!

Max= 5.7!
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Inverse Pole figures in reference to extrusion direction.

Although most of the alloys displayed similar spread of poles, largely concentrated at [1010], the alloys containing Bi, Sc, Ag, As, Lu, In, or Ti showed sharper texture, with the
strongest fibre texture and the highest maximum texture intensity values. On the other
hand, the AZ31-Y, -Li, -RE and to slightly lesser extent AZ31-Ca, -BiNd alloys exhibited
continuous spread of poles with angular diffusion towards [11-20] and lower texture
intensities. Such spread of poles is consistent with the deviation of poles from ED observed
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earlier in the prismatic pole figures (Figure 4.36, B). Yttrium and lithium, in particular,
produced what has been termed as an “RE-texture component”, which has [11-21]
direction parallel to ED [331]. Li producing an effect on texture similar to that produced by
RE can be explained because Li decreases the c/a value in the unit cells of Mg and AZ31
[332, 333]. Another interesting effect on AZ31 texture was shown by RE addition. It
appeared that the AZ31-RE alloy had two distinct texture components. As such, the inverse
pole figure displayed poles almost equally concentrated at [11-20] and [10-10]. This
atypical texture was reported by Stanford and explained on the basis of originating from
different microstructural features. More specifically, it was proposed that the bands of
recrystallized grains originating within the deformed grains give rise to the conventional
fibre texture around <10-10>, while the grains originating from the shear-band regions
have an RE texture component with <11-21> parallel to ED [135, 331]. It can be inferred
that these alloying elements had more potency to alter the extrusion texture of AZ31 alloy.
Based on the texture intensity values derived from the inverse pole figures, the texture
weakening effect of the elements was established and is shown in Figure 4.38. According
to the distribution plot, La, Nd, Ca, Sr, Li, and Y had the most pronounced weakening
effects on the texture of AZ31 alloy.

AZ#

Figure 4.38:

Texture intensity distribution plot of the extruded alloys.
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4.3.4

Corrosion performance of the extruded alloys

4.3.4.1 Electrochemical response of the extruded samples
Potentiodynamic polarisation was employed to evaluate the corrosion kinetics of the
extruded alloys. Generally, the potentiodynamic polarisation response provides
information about the relative anodic and cathodic kinetics for different alloys. The method
can also provide an instantaneous corrosion rate (termed the corrosion current density icorr)
as approximated by a Tafel-type fit, usually from the cathodic polarization data. This has
been verified as a reasonable approximation to the corrosion rate as it relates to the rate
obtained from other methods [34]. However, of key relevance here is that the polarisation
technique, in spite of not being a long term predictor of corrosion rates because of its rapid
nature, is an important tool in rationalising alloy behaviour because it provides clear
information on the effect of a particular element on anodic or/and cathodic reaction rates.
The basic influence of alloying additions on the corrosion of AZ31 alloy can be understood
by inspection of representative polarisation curves, depicted in Figure 4.39.

Figure 4.39: Representative potentiodynamic curves of extruded experimental alloys in
quiescent 0.1 M NaCl solution.
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The polarisation response of the baseline alloy is marked in black; in 0.1 M NaCl, most
elements influenced the corrosion kinetics of the alloy. Additions of Ti, Bi, BiNd and Lu
shifted the potential values by about 25 mVSCE towards more positive values. The
ennoblement of potential was concomitant with increased cathodic reaction rates, which
was manifested as a movement of the cathodic branch towards higher corrosion current
densities. While Bi and Lu somewhat decreased the anodic reaction rates to compensate for
the increase in cathodic kinetics, the significant acceleration of cathodic kinetics by Ti was
not overwhelmed by the effect on the anodic reaction. Such elements as Ag, Sr, Y, Ca, Li
and RE enhanced anodic kinetics, with an accompanying decrease in potential. The effects
of Li, Ca, RE and Y were similar; a decrease in potential was noted (about only 10-20
mVSCE), with little or no influence on cathodic kinetics. The effect of Sr on delaying the
cathodic kinetics was rather more pronounced, however the most potent addition was Ag.
Silver substantially increased anodic kinetics, but this increase was effectively
counteracted by a significant suppression of the cathodic reaction. It is prudent to note that
such a polarisation response of AZ31-Ag alloy was unexpected, since Ag has been
documented to increase cathodic reaction rate, counterbalanced by a decreased anodic
reaction rate [37]. Such electrochemical behaviour of AZ31-Ag alloy was therefore
attributed to the presence of 0.005 wt. % of Zr in the alloy composition (refer to Table 4.1).
Zr has recently been reported to impart an “activation” effect where it can accelerate the
anodic reaction by destabilising the alloy surface film [70]. The alloying additions of Sc,
As and In on the other hand, exhibited similar potential to the base alloy, along with a
subtle shift of the cathodic branch towards lower current density values. Moreover, the
AZ31-As alloy displayed a slight decrease in anodic kinetics. It merits comment the
potency of trace As addition to retard the cathodic reaction of AZ31.
Quaternary alloying additions were shown to modify both anodic and cathodic kinetics of
AZ31.
The instantaneous corrosion current (icorr) and corrosion potential (Ecorr) were obtained from
the experimental results by Tafel-type fits to the polarisation curves of each alloy (Figure
4.39). As a result of the inherent microstructural heterogeneities of Mg alloys, corrosion
potential and corrosion rate values may vary quite substantially each time the polarisation
measurement is carried out. Therefore, the data are presented as a cumulative distribution
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plot in Figure 4.40 to allow ranking of the effects on corrosion potential and corrosion rate
values.

(A)!

(B)!

Figure 4.40: Cumulative distribution plots of (A) corrosion potential (Ecorr) and (B)
corrosion rate (icorr) values obtained from potentiodynamic polarisation curves of extruded
alloys.

The corrosion potential distribution plot in Figure 4.40A shows that alloying with most of
the elements had an impact on the corrosion potential of AZ31 alloy; both ‘positive’ (Ti,
Lu, Bi, BiNd) and ‘negative’ (Sr, Y, Ag) effects were seen. The effects of Li, Ca, Sc, In,
RE and As were rather minor. Ti, Lu, Bi, and BiNd additions ennobled the corrosion
potential of AZ31, rendering the new alloys less ‘active’ than the base alloy. In particular,
Ti shifted the AZ31 corrosion potential by ~50 mV towards more positive values; this
corresponded to the largest increase in corrosion rate. Ennoblement of Ecorr is consistent
with the shift of the anodic branch towards lower values, as depicted in Figure 4.38;
however, the effect of this shift on corrosion rate is overwhelmed by the acceleration of
cathodic kinetics. It was also noted that Sr and Y additions lowered the corrosion potential
of AZ31 to more negative values; the largest movement to more negative values occurred
when Ag was added. Although Ecorr for AZ31-Ag was about 100 mV lower, the corrosion
rate of AZ31-Ag alloy did not increase.
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The distribution plot of corrosion rates (icorr), Figure 4.40B, shows that relatively minor
quaternary alloying additions alter icorr. Increases in corrosion rate with added Ti, Bi, Lu or
BiNd are consistent with the ennoblement of Ecorr and faster cathodic reaction seen in
Figure 4.39. Interestingly, although Y, Sr and Ag tend to lower the corrosion potential of
AZ31, the overall corrosion rate did not increase markedly. This was because these
elements suppress the cathodic reaction to some extent. In contrast, AZ31-Ca exhibited
similar Ecorr to the base alloy, but higher icorr values were observed on the distribution plot;
this was because Mg2Ca has a more negative electrode potential, and thus will be
anodically polarised in the Mg matrix and undergo extremely high dissolution rates in
preference to corrosion of the Mg matrix Mg [50]. The effect of Li on Ecorr of AZ31 was
small, as seen in Figure 4.40A; however the shift of the anodic branch towards higher
current density values resulted in an increase in the overall corrosion rate of the alloy,
Figure 4.40B. There is no published data on the electrochemical effects of Li on Mg; a
plausible mechanism is that the AlLi phase in AZ31-Li is anodically polarised and
corrodes rapidly (in a similar way to the rapid corrosion of Mg2Ca in AZ31-Ca).
Furthermore, the addition of RE increased icorr of AZ31, although there was no change in
Ecorr. This contradicts the idea that REs, because of their “active” nature, reduce corrosion
potential and enhance anodic kinetics. This difference is probably because of the Al-RE
and Al-RE-Mn intermetallics that counteracted the negative potential shift caused by the
RE. Finally, the alloys containing Sc, In and As showed minor reduction of corrosion rate,
which was in good correspondence with the changes in cathodic reaction rates, as depicted
in Figure 4.39.
The divergent effects of the various alloying additions on corrosion kinetics of AZ31 may
be collated in a plot of Ecorr versus icorr, Figure 4.41.
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Corrosion potential, Ecorr, versus extrapolated values of icorr for extruded

AZ31 alloy is the baseline, or zero-point for the alloying additions being studied. Alloys
containing Sc, As or In are in the third quadrant of the plot; these elements lower the
cathodic reaction rate on AZ31. Addition of Lu shifts AZ31 into the second quadrant,
indicating a decrease in the anodic dissolution rate, as was also apparent in Figure 4.39.
AZ31-Ti, -Bi, - BiNd, and -Li occur in the first quadrant, because they display increased
cathodic kinetics. Interestingly the alloying containing Ca is placed between the first and
fourth quadrants, on the same line as the reference alloy, but with notably increased
corrosion rate. This implies that Ca had no effect on corrosion potential of the alloy and
must have increased both cathodic and anodic kinetics of AZ31, fairly equally. This might
be because of the greater Fe content (compared to that of the baseline alloy, 0.032 wt. % of
Fe in AZ31-Ca vs. 0.010 wt. % of Fe in AZ31) in the alloy which then accelerated the
cathodic reaction. In that vein, alloying with RE, Sr, Y and Ag led to larger anodic currents
and thus positioned the alloys in the fourth quadrant. The influence of RE and Y on the
anodic kinetics of Mg correlates well with the literature; however, the effect of Sr
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contradicts published reports that suggested it would mostly affect the cathodic reaction.
The contradictory effect of Sr observed here might be partly brought about by poor Alenrichment of the alloy matrix caused by Al depletion as a result of the formation of Al4Sr
and numerous Al-Mn and AlMnFe intermetallics.
In all, alloying additions As, Lu, Sc, and In showed some improvement in corrosion
resistance compared to the baseline material. Therefore the ranking of best corrosion
performance between alloys can be established, and follows the order: AZ31-As > AZ31Lu > AZ31-In> AZ31-Sc > AZ31 > AZ31-Ag > AZ31-Sr > AZ31-Bi > AZ31-Y > AZ31BiNd > AZ31-Li > AZ31-RE > AZ31-Ca > AZ31-Ti. The beneficial effects of alloying
can be complex because alloying may impact the ability to sustain anodic or cathodic
reactions. Thus a rise in the Ecorr of the alloy to more noble potentials (as seen for Bi, BiNd,
Ti) is not necessarily correlated with a decrease in corrosion rate (seen for As, Lu, Sc, In).
The shifts of anodic and cathodic kinetics are linked to the modified microstructure of
AZ31. Owing to the presence of secondary phases, and their particular chemistry and
volume fraction, some alloys exhibited faster anodic or/and cathodic reactions, as a result
of Al depletion and/or different catalytic ability of the additional phases. The presence of
impurities, however, should not be overlooked; in some cases, impurities may contribute to
accelerated corrosion rates, rather than these being purely the effect of a particular alloying
element. It is well-known that Fe drastically increases corrosion of Mg and Mg-alloys via
significant acceleration of cathodic kinetics. It is also established that addition of Mn to Alcontaining Mg-alloys counteracts Fe through forming Al-Mn-Fe constituent particles;
however, the Fe to Mn ratio dictates how the mitigating potency of Mn. The 0.032 ratio
established by Reichek was shown to control the excess corrosion caused by Fe, while a
higher ratio leads to excessive corrosion [334]. The relationship between the corrosion rate
of AZ-modified alloys and their respective Fe/Mn ratio is plotted in Figure 4.42. Most of
the alloys had Fe/Mn ratio within the established threshold, with only Ag-, Sr-, Ca- and Ticontaining alloys exceeding the limit. While this did not seem to have a large impact on
corrosion rates of the AZ31-Ag and -Sr alloys, it certainly had a tremendous effect on Ca
and Ti alloys. This correlates well with the observed enhancement of cathodic kinetics
shown in Figures 4.39 and 4.41. Therefore, the extremely high corrosion rate of the
extruded AZ31-Ti alloy is not purely an effect of Ti.
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Figure 4.42: The relationship between corrosion rate, icorr, and the ratio between Fe and
Mn content of the extruded alloys.

4.3.4.2 Long term corrosion performance of the extruded alloys
Within this study, the mass loss test was used as a complementary test; it represents open
circuit alloy dissolution over a longer time period, and does not provide information about
the actual corrosion mechanism. The influence of elemental additions on overall anodic
and cathodic reaction kinetics of AZ31 alloy was determined through potentiodynamic
polarisation experiments, which also provided icorr values. These icorr values also contributed
to populating a broader property space map that is being established, based on work over
the past six years at Monash.
The correlation between mass loss test results and corrosion rate obtained from
potentiodynamic polarisation is plotted in Figure 4.42. This plot does not show a clear
ranking, however the general trend of the Sc-, Lu- and As- containing alloys demonstrating
marginally improved icorr and mass loss rates compared to AZ31 is maintained. The rest of
the alloys did not show the same ratings as seen in Figure 4.40, with most of the alloys
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showing similar behaviour; Bi-, Y-, Sr-, RE- and BiNd-containing alloys (in the upper
right corner of the plot) show increased instantaneous and long term corrosion rates.

Figure 4.43: The relationship between corrosion rates from potentiodynamic polarisation
and mass loss tests in 0.1 M NaCl for extruded alloys.
The corrosion properties of the extruded alloys are summarized in Table 4.5.
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Table 4.5: Corrosion properties of extruded alloys.

4.4

Alloy!

Average icorr,"
(μm) !

Average Ecorr, "
(VSCE) !

Average mass loss rate,"
(mg/cm2  day)!

AZ31M!

13 ± 6!

-1.53 ± 0.01!

0.32 ± 0.04!

Li!

23 ± 6!

-1.52 ± 0.01!

0.58 ± 0.02!

Ca!

27 ± 7!

-1.53 ± 0.02!

0.71 ± 0.10!

Sr!

16 ± 3!

-1.55 ± 0.01!

0.77 ± 0.15!

Sc!

13 ± 5!

-1.53 ± 0.01!

0.13 ± 0.08!

Y!

17 ± 9!

-1.57 ± 0.05!

0.74 ± 0.07!

Ti!

65 ± 17!

-1.48 ± 0.02!

46.79 ± 2.17!

Ag!

15 ± 4!

-1.65 ± 0.01!

0.43 ± 0.04!

In!

13 ± 8!

-1.54 ± 0.01!

0.62 ± 0.07!

As!

11 ± 4!

-1.53 ± 0.01!

0.30 ± 0.01!

Bi!

16 ± 9!

-1.50 ± 0.03!

0.63 ± 0.02!

RE!

25 ± 5!

-1.53 ± 0.01!

0.42 ± 0.02!

Lu!

12 ± 6!

-1.50 ± 0.02!

0.23 ± 0.03!

BiNd!

23 ± 5!

-1.50 ± 0.01!

0.55 ± 0.02!

Discussion

The microstructural investigations described here found that alloying AZ31 with the
chosen elements, other than Bi and In, led to formation of intermetallic phases, as
summarised in Table 4.2. The size and distribution of the secondary phases in the alloy
matrix varied with the alloying addition. For example, relatively big AlLi particles tended
to agglomerate further into big clusters, while the nanoscale Al-Mn-As were uniformly
dispersed (Figures 4.8 and 4.21, respectively). Alloying also affected the formation and
size of β-Mg17Al12 phase. The microstructures of alloys with Li, Sc, Y, Ti, Ag, As, Bi or
BiNd contained nanosized β, in contrast to the more developed β, with diameter over about
1 μm, found in Ca-, Sr-, In- and RE- containing alloys. Interestingly, alloying also affected
the shape of β phase — polygonal β-phase was detected in the AZ31-RE alloy.
Furthermore, addition of Lu resulted in the absence of β-phase; coarse Mg24Lu5 and AlMn-Lu intermetallics formed instead. Owing to the formation of numerous secondary
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phases containing Al, most of the alloys showed poor or no Al enrichment of the alloy
matrix (AZ31-Y, -Ti, -RE).
The secondary phases had a significant impact on the mechanical and corrosion properties
of AZ31 alloy. Figures 4.44 and 4.45 show the relationships between the yield strength
(σy), relative toughness and electrochemically-measured corrosion rate (icorr) of the
extruded alloys. AZ31M alloy serves as a “baseline” sample, representing the zero point
for the alloying additions being studied. The scatter graph contains the average values
including standard deviations, indicating the upper and lower limits of σy, relative
toughness and icorr. The graph clearly shows how these parameters change with each
alloying addition. Every alloying addition influenced the strength, toughness and corrosion
rate of the AZ31, in either a “positive” or “negative” manner.

Figure 4.44: The relationship between the yield strength and corrosion rate, icorr, of the
extruded alloys.
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Figure 4.45: The relationship between the relative toughness and corrosion rate, icorr, of
the extruded alloys.

The alloying elements As, Sc, In, Ag, Ca and Bi contributed to a small increase in strength
of ~10 %, without a significant worsening of corrosion. Moreover, the AZ31-As alloy
showed a corrosion rate approximately 15 % lower than that of the baseline alloy. This
improvement in the corrosion resistance as a result of As addition to AZ31 was somewhat
expected, because on recent work that demonstrated the ability of As, in the binary context,
to restrict the cathodic kinetics of Mg via a cathodic poisoning mechanism [95]. The
increment in strength gained by this alloy may be explained on the basis of the evident Alenrichment of the alloy matrix which would be conducive to solid solution strengthening,
and the effective grain refinement imparted by As. The grain refining effect seen in the asextruded microstructure of the alloy might be assigned to the presence of the nanosized AlMn-As intermetallic that could have pinned the grain boundaries and retarded continuous
recrystallization

during

extrusion.

This

assumption,

however,

requires

further

investigation, because there is currently no information in the literature regarding the effect
of As on the mechanical properties of Mg or its alloys. This, therefore, places a particular
emphasis on the originality of the present work.
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Similarly to As, although to a lesser degree, the effects of Sc and In on reducing the
corrosion rate of the base alloy were attributed to their impact on the cathodic kinetics, as
seen in Figure 4.40. However, each of these elements altered the cathodic kinetics of AZ31
via a different mechanism. In dissolved into Mg solid solution and doped the alloy matrix,
whereas the effect of Sc was analogous to that imparted by RE metals in complex Mgalloys [128], and occurred via formation of less cathodically active binary and ternary
phases, Mn2Sc, Al-Mn-Sc. The reduction of Mn content overwhelmed active Al4Mn and
Al-Mn-Fe cathodes by presenting an iso-potential (open circuit potential) in the less noble
direction. AlxMny intermetallics are the most cathodically active phases in AZ alloys,
particularly in those with low Al content which does not lead to the formation of large
volume of β phase; therefore if these phases can be made less active, the corrosion rate can
be decreased.
The positive influence of Sc on the yield strength of AZ31 was similar to that of As, and
could be essentially assigned to grain refinement, achieved by the pinning action of
nanoscale Mn2Sc, in conjunction with sufficient Al content in the α(Mg) [335]. On the
other hand, indium had a solution strengthening effect by virtue of its complete dissolution
into α(Mg), effective grain refinement and, because there was no additional secondary
phase, good Al-enrichment. The grain refinement effect of In on the as-cast and asextruded microstructure of AZ31 agrees well with the report published by Becerra
indicating the potency of In to reduce the grain size of Mg-In binary alloys [319].
The very fine Mg4Ag phase contributed into grain refinement and was somewhat benign to
corrosion kinetics since only a negligible volume of these precipitates was present in the
alloy. The unique effect of Ag on corrosion kinetics of AZ31, i.e. significant reduction of
corrosion potential and thus shift of cathodic branch towards lower current density values,
was largely controlled by the presence of 0.005 wt. % of Zr. The presence of Zr in this
alloy was unintentional and considered as a contamination arisen from casting.
Nevertheless, recent work by Gusieva demonstrated an improved hardness response of
AZ91 alloyed with 0.1 wt. % of Ag with no detriment to corrosion [37].
Irrespective to the improved strength and corrosion, AZ31-As, -Sc, -In, and Ag showed
similar relative toughness as the base alloy. The alloys ductility did not exceed that of
AZ31, which is ought to be related to the sharper texture they developed. As observed in
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the prismatic and inverse pole figures these alloys showed very little spread of poles with
the highest texture intensity values (Figure 4.36 and 4.37). It is however unreported, and
not the primary focus of this work, what mechanism controls the texture sharpening effect
imparted by these elements. So far only limited information is available in regards to the
effect of In to increase the c/a ratio of Mg HCP crystal [332].
Another group of alloys AZ31 -Ca, -Bi, exhibited some increase in strength in comparison
to AZ31, but not without a trade-off in corrosion resistance. The increment in strength was
partly brought about by the refining potency of these elements [100, 285, 336, 337]. Unlike
Ca, Bi dissolved into the solid solution and thus did not lead to the removal of Al from the
supersaturated matrix, as oppose to the effect of Ca whereby no Al-enrichment of the alloy
matrix was evident. The combined effect of solid solution strengthening by Bi and Al gave
an increment in yield strength. Conversely, the fine intergranular Mg2Ca precipitates,
observed in the extruded microstructure, Figure 4.27, restricted the dislocation motion and
thus increased the yield stress.
The corrosion rate of AZ31-Ca was partially affected by the increase in anodic rates
brought about by very active nature of Ca metal, Figure 41, [103]. This, however, was
somewhat offset by high Fe/Mn ratio so that the alloy maintained the same corrosion
potential as the reference AZ31, Figure 4.41, exhibiting an equal effect on accelerating
cathodic and anodic kinetics.
The alloying with Bi lead slightly increased the cathodic kinetics of AZ31 via increasing
the alloy potential, which can be assigned to the dissolution of much more noble Bi in Mg
solid solution.
Nonetheless the relative toughness of these alloys did not surplus that of the base alloy due
to the decreased ductility associated with strong texture in AZ31-Bi and the presence of
large (Al-Mn, Fe) particles in both Bi and Ca-containing alloys.
Additions of Lu, RE, Sr or Y did not significantly affect the mechanical, nor the corrosion,
properties of AZ31. In some cases, slight improvements in corrosion resistance (AZ31-Lu)
or strength (AZ31-BiNd) were seen; however, the overall performance of these alloys was
no better than that of the baseline alloy. For example, the Mn-Lu containing phases
improved the corrosion resistance, but were deleterious to mechanical performance,
resulting in embrittlement of the alloy. The effect of RE on randomizing the texture was
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outweighed by the accelerated corrosion caused by the Al3La11 and Al-Mn-Nd phases.
Moreover, the alloys with weaker texture, such as those containing Lu, BiNd, RE, Sr and
Y, showed lower yield strength.
The plots in Figure 4.46A,B,C show that alloys with low texture intensity exhibited low
yield strength; meanwhile, no linear relationship could be established between the texture
intensity and ductility. It may be inferred that the texture component was not a dominant
factor in controlling the ductility of the alloys. On the other hand, the scatter plot of Figure
4.44C, displays a clear (although not linear) trend indicating that large atomic radius of the
alloying element contributes to lower texture intensity and thus the texture weakening
effect. This observation is in agreement with the hypothesis introduced in Chapter 3.
(A)!

(B)!

(C)!

Figure 4.46: The relationships between texture intensity, derived from the Inverse pole
figures, and (A) yield strength, (B) ductility, (C) atomic radius of the alloying additions.
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To conclude, this work showed that the highly heterogeneous grain sizes and
microstructure produced during extrusion results in anisotropic mechanical and corrosion
properties that manifest in poor reproducibility of experimental results, i.e. large standard
deviations. The relationships between the microstructural features, grain size and texture
are very complex and thus create a significant engineering challenge to design an alloy
with well-balanced strength, ductility and corrosion.

4.5

Summary

This chapter presented a survey of mechanical and corrosion related properties for AZ31based engineering alloys with atypical additions. The microstructure, texture and grain
structure of the alloys was further altered by extrusion. Through characterisation of alloys,
the following conclusions can be drawn:
Effects of alloying on the AZ31 as-cast structure:
•

The addition of most alloying elements, other than Lu, refined the as-cast grain
structure of AZ31.

•

The grain refining effect shown by Ti, Y, Ca and RE elements was somewhat
diminished by further thermomechanical processing.

•

The extrusion process led to development of bimodal grain structure in most alloys,
apart from AZ31-Ti, -Y, -Ca and RE.

Effects of alloying on the extruded microstructure of AZ31:
•

The addition of most of the alloying elements, apart from In and Bi (which
dissolved into Mg solid solution), resulted in formation of secondary phases.

•

The size and the distribution of these phases varied upon the elemental addition.
This outcome was unexpected because the amounts of quaternary elements added
were chosen on the basis of the solubility of each element in Mg.

•

The formation of heterogeneous microstructures was attributed to the complex
interactions between the alloying additions and Al, and partly facilitated by phase
re-distribution at the extrusion temperature.
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•

The Mg matrix of the alloys where large intermetallics (AlLi, Al4Sr, Al-Fe-Ti,
Al2Y, Al-Mn-Y, Al-Mn-RE, Al11La3, Al-Mn-Lu, and/or Al-Mn-Nd) formed was
poorly enriched with Al, because the Al was instead used to form intermetallics.

•

The formation of fine precipitates in AZ31-Sc, -Ca, As, -Ag led to pinning of the
grain boundaries during recrystallization at the extrusion temperature and thus more
refined grain size.

Effects of alloying on the mechanical properties of AZ31:
•

The addition of Li, Ca, Sr, Y, Ti, RE, Lu or BiNd led to formation of secondary
phases exceeding 1 µm in size. This has resulted in depletion of Al and Zn in the
solute, which in turn was reflected as a decrease in strength.

•

Most if the alloys which contained a large fraction of secondary phases (except for
AZ31-RE) also showed decreased ductility, caused by the secondary phases.

•

Thus, the relative toughness of the “in-house” produced alloys didn’t exceed that of
the base alloy. This was because, although the yield strength of some alloys was
increased as a result of sufficient grain refinement, the ductility decreased because
of either large secondary phase particles (AZ31-Ca, AZ31-BiNd) or relatively
strong texture (AZ31-As, AZ31-Sc, AZ31-Ag).

Effects of alloying on texture of AZ31:
•

Elements such as RE, BiNd, Ca, Sr, Li and Y sufficiently weakened the texture of
the baseline alloy. However this weakening effect was counterbalanced by the
formation of secondary phases, meaning that these alloys did not show any
improvement in ductility.

Effects of alloying on corrosion rate of AZ31:
•

The corrosion rate of AZ31-Lu, - As, -Sc, -In alloys was somewhat reduced
compared to that of the base alloy. These elements decreased either the anodic (Lu)
or cathodic kinetics (Sc, As, In) of the alloy and thus lowered the overall corrosion
rate icorr.

•

The high Fe/Mn ratio (> 0.032) in AZ31-Ca and AZ31-Ti caused rapid corrosion in
these alloys.
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Effects of extrusion:
•

Extrusion further refined the grain size of the alloys. However, the process resulted
in the formation of bimodal grain structure, where the dynamically recrystallized
grains were embedded between bands of large elongated basal grains. This type of
grain structure resulted in heterogeneous mechanical properties. This may have also
resulted in formation of a somewhat heterogeneous or even discontinuous film on
the alloy surfaces, and thus lowered their corrosion resistance.

The findings above show that although it was possible to improve two properties of the
alloy (corrosion & strength; corrosion & ductility), the improvement of all three was
very challenging and hindered by the complex microstructure developed after alloying
and further thermomechanical processing.
Although most alloys showed weaker texture than the base AZ31 alloy, the ductility
was not markedly improved. This suggests that texture was not the most dominant
factor dictating the ductility of Mg-alloys. The effect of texture was overridden by the
effect of the secondary phases.
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5 The effects of microalloying and
severe plastic deformation on the
mechanical and corrosion properties
of AZ31. Part 2. ECAP specimens

5.1

Introduction

Based on the results obtained in Chapter 4, the elements shown to effectively refine
microstructure and modify texture of AZ31, as well as those which provide an increment in
strength and a reduction in corrosion rate, were selected for multiple microalloying. To
further refine grain size and thus attain a substantial improvement in mechanical
properties, a severe plastic deformation process (SPD) was also employed. SPD was not
applied to all specimens on the basis that it a technique restriceted to smaller specimens,
and very time and labour intensive. As such, SPD was reserved for ‘downselected’
compositions. The particular SPD process chosen here was equal channel angular pressing,
or ECAP; this process can produce an ultra-fine grain structures by means of introducing
large shear strain during deformation [330, 338]. ECAP has been shown to be effective in
enhancing microhardness, yield strength and superplasticity of Cu, Al, Ti and some Mg
alloys [277, 339-342]. A significant ductility enhancement of AZ31 alloy was reported
after processing with ECAP and assigned to the fine grain structure attained by severe
plastic deformation, however the deformation mechanism of ductile alloy was not
presented [277].
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The alloying additions studied in this section are In, Ag, As, Ag, Sr and Sc.
Indium was selected on the basis of its high solubility in Mg. It has an ability to refine the
microstructure, and thus improve yield strength via grain refinement and solute
strengthening. In addition it may restrict the cathodic kinetics of the extruded AZ31.
Similarly, Ag, As and Sc additions improved both strength and corrosion resistance of
AZ31. Sr, however, was previously found to substantially weaken the texture of the
baseline alloy. It has been reported that uniform elongation of Mg alloys is strongly
correlated to texture, and increases with basal texture weakening [290], hence pursuit of
this aspect is important.
To exploit the unique effects provided by each alloying element it was decided to use
combined additions of InAg, InAs, or InSr to potentially promote a balance between the
expected mechanical and corrosion properties of the alloys. Given that Sc is an extremely
expensive metal (>100 $ per gram), it was decided to use a trace addition, 0.03 wt.% Sc,
and explore the influence of an increased ratio between Al and Mn via slightly altering the
nominal composition of AZ31. In addition, a low concentration of Pb was chosen as an
alloying addition on the grounds of its high solubility in Mg, relatively large atomic radius
and inertness to Mg, i.e. it does not increase corrosion of Mg alloys.
In polycrystalline Mg, basal slip occurs most readily; however, prismatic slip contributes
significantly to plastic flow at temperatures higher than about 225 °C. Therefore 250 °C
was chosen as the temperature for ECAP processing to activate prismatic slip during the
deformation process. AZ31 alloys were subjected to 4 passes of ECAP route C (see Figure
5.1) at 250 °C to manipulate the alloy chemistry via phase redistribution, attain finer
microstructure and favourable texture so as to positively alter the strength and ductility of
the baseline alloy.
This study focused on the relationships between microstructural development during SPD
and the resulting deformation in tension and corrosion behaviour of the ECAPed
specimens. Special emphasis was placed on the influences of the atypical alloying
elements and their potential to considerably improve mechanical properties of AZ31 whilst
retaining reasonable corrosion resistance. Detailed characterisation by scanning electron
microscopy, X-ray diffraction analysis of macro texture and electrochemical studies was
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combined with mechanical testing to establish the relationships between the microstructure
after ECAP and the alloy properties.
5.2
5.2.1

Experimental procedure
Casting of alloys

Samples used in this work were prepared from a stock of commercially available AZ31(B)
ingot. Alloying additions, which were at various levels from trace to ~0.5 wt.%, were
introduced using pure metals and “in-house” master alloys. Such additions were in small
quantities and from source metals originally obtained from Alfa-Aesar (USA).
Alloy production involved induction melting under an argon atmosphere, using a LleyboldHeraus Induction source as described in more detail in Chapter 4.
The compositions of alloys tested are given in Table 5.1. In all cases, the composition was
confirmed using ICP-AES, carried out externally at Spectrometer Services, Coburg, VIC,
Australia. Please note, AZ31M2 is distinguished with an “M2” at the end to point out that
it was cast at Monash University and must not be confused with either the AZ31B
commercial alloy or the AZ31M used in the extrusion process as detailed in Chapter 4. The
Sc-containing alloy had an intentionally increased ratio between Al/Mn and is therefore
denoted as AZ31-ScMn throughout the text. The column “Fe/Mn” was added to the table
to highlight the ratio between Fe and Mn content in the produced alloys. The amount of
iron impurity was within the established threshold for all alloys here, and thus did not
dominate the effect of alloying on the corrosion properties of AZ31.

149

Table 5.1: Alloy compositions as determined by ICP-AES. Compositions are shown in
mass percentages.
AZ31+!

Al!

Zn!

Mn!

Fe!

Fe/Mn!

Si!

In!

Sr!

Sc!

Ag!

Pb!

As!

AZ31M2!

3.3!

0.99!

0.48!

<0.01!

0.02!

0.02!

0!

0!

0!

0!

0!

0!

In-Ag!

3.17!

0.94!

0.47!

<0.01!

0.021!

0.02!

0.32!

0!

0!

0.12!

0!

0!

Sc-Mn!

4.28!

1.01!

0.65!

<0.01!

0.017!

0.03!

0!

0!

0.03!

0!

0!

0!

In-As!

3.08!

0.99!

0.44!

<0.01!

0.023!

0.02!

0.59!

0!

0!

0!

0!

0.01!

In-Sr!

3.4!

1.15!

0.59!

0.01!

0.017!

0.03!

0.59!

0.05!

0!

0!

0!

0!

Pb!

3.05!

0.89!

0.44!

<0.01!

0.023!

0.02!

0!

0!

0!

0!

0.13!

0!

NB: the established threshold for Fe/Mn ratio in Al-containing Mg alloys is 0.032 [334].

5.2.2

Severe plastic deformation (SPD). Equal Channel Angular Pressing (ECAP)

Equal channel angular pressing (ECAP) was performed in the Department of Mechanical
Engineering at the University of Melbourne. The die utilised had an included φ = 90°
between the square entrance and exit channels as depicted in Figure 5.1a,b. There was
some relief radius in the die corner, not depicted on the schematic. The die was operated by
a 20-ton capacity horizontal hydraulic press. The billets were machined from the as-cast
ingots, shown in Figure 5.1a, into 7.6×7.6×~80 mm dimensions for ECAP processing. To
avoid fracturing the billet, it was necessary to process all alloys at 250 °C. This
temperature was the lowest temperature at which the samples would not acquire significant
defects but still receive grain refinement. The whole ECAP die was heated to the desired
temperature using the built-in cartridge heaters. Prior to pressing, the billets were
lubricated with graphite spray to minimize friction in the die. The samples were subjected
to 4 passes following Route C, Figure 5.1b, and pressed at a rate of 5 mm/min. ECAP runs
were performed with a back-pressure of 200 MPa, enforced by a second ram and hydraulic
cylinder on the exit channel. However, during pressing, because of the four consecutive
passes of the billet, the temperature of the die increased by an estimated further 50–80 °C;
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this meant that for some alloys there was only marginal grain refinement, as discussed in
Section 5.3.1.3.

(a)!

80 mm!

(b)!
Route C!

180°!

Figure 5.1:
(a) The as-cast ingots and machined billet for (b) ECAP processing
following route C.

5.2.3

Microstructural characterisation

General analysis of the microstructures of as-cast alloys was performed on the Olympus
PMG3 operated by SPOT Advanced software. The specimens were micro polished to 0.05
μm surface finish with OPS Masterprep followed by etching for ~5 s in a solution of 225
ml ethanol / 12.5 ml picric acid / 40 ml acetic acid / 40 ml water.
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Due to the limited amount of material in ECAP billets, microstructural characterisation of
the ECAPed alloys, including microhardness measurements and macro texture analysis,
was performed on a consistent specimen surface cut from the mid section of the ECAPed
sample, on the x plane parallel to the extrusion direction (ED), as shown in Figure 5.2.
Specimens were polished according to standard metallographic procedures and then given
an additional polishing step using Buehler Masterprep 0.05 μm alumina suspension on a
Buehler Chemomet cloth.

(a)!

(b)!

ND#
x	

y	


ED#
z	


TD#
Figure 5.2:
(a) A typical alloy sample after ECAP; (b) the location, with respect to the
SPD coordinate system, of the specimen taken for microstructural characterisation (SEM,
EBSD), microhardness measurements, macro texture and corrosion studies.

5.2.3.1 Scanning electron microscopy (SEM) and energy dispersive X-ray spectroscopy
(EDAX)
SEM was used for general microstructural characterisation (i.e. detection of any second
phases or constituent particles). The SEM samples were imaged in BSE (back-scattered
electron) mode using JEOL JSM-7001F electron microscopes, equipped with EDAX.
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EDAX was employed to examine the chemistry of the alloy microstructures. Map scans
were run on the extruded sample surfaces using 15 kV accelerating voltage and 10 mm
working distance, and the operated by AZ Tech software.

5.2.3.2 Electron backscattered diffraction (EBSD)
EBSD was used to analyse the grain size distribution of the ECAPed alloys, and was
carried out on a FEI Quanta 3D-FEG with a Hikari EBSD camera and TSL OIM software
(EDAX Inc., Mahwah, NJ, USA). The heterogeneous nature of the alloys did not allow for
the ultra-high quality polishing required for EBSD analysis. In order to achieve reasonable
quality EBSD scans, a Gatan® Precision Etching and Coating System (PECS) was used as
a final polishing step of the specimen surface to enhance the fine microstructural details
through gentle ion beam etching.

5.2.4

Thermodynamic calculations

To determine the relevant equilibrium phase diagrams, phase analysis, phase fraction and
phase composition, thermodynamic modelling was also carried out using PANDAT®
(Computherm LLC). The PANDAT database is the most relevant and populated for Mg
and its alloys, however for many of the alloying additions being studied here, the
thermodynamic databases do not exist. Nevertheless, PANDAT is valuable in terms of
understanding and rationalising the microstructures observed.

5.2.5

Mechanical testing

5.2.5.1 Microhardness test
Measurements of the Vickers microhardness, HV, were made on the x plane (indicated in
Figure 5.2) of ECAP AZ31 alloys using a Duramin A-300 testing machine on
mechanically polished samples with a 4000-surface finish. A 1 kg load was used for
indentation and at least seven measurements were made on each sample at randomly
selected points and then averaged to obtain HV.
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5.2.5.2 Mini Instron tensile test
Four flat, 1 mm thick, mini tensile specimens of “dog-bone” geometry were cut from the
central portion of the ECAP sample using an Electrical Discharge Machine (EDM), as
presented in Figure 5.3.

ND#

56!
8!

ED#

3!
R 1!

TD#

Figure 5.3:
A mini-tensile specimen cut from an ECAPed alloy and schematic diagram
of flat “dog-bone” sample indicating dimensions (in mm).

The 8 mm gauge length of the specimen was parallel to the extrusion direction (ED) and
the 3 mm width was contained in the y plane, as indicated in Figure 5.2. The tensile testing
was conducted 4 times on each ECAPed alloy at room temperature using a screw-driven
Mini Instron with a 2 kN load cell, as shown in Figure 5.4.
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(a)!

(b)!
1"

3"
2"

4"

(c)!

Figure 5.4:

Mini-tensile test set-up:

a) Mini Instron mechanical testing machine equipped with: (1) digital camera, operated by
NCX software, focused on (2) a tensile sample inside the hydraulic grips, with an aid of 3)
& 4) lights and light source to adjust the contrast.
b) A mini-tensile sample marked with 4 evenly-spaced dots to be read by NCX software to
record the elongation.
c) The specifically designed steel plates to hold the sample in the grips.

A cross-head speed of 1 mm/min (strain rate of approximately 0.001 s-1) and digital
camera, Figure 5.4. (1), operated by NCX software, were used to measure the specimen
elongation. The camera was focused on the specimen marked with 4 evenly spaced dots,
Figure 5.4b, placed inside the hydraulic grips. A glass mask was used to evenly mark the
dots on the specimen gauge length to focus the camera, and later to be identified by
software. The increasing distance between the dots was measured by NCX software during
the test to obtain the elongation of the specimen.
Prior to placing the specimen into the hydraulic grips the sample was inserted between
specifically designed steel plates, as shown in Figure 5.4b,c. This step was required to
accommodate the relatively large size of the grips and ensure that the sample was properly
aligned between them.
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Owing to the limitations of the ECAP equipment used in this project, the sample
dimensions did not allow the preparation of a mini-tensile specimen taken entirely from the
heterogeneously deformed middle part. Therefore, the region of hte tensile specimens held
within the grips must have experienced different strain during ECAP, as compared to the
middle section; in other words, the mechanical properties varied. This contributed to stress
concentration at the sample shoulders and led to the premature failure of most of the
samples during tensile tests, as displayed in Figure 5.4c. Therefore, it was not possible to
obtain reproducible results and extract strain to failure values. This makes the mechanical
properties obtained from hardness tests even more important.

5.2.6

Texture evaluation

Macrotexture analysis was performed on the x plane of the sample parallel to the ED, as
depicted in Figure 5.2. using a GBC® X-ray diffractometer. Pole figures were obtained
from (0002), (10-10), (10-11) and (10-12) Bragg peaks. Prior to data collection, standard
θ-2θ scans were run to obtain the exact positions of Bragg peaks for each alloy. The raw
data were then processed with Resmat ® TextTool and Pole figures constructed using
MatLab software packages.

5.2.7

Corrosion testing

5.2.7.1 Electrochemical testing
Samples for electrochemical evaluation were cut from ECAPed samples, as previously
described in Section 5.2.1 and depicted in Figure 5.2. The outer surface of the samples was
then removed to avoid any possible iron contamination resulting from die contact during
the ECAP process. The samples were cold mounted with one surface exposed and the rear
connected with electric wire to provide an electrical contact. Specimen surfaces were
ground with SiC paper to a 2400 grit finish.
Extensive descriptions of electrochemical testing and subsequent data analysis are given in
Chapter 4.
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5.2.7.2 Mass loss test
As a complimentary technique, mass loss tests were carried out in triplicate on the
ECAPed samples for a period of 24 hours at room temperature. The rectangular samples,
shown in Figure 5.2, were ground up to 1200 grit SiC paper to remove any contamination,
as well as to standardise the surface. The dimensions and weights of the samples were
measured prior to immersion in 170 ml of 0.1 M NaCl solution. After exposure, the
corrosion product was removed with silver chromate, and the weight of corroded samples
was recorded.

5.3

Results

5.3.1

Microstructure analysis

Similarly to the extrusion process, ECAP at 250 °C resulted in grain recrystallization,
phase redistribution and formation of secondary phases in all experimental alloys. The
developed microstructure was then analysed with SEM in BSE mode to reveal the
chemical contrast of the precipitated phases. The complimentary thermodynamic phase
calculation was performed for those alloys with compositions available in the Pandat
database to confirm the phase composition identified by EDAX analysis.
The grain refinement of the as-cast AZ31 structure achieved by alloying was observed with
the optical microscope, and showed that multiple microalloying was successful in grain
refining. The subsequent refinement and grain size distribution of the alloys after ECAP
processing was revealed by EBSD. The effects of the microstructure and grain size
distribution on the properties of the alloyed AZ31 are discussed in detail in the sections
below.

5.3.1.1 Morphology of the ECAPed alloys
The morphology of the baseline AZ31 alloy is shown in Figure 5.5. The primary α-Mg
matrix, which is a solid solution of Mg-Al-Zn, appeared to be enriched with Al and Zn.
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Figure 5.5:
Backscattered SEM image and EDAX maps of the microstructure of
AZ31M alloy after ECAP.

The unexpected particle precipitation was some Mg-Al-Zn phase, confirmed as Mg3Al2Zn
by thermodynamic phase simulation, as seen in Figure 5.6; this must have been caused by
the continuous passing of the billet at the ECAP temperature, resulting in additional
heating. The alloy was subjected to a temperature above 250 °C for a relatively long time,
which, in a sense, resembled heat treatment and actually caused formation of relatively
large, > 1 μm, Mg-Al-Zn phase. This phase arose from regions of Al and Zn enrichment
indicating that Al and Zn atoms were rejected from the solid solution during the ECAP
process. In addition, there were also signs of nanosized β-(Mg17Al12) particles precipitating
as a colony around Mg3Al2Zn. It is worth mentioning that Mg3Al2Zn phase seemed to be
present in a higher proportion than β. The intrinsic Al4Mn and Al-Mn-Fe constituent
particles were uniformly distributed in the microstructure.
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Figure 5.6:
Pseudo-binary phase diagram of AZ31 alloy. The diagram is simulated
according to the exact composition of the alloy determined by ICP-AES (3.3 wt. % Al,
0.99 wt. % Zn, 0.48 wt. % Mn, < 0.01 wt. % Fe).

Similarly to the baseline alloy, the microstructure (Figure 5.7) of AZ31-InAg exhibited Alenrichment of the matrix, a large fraction of uniformly distributed Al4Mn and Al-Mn-Fe
particles, as well as showing some of the Mg3Al2Zn phase that was observed in Figure 5.5.
The multiple microalloying with In and Ag resulted in a rather more complex
microstructure than that of AZ31, in which indium, although dissolved into the Mg matrix,
promoted the segregation of Mg3Al2Zn and Ag. The newly formed Mg3Al2Zn(Ag) phase,
exceeding 5 μm in diameter, was surrounded by colonies of small Mg3Al2Zn precipitates.
Another peculiar feature of this microstructure was the colonies of very fine β precipitates
seen at the Al-enriched regions.
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Figure 5.7:
Backscattered SEM image and EDAX maps of the microstructure of the
AZ31-InAg alloy after ECAP.

The morphology of AZ31-InAs alloy, shown in Figure 5.8, consisted of primary αdendrites well enriched with Al and Zn and In dissolved into the alloy matrix. The
previously observed Mg3Al2Zn and a negligible volume fraction of nanoscale β phase were
also detected at the Al- and Zn-enriched regions. However , in this case, Mg3Al2Zn
appeared to be more dispersed at the Al- and Zn-enriched regions and agglomerated in a
form of colony of particles of about 1 μm in diameter, with only a few elongated rod-like
larger Mg-Al-Zn precipitates. The addition of As lead to the formation of spherical Mg3As2
(~ 1 μm in diameter), as previously identified by Birbilis in Mg-As binary alloy [95]. The
locations of the Mg3As2 phase in the alloy microstructure are interesting: it precipitates
either independently, away from the other phases, or immediately next to a Mg3Al2Zn
phase colony. Numerous block-like Al4Mn and Al-Mn-Fe constituent particles,
approaching a few microns in size, were evenly distributed in the alloy microstructure.
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Figure 5.8:
Backscattered SEM image and EDAX maps of the microstructure of the
AZ31-InAs alloy after ECAP.

The microstructural analysis of AZ31-InSr alloy, Figure 5.9, revealed the enrichment of αdendrites with Al and Zn and colonies of small Mg3Al2Zn and nanosized β-phase
precipitates arising from these regions.
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Figure 5.9:
Backscattered SEM image and EDAX maps of the microstructure of the
AZ31-InSr alloy after ECAP.

Very fine β-phase was observed to form near Mg3Al2Zn, as viewed in Figure 5.10. This
suggests that formation of Mg3Al2Zn was more thermodynamically favourable and
dominated over the formation of β. The addition of In did not lead to the formation of a
new phase (in other words, the In dissolved into the Mg solid solution); however, it might
have stimulated the formation of ternary u-MgAlSr intermetallic. The block-like relatively
large u-phase, ranging from 2 to 5 μm in size, formed at the Al Zn-enriched regions. It
seems as though the formation of this phase suppressed the further development and
reduced the volume fraction of Mg3Al2Zn when compared to the morphology of Ag- and
As-containing alloys.
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Figure 5.10: Magnified backscattered SEM image and EDAX maps of the microstructure
of the AZ31-InSr alloy after ECAP.

Further analysis of the alloy microstructure captured in Figure 5.10 indicated the presence
of an additional binary Mg-Sr phase that could either have Mg17Sr2 or Mg2Sr stoichiometry
[179, 306]. Although it may appear as though Sr segregated with Al-Mn-Fe to form
quaternary Al-Mn-Fe(Sr) intermetallic, careful analysis showed that Mg-Sr phase
precipitated next to the Al-Mn-Fe constituent, and another spherical Mg-Sr was detected in
the Zn-rich region. In addition, the literature review demonstrated that Sr would be more
likely to form Mg-Sr, Al-Sr or/and Al-Mg-Sr phases in Al-containing Mg alloys rather
than incorporate into Al-Mn(Fe) [343]. In addition, a large volume fraction of densely
populated Al4Mn and Al-Mn-Fe particles was observed in the alloy microstructure.
The alloying of AZ31 with Pb resulted in formation of Mg3Al2Zn(Pb) phase surrounded by
colonies of nanoscale early β-phase, as evident in the backscattered electron image of
Figure 5.11.
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Figure 5.11: Backscattered SEM image and EDXS maps of the microstructure of the
AZ31-Pb alloy after ECAP.

Although some fraction of Pb was found to incorporate into Mg3Al2Zn phase, owing to the
phase transformation at the ECAP temperature, some Pb remained in Mg solid solution.
Similar phenomena were observed by Srinivasan when 1 wt.% of Pb was added to AZ91
alloy that was then subjected to heat treatment [344]. In his work, some Pb was detected
within the Mg grains and in Mg17Al12 phase and promoted rather discontinuous
precipitation of Mg17Al12. It was also suggested that Pb reduced the diffusivity of Al in Mg.
Therefore, it may be inferred that the absence of Al and Zn enrichment of α-dendrites
observed in AZ31-Pb was caused by Pb lowering the diffusivity of both Al and Zn in the
alloy matrix, or in other words, causing these solutes to be rejected from the solid solution
to instead form large Mg3Al2Zn phase. This phase was significantly larger in size
compared to the Mg3Al2Zn seen in AZ31, AZ31-InAg, AZ31-InAs, and AZ31-InSr alloys,
exceeding 10 μm in length. It is interesting to note that comparatively fewer Al-Mn(Fe)
particles were identified in the alloy microstructure.
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The microstructure of AZ31-ScMn alloy can be observed in Figure 5.12, where the
primary α-dendrites, although enriched with Al, show poor Zn enrichment. The EDAX
analysis identified a small fraction of elongated, 1–7 μm in size, Mg3Al2Zn phase
surrounded by colonies of smaller precipitates of the same composition. The alloy matrix
also contained an aggregate of spherical intermetallic compounds AlMnFe(Sc) and
AlMnSc, approaching 5 μm in diameter. The incorporation of Sc into Al-Mn(Fe) was
previously observed in the Mg-Al-Zn alloy system, however the composition of these
phases was misinterpreted and reported as Al3Sc [162] or Mg-Al-Sc-Mn [174]. A closer
analysis of the region marked as “A”, Figure 5.13, revealed the presence of nanosized
needle-shaped Al3Sc precipitates at the Al-rich regions.
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Figure 5.12: Backscattered SEM image and EDAX maps of the microstructure of the
AZ31-ScMn alloy following ECAP.
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Figure 5.13:
Figure 5.12.

Magnified backscattered SEM image and EDAX maps of the region “A” on

The presence and stoichiometry of this phase are consistent with the thermodynamic
simulation shown in Figure 5.14. These precipitates were not isolated from each other;
instead, they appeared to form a pile. In the Al-rich region, as well as Al3Sc precipitates,
early β-phase was identified, along with Al4Mn particles. The precipitation of nanosized
Al-containing particles, other than the Al4Mn constituents, at the grain boundaries was
triggered by the ECAP.
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Figure 5.14: Pseudo-binary phase diagram of AZ31-ScMn alloy. The diagram is
simulated according to the exact composition of the alloy determined by ICP-AES (4.28
wt.% Al, 1.01 wt.% Zn, 0.65 wt.% Mn, < 0.01 wt.% Fe, 0.03 wt.% Sc).

The microstructural features observed in the modified AZ31 alloy are summarised in Table
5.2. Although most of the alloying elements were added at concentrations below their
solubility limit in Mg, (except for As, which has no solubility in Mg) a number of new
secondary phases formed. These were mostly coarse particles exceeding 1 μm. It merits
comment that ECAP processing promoted the formation of ternary Mg3Al2Zn phase in all
alloys. This phase has been reported to form in AZ series alloys subjected to heat treatment
[302]. This implies that the selected ECAP temperature and 4 passes favoured the
precipitation of this phase despite the alloying elements added to AZ31. Therefore, the
AZ31 alloy properties could be expected to be negatively affected by the heterogeneous
microstructures yielded by ECAP under the conditions used here.
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Table 5.2: Summary of the microstructural features of the ECAPed alloys.
Alloy!

Al Zn-enrichment!

β!

Additional phases!

AZ31M2!

Al and Zn enrichment!

Colonies of nanosized β !

Mg3Al2Zn ~ 2 μm!

InAg!

Al only enrichment!

Colonies of nanosized β !

Mg3Al2Zn, Mg3Al2Zn(Ag) > 5μm!

InAs!

Al and Zn enrichment!

Colonies of nanosized β !

Mg3Al2Zn, "
spherical Mg3As2 > 1μm!

InSr!

Al and Zn enrichment!

Colonies of nanosized β !

Mg3Al2Zn, u-MgAlSr > 2μm, #
rod-like Mg17Sr2 > 1 μm!

ScMn!

Al only enrichment!

Colonies of nanosized β !

Mg3Al2Zn, block-like#
AlMnFe(Sc) > 1μm, "
needle-shaped Al3Sc < 1μm!

Pb!

Not enriched !

Colonies of nanosized β !

Large elongated AlZn(Pb) ~ 10 μm!

5.3.1.2 Grain structure of the as-cast alloys
The effects of the alloying on the as-cast microstructure of the baseline AZ31 were
examined by optical microscopy to obtain a general overview of the strength of the grainrefining effects produced by the various elemental additions. Figure 5.15 displays typical
microstructures of the as-cast alloys. The microstructure of AZ31 was a relatively coarsegrained structure, with uniformly distributed precipitates formed upon cooling. The AZ31InAs, -InAg and –InSr alloys exhibited somewhat more refined grain structures compared
to that of the baseline alloy, while the alloys containing ScMn and Pb showed further
reductions in grain size, with the most notable refinement achieved by Sc addition. It
should be noted that the Sc-containing alloy also had an intentionally increased
concentration of Mn, which could further facilitate the grain refinement of the alloy,
bearing in mind the reported ability of Mn to refine the grains in Mg [19, 24, 345].
Therefore, based on the observations above, the grain sizes of the as-cast alloys decreased
in the order: AZ31> AZ31-InAs > AZ31-InAg > AZ31-InSr > AZ31-Pb > AZ31-ScMn.
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Figure 5.15: Optical micrographs of typical alloy grain structures found in as-cast AZ31
experimental alloys.
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5.3.1.3 Grain structure of the ECAPed alloys
Using high-resolution electron backscattered diffraction (EBSD), the crystal orientation
maps and grain area fraction distributions of the ED plane from AZ31 samples deformed
by 4 passes via route C were collected and are presented in Figure 5.16. The different
colours on the maps represent different orientations of the grains. Nearly identical or
dissimilar coloured grains mean that the misorientation angle between the grains is either
low or high, respectively.
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Figure 5.16: EBSD images of the alloy microstructures and grain size distribution plots,
after ECAP (Please note that the dark areas on the EBSD images are the secondary phases
that were etched away during the final step of the sample preparation by PECS technique).

After severe deformation, inhomogeneous structures were produced by splitting the as-cast
microstructure into fine, equiaxed, dynamically recrystallized grains and large, fully
recrystallized grains. This structure was especially evident in the reference alloy AZ31, and
closely resembled the bimodal structure observed in the extruded alloys. Bands of large (10
to 70 μm in size), fully recrystallised, basal grains constituted almost 70% of the area
fraction, with only 10% of finer grains (1 to 5 μm in diameter). This broad distribution
resulted in an average equivalent diameter of the grains (or “average grain size”, for
simplicity), of 15 μm.
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AZ31-InAg alloy showed relatively equal fractions of fully recrystallized grains and fine
dynamically recrystallized grains. Grains with sizes between 10 and 35 micrometers
accounted for approximately 45% of the area, with the rest of the grains ranging between 1
to 8 μm. The average grain size of this alloy was 6.62 μm, which is less than half the
average size detected in AZ31. This substantial reduction in average grain size of the alloy
can be mainly attributed to the solute effect of In. It can be hypothesized that In effectively
counterbalanced the negative effect of the large Mg3Al2Zn(Ag) phase particles that may
have otherwise acted as nuclei for grain growth.
The average grain size of the InAs-containing alloy was 13 μm, similar to the reference
alloy average grain size. However, the actual grain size distribution was different, with
only a few large basal grains seen on the EBSD map of AZ31-InAs alloy. According to the
grain size distribution plot, these basal grains reached about 60 μm in size, and accounted
for approximately 24% of the alloy area fraction. Despite this, a large number of very fine,
dynamically recrystallized, grains was formed after ECAP. The formation of a large
fraction of 1 to 5 μm grains was brought about by the combination of the solute effect of In
and grain boundary pinning by fine Mg3As2 phase precipitates (those < 1 μm in diameter,
as seen in Figure 5.8).
Relatively more refined grain structure was obtained in AZ31-InSr. The alloy structure was
composed of severely elongated grains ranging between 1 to 28 μm, with larger grains
accounting for only 10% of the area fraction. Therefore, a markedly lower average grain
size of 5.74 μm was attained. The more uniform grain size distribution is ascribed to the
effects of In and Sr refining the as-cast microstructure of AZ31. Most of the refinement can
be credited to the solute effect of In, given the fact that Sr formed large binary Mg-Sr
phase which would serve as nuclei for grain growth rather than pin grain boundaries.
A significantly refined and comparatively uniform grain structure was established in
AZ31-Pb alloy, with an average grain size of 3.44 μm. The microstructure became more
homogeneous as a result of effective solute refinement by Pb.
AZ31-ScMn alloy showed a bimodal grain structure, with fine (1-10 μm) equiaxed grains
and large (~60 μm) basal grains accounting for approximately 40% and 20% of the area
fraction.
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The produced inhomogeneous grain structures of the alloys can be mainly attributed to the
180° rotation of the billet used in route C [346]. This means that the billet was only
deformed in one plane, but the shear strain was reversed every alternate extrusion cycle,
giving a redundant strain every even number of passes. The EBSD maps showed the
presence of very large grains of similar dimensions to the initial as-cast grain size, however
with a different, somewhat elongated shape. This suggests that the as-cast structure was
fully recrystallised rather than preserved. These large grains contained few fine grains
appearing in bands. The ECAPed microstructure thus consisted of large fully recrystallised
up to 70 μm grains containing an inhomogeneous distribution of fine 1-5 μm grains, some
of which were submicron size, as depicted in Figure 5.16.

5.3.2

Mechanical properties of the ECAPed alloys

5.3.2.1 Tensile performance of the ECAPed alloys
An attempt to evaluate the tensile behaviour of the ECAPed alloys was made and the
obtained stress-strain curves are displayed in Figure 5.17. The tensile curves for all alloys
had similar stress-strain behaviour, but this behaviour simply indicated instability resulting
from the experiment set-up, i.e. slipping of the mini-tensile specimen inside the insert
plates. The deformation in tension mode was furthermore affected by the stress
concentration accumulated at the shoulder radius of the specimen, as depicted in Figure
5.17. The stress concentration arose because there were insufficient grains within the gauge
length, and also because of the inappropriate ratio between the gauge length, width and
shoulder radius of the sample. The insufficient number of the grains, however, was
unexpected, since substantial and uniform grain refinement was expected from ECAP.
Moreover, the lack of material forced the use of under-deformed regions of the ECAP
sample. As such, all the samples failed prematurely and thus it was not possible to obtain
reliable elongation values of the alloys.
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Figure 5.17: The tensile curves of the ECAPed AZ31 alloys and the typical failure point
(image on the right hand side). The magnified plot at the bottom indicates the slipping of
the sample between the insert plates.

Although it was not feasible to assess the ductility of the alloys, the proof strength was
extracted from the stress-strain curves, and the values are summarized in Table 5.3. The
yield strengths of the alloys decreased in order of AZ31-InAg > AZ31- ScMn > AZ31 >
AZ31-InSr > AZ31-Pb > AZ31-InAs; however, the values did not differ greatly. Besides,
owing to the low reproducibility of the tensile results, it is reasonable to say that all the
alloys had similar yield strengths within a range of 110-130 MPa. Although the InAgcontaining alloy had the highest yield strength, 130 MPa, and AZ31-InAs the lowest, 107
MPa. The 27 MPa difference may simply be within the error in the experimental setup.
Table 5.3: Mechanical properties of ECAPed alloys.
Alloy!

Average σy,#
(MPa) !

Average micro
hardness, (HV)!

Average grain
size, (μm)!

AZ31M2!

124!

67 ± 3!

15!

InAg!

130.5!

68 ± 3!

6.62!

InAs!

107!

70 ± 2!

13.5!

InSr!

116!

69 ± 2!

5.74!

ScMn!

125!

69 ± 3 !

11.43!

Pb!

111!

71 ± 3!

3.44!
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5.3.2.2 Microhardness of the ECAPed alloys
Having encountered difficulties gaining valid data from the mini-tensile test, Vickers
microhardness measurements were performed on the ECAPed samples to obtain
mechanical property information. A number of microhardness readings were taken across
the surface parallel to the extrusion direction, and the average values with standard
deviations were recorded. The distribution of the Vickers hardness of the alloys was
plotted against the average grain size obtained from the EBSD orientation maps. Figure
5.18 shows that the highest average microhardness was attained by alloying with Pb, and
the lowest was measured in the baseline alloy. The increase in hardness did not directly
correspond to the decrease of the average grain size of the alloys, as would be expected
from the Hall-Petch relationship. It is however acknowledged that this relationship does
not account for the influence of the grain size distribution in the heterogeneous ECAPed
microstructures [327]. All in all, alloying of AZ31 does increase the hardness obtained
after ECAP. The order of alloy hardness was: AZ31-Pb > AZ31-InAs > AZ31-InSr >
AZ31-ScMn > AZ31-InAg > AZ31.

Figure 5.18:

The Vickers microhardness of the ECAPed alloys.
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5.3.3

Macrotexture analysis of the ECAPed alloys

The crystal plane normals of the ECAPed alloys plotted with respect to the sample frame
constitute a Pole figure, as presented in Figure 5.19. The textures of the alloys produced by
four ECAP passes via route C show a somewhat asymmetrical split of double peak
intensity with basal planes aligned along the normal direction (ND). The shear deformation
appeared to rotate the basal texture around the (ND), so that the stronger peak intensities of
the alloyed AZ31 were observed to be inclined at ~ 45° to the extrusion direction (ED),
while the opposite was the case for the baseline alloy. The strong tendency of AZ31 to
align its basal planes with the (ND) is concomitant with the earlier observations from the
EBSD orientation map in Figure 5.16. All alloying elements had an effect on rotating the
basal poles away from the (ND), showing slight decreases in the texture intensity from that
of the baseline alloy with additions of InSr, InAg and Pb, although the intensities of the
alloys containing, ScMn and InAs exhibited values similar to those of the base alloy.
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Figure 5.19:

Max= 3.98!

AZ31-InAg!

Basal Pole figures of the ECAPed AZ31 alloys.

In addition to the texture rotation during ECAP and thus development of alloy-specific
texture components [279, 347], it was also noted the texture underwent a process of
sharpening and fragmentation, which can be associated with recrystallisation. The more
evident inclination of the basal poles in the alloyed AZ31 towards the (ED) may be
indicative of a higher volume fraction of recrystallised fine grains in the alloys. This
assumption correlates well with the observed grain refinement in Figure 5.16.
The inverse pole figures of the ECAPed alloys are displayed in Figure 5.20, where strong
fibre texture is observed. The inverse pole figure of the reference AZ31 alloy exhibits a
typical simple fibre texture which is common to all HCP alloys and manifests in the
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alignment of the basal planes with the extrusion axis; however, there is a strong tendency
for the [11-20] direction to align with the extrusion axis.
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[10-10]!

[11-20]!

[0001]!

Max= 1.6!

Max= 1.5!

AZ31-InSr!

[10-10]!
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Max= 1.9!

AZ31-Sc!

[10-10]!

[0001]!
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Figure 5.20: Inverse Pole figures of the ECAPed AZ31 alloys relative to the extrusion
direction (ED).

The absence of the usual basal fibre in the inverse pole figure of AZ31 is due to the
alignment of the basal planes with the ND as observed in the basal pole figure, Figure 5.19.
Such alignment is also concomitant with the results observed from the EBSD map in
Figure 5.16, where the AZ31 microstructure showed large elongated basal grains aligned
with the ND. Interestingly, the alloying of AZ31 resulted in different ECAP texture. As
such, although weak peak intensity at [0001] with angular diffusion is seen in the AZ31
Inverse pole figure, all other alloys showed a strong orientation peak at [0001] with an
angular diffusion of the basal planes from ED in the range of 20-50°. Even though the
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texture intensities calculated from the inverse pole figures were similar, all alloying
additions affected the texture of AZ31 by rotating the c-axis away from the ND towards
the ED. The mechanism involved in this texture development is not clear and requires
future investigation.

5.3.4

Corrosion performance of the ECAPed alloys

5.3.4.1 Electrochemical response of the ECAPed samples
The electrochemical response of the ECAPed samples was examined using
potentiodynamic polarisation, and representative curves are depicted in Figure 5.21.
The corrosion kinetics of the baseline alloy, displayed in black, were modified with the
addition of all alloying elements. InSr and ScMn lead to a shift of the cathodic branch
towards higher current density values, while the addition of InAg and even more so Pb,
accelerated the anodic dissolution of the alloy. Multiple alloying with InAs had little effect
on the anodic kinetics, but was beneficial in that it suppressed the cathodic reaction. This
effect was previously observed in the extruded AZ31-As alloy discussed in Chapter 4.
Although the addition of InSr produced a pronounced increase in cathodic rate, the anodic
kinetics were appreciably suppressed. Similarly, alloying with Pb resulted in more sluggish
cathodic activity in comparison to the AZ31 alloy. Ennoblement of corrosion potential of
AZ31 by about 50-100 mV was noted with additions of ScMn and InSr respectively, which
agrees well with the observed enhancement of cathodic kinetics of these alloys. The rest of
the alloys, however, showed marginal (< 50 mV) shifts of corrosion potential towards
more negative values than that of the base alloy.
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Figure 5.21: Representative potentiodynamic curves of the ECAPed AZ31 alloys in
quiescent 0.1 M NaCl.

Although the basic influence of the alloying can be deduced from the representative
polarisation curves in Figure 5.21, because of the inherent microstructural heterogeneities
of Mg alloys and the ECAP bimodal grain structure, corrosion potential and corrosion rate
values may vary quite substantially each time the polarisation measurement is carried out.
Therefore statistical analysis is required to accurately assess the tendency of the elemental
additions to influence corrosion potential and rate. The instantaneous corrosion current
(icorr) and corrosion potential (Ecorr) were obtained from the experimental results by Tafeltype fits to the polarisation curves of each alloy (Figure 5.21). Therefore, the data are
presented as a cumulative distribution plot in Figure 5.22 to allow ranking of the effects of
the various additions on corrosion potential and corrosion rate values.
The corrosion potential distribution plot in Figure 5.22 shows that alloying had both
“positive” and “negative” influences on the corrosion potential of AZ31. The addition of
InSr and ScMn led to positive shifts of Ecorr, which correlate well with the increased
cathodic kinetics seen in Figure 5.21. In contrast, the alloys containing InSr, InAg and
InAs had lower potentials, consistent with their enhanced anodic dissolution.
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Cumulative distribution (%)

Cumulative distribution (%)

Figure 5.22: Cumulative distribution plots of corrosion potential (Ecorr) and corrosion rate
(icorr) values obtained from potentiodynamic polarisation curves of the ECAPed AZ31
alloys.

Further analysis of the divergent effects of the various alloying additions on corrosion
kinetics of AZ31 may be collated in a plot of Ecorr versus icorr, Figure 5.23. AZ31 alloy is the
baseline, or zero-point for the alloying additions being studied. Alloys containing InAg and
InAs were located in the third quadrant in the plot, showing that they reduced the cathodic
kinetics of AZ31. The positive effect of these elements on the cathodic kinetics was
concomitant with the reduction of corrosion potential seen in Figure 5.22; the tendency of
these elements to suppress the cathodic rates of the baseline alloys can be explained on the
basis of a combination of the effect of In, which was previously observed to reduce the
cathodic kinetics of the extruded AZ31-In alloy discussed in Chapter 4, and the effect of
As, which prevents hydrogen recombination, i.e. interrupts the hydrogen evolution reaction
taking place on the cathode, on the alloy surface [95]. The effect of Ag on retarding the
cathodic reaction rate is somewhat unexpected, because the literature suggests that low
level additions of Ag (0.1 wt.% and 0.5 wt.%) to AZ91 shift the cathodic branch towards
higher current density values [37]. The opposite effect, however, is observed in this work
and attributed to the effect of Ag to promote Mg3Al2Zn(Ag) phase, which although it is
larger in size is lower in volume fraction. Therefore Ag moderates the cathodic effect of
this phase by decreasing its volume fraction in the matrix.
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Figure 5.23:

Corrosion potential, Ecorr, versus icorr for ECAPed AZ31 alloys.

Alloying with InSr placed the AZ31 alloy into the second quadrant of the Ecorr vs. icorr
diagram, indicating that these metals decrease the anodic reaction rate of the alloy. The
reduced anodic kinetics of this alloy are associated with sufficient Al-enrichment of the
Mg-dendrites. Aluminium is known to reduce anodic rates in Mg when added below the
solubility limit. In addition, the negative effect on the cathodic kinetics, which was
expected to be imparted by the presence of Sr-containing secondary phase, was effectively
counteracted by the presence of In the alloy matrix. On the other hand, owing to the
formation of a large volume fraction of densely populated AlMnFe(Sc) intermetallics, the
AZ31-ScMn alloy was located in the first quadrant of the plot, showing that these elements
increase the cathodic kinetics. This is in contrast to the observed effect of Sc that decreased
the cathodic reaction rate of extruded AZ31. These contrasting effects may arise from the
different concentrations of Al, Mn and Sc in the extruded and ECAPed AZ31 alloys. In
addition, one may consider the temperature effect on the formation of the Sc-containing
phases. The comparatively long exposure of the AZ31-ScMn alloy to 250 °C in the ECAP
die might have given a rise to the precipitation and growth of large AlMnFe(Sc) particles.
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The opposite effect was observed in AZ31-Pb alloy where Pb stimulated the anodic
dissolution of AZ31; this effect may be assigned to the fine grain structure of the alloy
which promotes anodic dissolution because of its high grain boundary density [59, 267,
269, 273, 276].
In relation to the observations above, it can be concluded that multiple microalloying does
influence the electrochemical behaviour, i.e. corrosion kinetics, of AZ31 alloy. The
ennoblement or reduction of corrosion potential did not necessarily result in either lower or
higher overall corrosion rates because the elements can have more than one effect on the
kinetics of AZ31, and can impact both cathodic and anodic reaction to different extents,
and in different directions. Based on the extracted values of icorr from polarisation curves,
the corrosion resistance of the alloys increased, i.e. icorr decreased, in the order AZ31-ScMn
> AZ31-Pb > AZ31 > AZ31-InAg > AZ31-InSr > AZ31-InAs.

5.3.4.2 Long term corrosion performance of the ECAPed alloys. Mass loss test.
The correlation between mass loss test results and corrosion rate obtained from
potentiodynamic polarisation is plotted in Figure 5.24. The relationship between the mass
loss rate and corrosion current density of the alloys is rather ambiguous and thus does not
show a clear ranking, although a general trend can be observed. As such, the alloys with
lower icorr tend to exhibit higher mass loss rates, increasing in order AZ31-Pb < AZ31 <
AZ31-InAg < AZ31-InSr < AZ31-InAs. The increased long-term corrosion rates of AZ31InAs and AZ31-InAg alloys is attributed to the decreased cathodic kinetics of the alloys
which then results in delayed formation of the passive film on the alloy surface.
Conversely, the increased anodic activity of the AZ31-Pb alloy leads to faster Mg
dissolution and therefore faster precipitation of the corrosion product on the alloy surface,
which then serves as a physical barrier to further attack by Cl- ions.
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Figure 5.24: The relationship between corrosion rate from potentiodynamic polarisation
and mass loss in 0.1 M NaCl for ECAPed AZ31 alloys.

None of the alloys exhibited both lower icorr and mass loss corrosion rates than those of
AZ31, and the distribution of the corrosion rates was virtually within the standard
deviation of the corrosion rate of the baseline alloy. The corrosion properties of the
ECAPed alloys are summarized in Table 5.4.

Table 5.4: Corrosion properties of ECAPed alloys.
Alloy!

Average icorr,"
(μm) !

Average Ecorr, "
(VSCE) !

Average mass loss rate,"
(mg/cm2  day)!

AZ31M2!

15 ± 6!

-1.53 ± 0.02!

0.69 ± 0.15!

InAg!

14 ± 3!

-1.55 ± 0.01!

0.70 ± 0.24!

InAs!

11 ± 4!

-1.57 ± 0.01!

0.82 ± 0.25!

InSr!

13 ± 2!

-1.52 ± 0.03!

0.72 ± 0.07!

ScMn!

17 ± 9!

-1.51 ± 0.02!

0.75 ± 0.11!

Pb!

16 ± 4!

-1.55 ± 0.01!

0.50 ± 0.20!

185

5.4

Discussion

The results outlined above show that ECAPed alloys had complex microstructures, mainly
composed of α-Mg solid solution enriched with Al and Zn, nanoscale colonies of βMg17Al12, Mg3Al2Zn of various sizes, and many Al-Mn(Fe) constituent particles. The
microstructure of the Pb-containing alloy was different, and much more homogeneous.
Additional binary and ternary phases were formed in AZ31 -InAs, -InSr, and -ScMn alloys,
as summarised in Table 5.2. The Mg3Al2Zn precipitates varied in size and shape depending
on the alloying element added to AZ31. Particles ranged from 1 to 6 μm in width and 1 to
25 μm in length, with the smallest precipitates noted in AZ31 and the largest in AZ31 InAg and -Pb alloys. The Pb and Ag atoms were incorporated within the Mg-Al-Zn phase,
leading to the depletion of Al (and Zn in AZ31-Pb) from the matrix and precipitation of
large Mg-Al-Zn intermetallics. It may be inferred that such alloying stimulated the growth
and precipitation of Mg-Al-Zn intermetallic during ECAP.
It is acknowledged that the level of grain refinement attained during the deformation
process depends on the starting grain size of the alloy. The studied alloys had relatively
similar as-cast grain sizes, with AZ31-ScMn visibly showing the finest and AZ31 the
coarsest grains. The mechanism of grain refining provided by Sc and Mn atoms can be
explained on the basis of these elements solidifying at higher temperatures than the rest of
the melt. The solidification of Sc and Mn prior to the rest of the melt generates seed
crystals that act as templates. When the rest of the melt falls below its melting point, it can
thus began to solidify on the seed crystals produced by Sc and Mn. As such a nearly equal
number of crystallites could be produced and hence the size of any one grain was limited.
Similar to the effect of Sc and Mn, atoms of Ag, As and Sr, although they have lower
melting temperatures than those of Sc and Mn (Tm: Ag 961 °C, As 817 °C, Sr 764 °C vs.
Sc 1539 °C, Mn 1245 °C) also served as nucleants, promoting heterogeneous grain growth
in the form of dendrites. Further grain growth, however, was suppressed by indium atoms
in the solute which caused grain refinement by a boundary pinning mechanism. It has been
reported that In nucleants in Mg have a strong grain refinement effect, comparable to Zn
[319]. Therefore the grain refinement of the as-cast AZ31 structure was achieved via two
possible mechanisms: nucleant particles, e.g. AZ31-ScMn, and/or solute effects, e.g.
AZ31-Pb, AZ31-In-containing alloy.
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To further refine the grains of the as-cast structure, a severe plastic deformation process,
ECAP route C, was employed. To substantially improve the mechanical properties of the
alloy the grain size usually needs to be decreased to the micron to submicron range.
However to form such fine grains a very high density of new high-angle grain boundaries
must be generated, with a spacing approaching the subgrain size during ECAP [338].
However the selected route C was found to not provide a high enough rate of formation of
high-angle boundaries per ECAP pass. This is mainly due to the 180° rotation angle of the
billet after each pass, which produces redundant strain [348]. So although EBSD
examination showed that the AZ31 alloys were refined from the as-cast structure, this
refinement was not sufficient to create a homogeneous fine grain structure. The EBSD
orientation maps also revealed that the microstructure of the alloys comprised a bimodal
distribution of coarse and fine grains. This coarse microstructure was refined with the
addition of Sr or Ag or, most effectively, with Pb. A mixture of sub-, low- and high-angle
boundaries was observed in the alloys with apparent dominance of low-angle boundaries in
most alloys, apart from AZ31-Pb, Figure 5.16. The inhomogeneous structure was a result
of the increase in temperature that occurred during consecutive ECAP passing of the billet;
this increase then led to the coalescence of particles that were held for sufficiently long
time at temperatures > 250 °C. It has been previously documented that lower ECAP
temperatures, < 200 °C, are more effective in refining the alloy microstructure [349, 350],
in view of rather suppressed dynamic grain growth or dynamic recrystallization at lower
temperatures. Having said that, lower temperature may lead to cracking of the billet,
because insufficient number of slip systems for uniform deformation may be activated at
temperatures below 250 °C, i.e. only basal and prismatic slips can be activated in Mg HCP
crystals.
Although the grain size of the ECAPed samples was decreased, in particular in AZ31InAg, -InSr and Pb alloys, the yield strength did not increase, in contrast to the values
found for the extruded samples discussed in Chapter 4. Moreover, the ECAPed baseline
alloy, with the largest average grain size of ~15 μm, showed a yield strength higher than
those of the alloys with finer grains. Similar results were observed by Yoshida, whereby
the grain size and the proof strength decreased with the number of ECAP passes [350].
This implies that the tensile strength was influenced by the crystallographic texture,
because of the strong anisotropy of the slip systems at room temperature. In this vein,
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extrusion tended to produce (0001)<-1-120> or (0001)<10-10> textures in Mg [330],
meaning that for extruded alloys, slip on the basal plane is difficult, and thus the strength
of these alloys increases, as indicated in Chapter 4. However the texture developed during
ECAP is different and has been reported to result in reduced yield strength in AZ31 alloy
[277, 351]. This was consistent with the strong texture produced by ECAP, and quantified
by texture intensities observed in Pole and Inverse Pole figures, such as those of Figure 19
and 20. However the results outlined in this chapter showed that the drop in the yield
strength in AZ31 is not necessarily correlated to the strong texture of the alloy. The studied
alloys had relatively weak texture, but the alignment of the basal planes was such that slip
on the basal plane was favoured, leading to low tensile strength due to the development of
the shear texture brought about by processing route C. More specifically, owing to the 180°
rotation of the billet at each ECAP pass, the shear plane was re-established in fresh
material with each pass. Consequently a ~45° shift of the basal peaks towards the ED was
observed in the ECAPed alloys, resulting in “soft” texture. The “soft” texture aligned the
basal planes at 45° to the tension axis, which was parallel to the ED, and thus promoted
easy activation of basal slip at room temperature. Bearing in mind that basal slip in Mg
HCP crystals has the lowest critical resolved shear stress at room temperature, the resultant
yield stress of the alloys showed low values. The reduction of tensile strength was
previously observed in ECAPed AZ series alloys and was attributed to the “soft” texture
effect. However having this alignment of the basal planes to the tension axis is favourable
for uniform ductility and thus enhanced elongation and toughness [277, 328]. In the
present work, it was unfortunately not possible to obtain strain to failure values for the
alloys because of problems with the sample geometry and tensile test apparatus. This
aspect of alloy behaviour is still to be examined in detail.
Therefore, it may be concluded that the tensile strength was influenced by the
crystallographic texture caused by strong anisotropy of the slip systems at room
temperature. The deformability of the coarse grains is generally lower than that of the fine
grains. The inhomogeneous grain structure and relatively large average grain size did not
allow for twinning to occur and contribute to more uniform deformation. Consequently
only the deformation caused by dislocation slip on basal planes could operate during
tension at room temperature.
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The effects of alloying on the corrosion properties of the ECAPed alloy were evaluated by
observing the shifts of anodic and cathodic branches of the polarisation curve relative to
that of the baseline alloy. Owing to the presence of secondary phases, their particular
chemistry, volume fraction and distribution in the microstructure, some alloys exhibited
faster anodic or/and cathodic reactions. A combination of Al depletion from the primary
Mg dendrites and significantly refined grain size of AZ31-Pb rendered this alloy more
anodically active. Contrary to Pb, the addition of InSr decreased the anodic kinetics of
AZ31 owing to formation of Mg17Sr2 and AlMgSr, which reduced the volume fractions of
β and Mg3Al2Zn and thus decreased corrosion rates. The corrosion rates of InAg and InAs
containing alloys were reduced because these elements decrease cathodic kinetics of AZ31.
The increased concentration of Al and Mn in the AZ31-ScMn alloy led to the complex
interaction between Sc and Al-Mn(Fe) particles. This resulted in the formation of many
large AlMnFe(Sc) particles in the alloy matrix, which subsequently increased the cathodic
kinetics of the alloy. Bearing in mind the comparatively low catalytic activity, small size
and low volume fraction of Al3Sc, these precipitates were benign to the matrix.
There was no clear relationship observed between icorr and grain size of the ECAPed alloys,
Figure 5.25.
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Figure 5.25: The relationships between (A) Vickers microhardness, (B) corrosion rate,
icorr, (C) mass loss rate and grain size of the ECAPed AZ31 alloys.

This was probably because of the broad grain size distribution, where small grains dissolve
first and thus form an unstable passive film that would have different adhesion from that
formed over the larger grains. There was a weak linear correlation between hardness and
grain size, and some correlation could also be established between the mass loss rate and
the grain size. Although more data points are required to establish the exact form of the
relationship between the long term corrosion rate and the grain size, a supposition can be
put forth that there is a tendency for the alloys to exhibit lower weight loss with finer grain
size. The alloys exhibiting lower current densities tend to have higher mass loss rates.
Moreover, the alloys with smaller grain size show lower mass loss rates. Changes in the
reactivity of the alloy surface are brought about by the variation in grain boundary density.
So, for example, the Pb-containing alloy, which had the finest and most uniform grain
distribution, had a higher instant corrosion rate resulting from accelerated anodic kinetics.
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The increased dissolution rate was partly connected to the refined microstructure of the
alloy. As such the alloy surface becomes more reactive owing to the high grain boundary
density; the faster anodic dissolution also means faster passivation, and thus a decrease in
cathodic kinetics. This was noted in Figure 5. 24, where the relationship between the
instant and long term corrosion rate was plotted. These results are in good correlation with
the pioneering study by Ralston, reporting the relationships between the grain size and
corrosion kinetics, and finding that the environment essentially dictates the relationship. In
passivating conditions, faster anodic kinetics produce corrosion product and thus result in
lower corrosion rates, and the opposite applies if the sample is exposed to an environment
outside of the Mg passive window [59]. This trend suggests that while fine-grained
structure might have mildly affected the instantaneous corrosion rate, Figure 5.25, it had
more influence on the long-term corrosion of the alloys. It is then expected that finegrained alloys would have improved long-term corrosion rates because their initially
accelerated anodic dissolution results in faster passivation of the alloy surface and thus
better corrosion resistance.
The relationship between microhardness and corrosion resistance (rate) of the ECAPed
AZ31 alloys is plotted in Figure 5.26a,b. The distribution observed in plot (a) indicates that
alloying with InAs, InSr, or InAg had a positive effect, producing a small increase in
hardness and reduction in corrosion current density. The distribution in plot (b) is similar,
but shows that addition of Pb was the most effective at reducing the mass loss of AZ31.
The positive effect of these elements on the cathodic kinetics was concomitant with the
reduction of corrosion potential seen in Figure 5.22; the tendency of these elements to
suppress the cathodic rates of the baseline alloys can be explained on the basis of a
combination of the effect of In, which was previously observed to reduce the cathodic
kinetics of the extruded AZ31-In alloy discussed in Chapter 4, and the effect of As, which
prevents hydrogen recombination, i.e. interrupts the hydrogen evolution reaction taking
place on the cathode, on the alloy surface [95]. The effect of Ag on retarding the cathodic
reaction rate is somewhat unexpected, because the literature suggests that low level
additions of Ag (0.1 wt.% and 0.5 wt.%) to AZ91 shift the cathodic branch towards higher
current density values [37]. The opposite effect, however, is observed in this work and
attributed to the effect of Ag to promote Mg3Al2Zn(Ag) phase, which although it is larger
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in size is lower in volume fraction. Therefore Ag moderates the cathodic effect of this
phase by decreasing its volume fraction in the matrix.

(a)!

(b)!

Figure 5.26: The relationship between Vickers microhardness and corrosion rate
determined by (A) potentiodynamic polarisation technique, icorr, (B) immersion mass loss
test for microalloyed and ECAPed samples.

5.5

Summary

The work presented in this chapter focused on the combined effects of multiple
microalloying with InAg, InAs, InSr, Pb and ScMn, and severe plastic deformation
(ECAP) on the mechanical and corrosion performance of AZ31. The four continuous
presses of the billet through the ECAP die via route C resulted in phase redistribution and
precipitation of many secondary phases that formed between alloying elements and metals
in the original AZ31. The temperature rise resulted in heterogeneous microstructures of the
alloys. The processing of the samples via route C was detrimental to the texture and
mechanical performance of the modified AZ31 alloy. The ECAP process had affected the
alloy properties far more than any effects of multiple microalloying.
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The main findings are summarised below:
Effect of alloying on as-cast microstructure:
•

Alloying elements could refine the as-cast microstructure of AZ31, with the highest
potency shown by additions of ScMn and Pb.

Effect of ECAP on alloyed microstructure:
•

A large fraction of secondary phases was formed in the alloy microstructure during
ECAP. Most of these particles exceeded 1 micron in diameter, and thus would be
expected to be detrimental to the mechanical properties and corrosion resistance of
the alloys.

•

The following intermetallic compounds were detected in the AZ31 matrix:
Mg3Al2Zn(Ag), Mg3Al2Zn(Pb), Mg3As2, MgAlSr, Mg17Sr2, AlMnFe(Sc), and Al3Sc.

•

The insufficient degree of grain refinement obtained from SPD was mostly because
of the temperature rise in the ECAP die caused by the continuous pressing of the
billet. This continuous pressing was used to generate sufficient amount of strain in
the billet to facilitate grain refinement.

•

The alloy microstructures showed large volumes of larger, fully recrystallised
grains and a smaller fraction of fine, dynamically recrystallised, grains.

•

The largest average grain size (15 μm) and the broadest grain size distribution were
found in AZ31 alloy. The most refined and uniform structure was attained with Pb
addition to the alloy (3.44 μm average grain size)

Effect of ECAP microstructure on mechanical properties:
•

The mechanical properties of the alloys were weakened as a result of the
microstructure and texture imparted by ECAP. The yield strengths of all alloys was
significantly lower than those in the extruded AZ31 alloys. The average yield
strength of the ECAPed AZ31 was 115 MP, which is around half that of extruded
AZ31, 225 MPa.

•

ECAP rotated the basal planes at 45° to the extrusion axis (which was also the
tension axis). This type of “soft” texture favoured basal slip and resulted in low
strength.
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•

The strengthening achieved via grain refinement was overwhelmed by the
weakening effects of this texture.

•

The decrease in grain size had a marginal effect on microhardness, so it increased
in the order: AZ31-Pb > AZ31-As > AZ31-Sr > AZ31-Sc > AZ31-Ag > AZ31.

Effect of microalloying and ECAP on corrosion properties:
•

All alloying elements had an effect on corrosion kinetics of the ECAPed AZ31. The
additions of InAg, InAs and InSr showed positive effects and decreased either the
cathodic or anodic kinetics of the alloy. This resulted in the reduction of overall
(instantaneous) corrosion rate. Alloying with ScMn or Pb produced slight increases
in overall corrosion rate, via increasing cathodic or anodic kinetics, respectively.

•

Long-term corrosion was decreased with addition of Pb; the remaining alloys
showed mass losses within a standard deviation of that found for AZ31.

•

Overall corrosion performance of modified AZ31 alloys was neither greatly
improved nor deteriorated by microalloying and ECAP.

To conclude, overall the results are not what should be considered a success. The
properties measured were not extraordinary and this was because of: (i) shear texture
produced by ECAP route C; (ii) inhomogeneous grain structure resulted from temperature
rise during ECAP; (iii) inappropriate sample geometry of the mini tensile specimens that
was in part due to the limited size of the ECAP produced sample.
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6 Damage

evolution

arising

from

galvanic coupling of Mg and Al with
a noble cathode

6.1

Introduction

This chapter is an extension of the previous two on the basis that a focus is given to the
corrosion damage morphology that evolves upon Mg, as a means of rationalising the
corrosion performance reported (whilst more generally presenting what is new information
and analysis in a unique manner). Current research in light metal alloys design is to a great
extent focused on adapting Mg for many structural applications including in the
automotive and aircraft industries [352]. Thus far, several Mg alloys that possess
acceptable mechanical properties (WE43, AZ-series alloys) have been developed and
commercialised [19, 353]. However, heavy alloy loading is detrimental for the corrosion of
Mg alloys (as discussed in detail in Chapter 2) and thus obtaining both acceptable
mechanical properties and acceptable durability continues to be an engineering challenge.
In this chapter, a focus is given to the comparison of the corrosion damage evolution of Mg
and Al, in particular their dissolution behaviour around a noble cathode. The relevance of
the comparison of these two metals, and how it can aide in the interpretation of Mg
corrosion, is clear in the discussion. A noble cathode can be essentially any secondary
phase, intermetallic particle (IMP) or an impurity that is usually present in the alloy
microstructure (these heterogeneities arise from the low solubility of most elements in Mg,
refer to Table 2.4). The disparity of electrochemical properties, i.e. difference in exchange
current density which dictates the rate of cathodic reaction of these phases/particles
compared to that of Mg, leads to the establishment of microgalvanic couples (although

most literature attributes this phenomenon to the difference in electrochemical potentials
between the matrix and heterogeneities), and as a result to accelerated local attack of the
matrix. This type of attack is the main contributor to the poor corrosion performance of Mg
alloys. According to the vast majority of papers regarding Mg corrosion, it is purported
(often by schematic cartoons) that Mg corrodes around a noble IMP in the same way that
Al does, i.e. by formation of trenches/grooves around the noble IMP.
The corrosion mechanism of the Al matrix depends upon the nature of the IMPs, which
exhibit different electrochemical properties and film-forming characteristics [164, 354356]. For instance, some IMPs contain Fe or/and Cu, such as Al7Cu2Fe, Al3Fe, and Al2Cu,
leading to high dissolution rates of the surrounding Al matrix [357], whereas Mg2Si is
more anodic to the matrix and undergoes selective dissolution [164]. Various suggestions
have been put forth to determine the driving force for this type of corrosion, e.g. local pH
evolution versus local potential gradient [356]. So far the anodic “hole” and cathodic
trench models have been proposed. The anodic trench model combines the influence of the
IMP on the rate of cathodic kinetics, micro galvanic coupling and passive dissolution of
the matrix and rationalises the effects of chloride concentration, and the composition of
particles, as well as the observation that the circumferential attack is independent of the
bulk pH. Having said that, the potential variation on the micrometer scale in a relatively
highly conductive chloride solution, for instance, will be extremely small. The potential at
local cathodes will be slightly higher than that of the matrix and the matrix potential next
to the cathodic particles will again be slightly higher than that far away from the particles.
However, the system reaches a mixed potential with only small ohmic potential drops
between anodes and cathodes unless the anodes and cathodes are separated by a large
distance in a resistive medium. In contrast, the cathodic model of trenching attributes
trenching to a local increase of pH, caused by the products of the oxygen reduction
reaction at the cathodic particles. This type of attack of Al alloy matrix is linked to the
generation of OH- ions at the noble intermetallic particles, e.g. Al-Cu, Al-Fe, Al-Cu-Mn-Fe
(note that the propensity of these particles to promote trenching is not identical). The
reduction of oxygen is believed to contribute to alkaline dissolution of the Al adjacent to
these particles, resulting in an attack morphology that often forms a perimeter around the
particles [355, 358-362].
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Nevertheless, discussion of the ability of either of the models to explain the trenching
behaviour of Al alloys continues. For example, the findings reported by Schneider et al.
indicated trenching of the matrix of AA2024-T3 alloy associated with a local pH increase
above the noble Al-Cu IMP in near-neutral electrolyte [363]. However, the commencement
of trenching was detected to be much earlier in solutions of higher Cl- concentration tested
at pH 3, 6 and 10. On the other hand, computational simulations showed no significant pH
change in acidic or highly alkaline environments, although it should be noted the model
did not account for chloride concentration, because experimental results implied that
chloride concentration did not affect the cathodic kinetics of the alloy [363]. Thus it is
difficult to draw a definite conclusion as to whether trenching of the metal matrix is a local
pH or potential effect.
Bearing in mind the aforementioned mechanism of Al trenching and the fact that Mg is not
an amphoteric metal and also has a tendency to passivate in increasingly alkaline
environments (pH >10.5), alkaline trenching cannot be responsible for the attack around
cathodic particles in Mg alloys. It is thus important to critically assess the suitability of
such a mechanism in relation to localised corrosion of Mg [74-76, 83, 364]. One of the
classic cases where a trenching mechanism is generally invoked, and probably the most
studied one, is the localised corrosion of Mg around the secondary phases in Al-containing
Mg-alloys. The microstructures of these alloys, taking AZ91 as a general example, consist
of the inherent AlxMny, Al-Mn-Fe particles and Mg17Al12 - (β) phase surrounded by a
eutectic mixture of Mg and Al. The current notion is that the corrosion initiation site, i.e.
where dissolution of Mg matrix begins, is at the interface of either β-phase and Mg, or
eutectic and Mg, as shown on Figure 6.1 [365]. Moreover, a continuous distribution of βphase is believed to improve the corrosion resistance of the alloy [74, 77, 78, 81, 365-367].
This however is contradictory to the proposed mechanism that implies the dissolution of
the matrix as a result of galvanic coupling, [21, 49, 109, 134] followed by falling out the
secondary phase [368], and to reports published by other researchers [80]. Importantly, this
hypothesis gives rise to the question “How much Al must be added to the alloy to achieve
the formation of continuous network in order to provide the claimed protective passive
film coverage on the alloy surface?” [86] (which would be significantly more than is in,
say, AZ91); and also, even if the entire surface were only Mg17Al12 - (β) phase, the
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protection would be negligibe, as the inherent corrosion performance of Mg17Al12 - (β)
phase has been reported, and is unsatisfactory in any case [32].
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198

Fig. 5

Schematic presentation of typical possible galvanic corrosion between some of the phases of Mg-Al alloys

Figure 6.2:

Schematic representation of typical possible galvanic corrosion between

Figure2 6.3:

BSE micrograph of corroded AZ91D microstructure after 4 hours exposure
the image is taken from [369].
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barrier against further corrosion.[5] There were also more miASTM B117 after 360 ks. Further decrease tends to provoke
cropores and the pores were somewhat larger in the center of
the localized corrosion near the overflow section. The selection
the samples than towards the sample surfaces. Back-scattered
of optimum wall thickness is useful for the production yields as
SEM images showed that there was much more " phase and the
well as corrosion resistance.[54,55] A significant statement rel" phase was finer in the skin layer of die-cast AZ91D than in
evant to the improvement of passivity can be attributed to the
the sample center.[5,64]
amorphous structure and the beneficial effect of NiO and
[56]
[57]
The " phase serves a dual purpose in corrosion; the " phase
Nd2O3 (for Mg65Ni20Nd15). Krishnamurthy et al. noted a
can act either as a barrier or as a galvanic cathode. When it has
pseudo-passive behavior in rapidly solidified binary Mg-Nd
a beneficial effect to increase the corrosion resistance, the "
alloys, and this was attributed to the modified passive layer
phase is stable in the test solution and it is inert to corrosion
enriched in Nd.[56,57] An improvement of corrosion behavior
attack. So, if the # grains are very fine and the " fraction is not
can be expected by the formation of another oxide in MgO or
too low, the " phase is nearly continuous like a net over the #
through the formation of a double oxide to give a continuous
matrix, and the " phase particles do not easily fall out by
and uniform coverage of the alloy surface under various corundermining. The corrosion of the #-phase is then quite easily
rosion conditions.[58-60] It has been shown that the dissolution
obstructed by corrosion products on its surface, and so corrorates, determined from the volume increase of collected H gas
sion is greatly retarded. The high density of porosity in the
of melt-spun amorphous Mg-Ni-Nd alloys immersed in 3%
center of the sample gives a larger exposed area to corrosion.
NaCl solution, were all much lower than that of pure Mg ribThe electrochemical processes inside of a micro-pore are easily
bon. Mg65Ni20Nd15 exhibited a dissolution rate as low as 965.2
obstructed by corrosion products and corrosion is accelerated
!m/y (38 mpy) in 3% NaCl solution saturated with
by the auto-catalytic pitting mechanism, assisted also by the
Mg(OH)2.[61] Using DP-XPS, Yao et al.[56] ascribed the high
fact that the micro-pores usually originate from defects in the
corrosion resistance of Mg65Ni20Nd15 in 3% NaCl solution
alloy.[64]
saturated with Mg(OH) to the formation of a protective surface film with high
content
oxidized
Nd.%Using
depth
to salt
fogoftest
(5 wt.
NaClAES
at 35
°C),
profile, Gebert et al.[62] attributed the improved corrosion properties of amorphous Mg65Cu25Y10 in high alkaline hydroxide
electrolyte to the formation of a homogeneous, dense and
highly protective passive film. It was reported that some CO3−2
species have been identified in the breakdown film, indicating
that the incorporation of CO3−2 leads to a poor protection of the
Mg surface.[59,63]

4.5 Welding and Localized Corrosion

Welded Mg structures and localized corrosion, and stress
corrosion cracking (SCC) residual stresses heated by welding,
are found particularly dangerous to SCC resistance and so a
low-temperature thermal stress-relief is a recommended practice. Shot peening and other mechanical processes that create
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Another group of researchers proposed pitting corrosion of AM60 alloy, whereby the Mg
matrix underwent dissolution around the perimeter of the more electrochemically noble
AlMn particles [370]. The proposed model, displayed in Figure 6.4, was based on the
corrosion mechanism established for Al alloys containing noble particles, such as Al2Cu or
Al3Fe [360]. Such direct correspondence is unlikely, simply because Mg and Al have
different E v. pH relationships, i.e. passive windows, and thus do not corrode in the same
manner. In addition, neither the corroded alloy microstructures nor measurements of the
pH evolution at the matrix/particle interface during the test were presented; given this lack
of evidence, this theory remains unconvincing.
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attack on primary and eutectic α. Correspondingly, Altun and Sen reported increasing
corrosion rate of AZ63 alloy when exposed to high Cl- concentrations in neutral and
alkaline electrolytes [375]. In a similar way, higher Cl- concentrations promoted localized
attack on AM60 alloy along with greater corrosion rates; this was attributed to breakdown
of the air-formed magnesium oxide by aggressive chloride ions and extensive hydration of
the corrosion product [376].
Although it is noted that solution pH and resistivity/Cl- concentration play an important
role in regards to Mg corrosion, the morphology produced around the noble particles at
varying pH and [Cl-] is not clear. To clarify this, the present chapter reports a comparison
of the attack on pure Mg and pure Al near inserted Fe rods (that act as local cathodes
during exposure to chloride solutions). Specimens were carefully prepared to generate an
“ideal” model system to observe the influence of (micro)galvanic coupling on corrosion
morphology evolution. The specimens were designed to isolate a single cathode on the
microstructural length scale. Since Fe is a common impurity element in both Al and Mg,
either in the form of coarse constituent particles or metallic Fe [13, 19, 24, 69, 72, 377,
378], this study examined the corrosion mechanism of an exaggerated sized Fe particle
embedded in an Al or Mg matrix. This was achieved by co-forging the pure metals with an
Fe rod to obtain Al-Fe and Mg-Fe couples. The effects of electrolyte conductivity (chloride
concentration) and pH were investigated by exposing the metals to distilled water (0 [Cl-]),
and to 10 μM, 1 mM and 0.1 M sodium chloride solutions. The effects of the pH changes
induced by corrosion were examined by comparing samples exposed to unbuffered NaCl
solution and to 0.1 M NaCl solution buffered with borate and adjusted with sodium
hydroxide (NaOH) to pH 7.

6.2

Experimental procedure

The test samples were prepared by co-forging pure Al or Mg with an Fe rod. A hole was
first drilled into a pure Al or Mg piece with a tight clearance for a ~ 1.5 mm diameter Fe
rod, which was pressed into the hole. This Al-Fe or Mg-Fe composite was then forged at
room temperature in an attempt to metallurgically seal the gap between the two metals.
The compositions of “pure” Al and Mg are given in Table 6.1 below.
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Table 6.1: The compositions of “pure” Al and Mg metals.
Fe, wt. %

Si, wt. %

Cu, wt. %

Mn, wt. %

Zn, wt. %

Pure Mg

0.004

0.01

0.002

0.01

<0.01

Pure Al

0.14

0.01

0

0

0

The Al-Fe and Mg-Fe samples were mounted in epoxy resin, as shown in Figure 6.5. The
sample surface was mechanically abraded using silicon carbide paper up to 4000 grit
surface finish with absolute ethanol as a lubricant, followed by ultrasonic agitation, then
dried with an air gun.

Al or Mg matrix!

Fe rod!
200#μm#

25 mm!
Figure 6.5:

Epoxy !

Mg-Fe or Al-Fe samples.

Samples were immersed at open circuit in distilled water and sodium chloride solutions
with different concentrations of Cl- ions: 10 μM, 1 mM, or 0.1 M NaCl. Solutions of
H3BO3 + NaOH were used to buffer the 0.1 M NaCl electrolyte at pH 7. All immersion
experiments were conducted at room temperature in an open beaker with 100 ml of
electrolyte. Optical profilometry was used before and after immersion, and optical
stereoscope imaging was performed on the upward facing sample surface during
immersion, to reveal the morphological changes produced by corrosion attack. The
evolution of the open circuit potential and pH with time were monitored using a saturated
calomel electrode (SCE) and standard pH electrode, respectively. Upon completion of the
immersion test the samples were rinsed with ethanol and dried with an air gun. When
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necessary, the surface was lightly polished with 2000 grit silicon carbide paper to reveal
the condition under the corrosion product.
Potentiodynamic polarisation scans were conducted on pure Al and Mg samples in
buffered and unbuffered 0.1 M NaCl electrolytes to study the corrosion kinetics of the
metals. Each test used fresh solution that was exposed to air with no attempt to deaerate or
aerate it. The potentiodynamic polarisation scans were performed at a rate of 1 mV/s after
10 min of OCP stabilisation in a standard 3-electrode electrochemical cell (PAR)
connected to a Biologic multichannel potentiostat under control of EC Lab software.
Platinum mesh was used as a counter electrode along with a SCE reference electrode. The
exposed sample surface area was 1 cm2. The potentiodynamic scans were repeated six
times to assess reproducibility of the results.

6.3
6.3.1

Results
Galvanic corrosion of Mg-Fe

6.3.1.1 Corrosion morphology of an Mg-Fe couple in distilled water
The progress of corrosion of the Mg-Fe specimen surface exposed to the different solutions
is shown in Figure 6.6. After 2 h in distilled water, image (A), the Mg away from the Fe
acquired a cloudy white surface film, while the area of Mg immediately adjacent to Fe
appears to be brighter in colour.
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Figure 6.6:
Stereoscope images of the Mg-Fe surface during and after exposure to
distilled water, 10 μM NaCl, and 1 mM NaCl electrolytes.

The surface film formation process was accompanied by the appearance of hydrogen
bubbles at several points over the surface of the exposed Mg, i.e. at the Mg/Fe interface as
well as some distance away from the Fe. Owing to the low conductivity of the solution, the
relatively distant regions of the Mg surface were not coupled to the Fe. Open circuit
dissolution of Mg is attended by hydrogen evolution via reactions (Eqn. 6.1) and (Eqn.
6.2), [16]:

Mg  Mg2+ + 2e-

(6.1)

2H2O + 2e-  H2 + 2OH-

(6.2)
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After 18 h of immersion in distilled water, Figure 6.6, image (B), the surfaces of both Mg
and Fe became covered by a whitish product, possibly Mg(OH)2 [379-383]. No hydrogen
bubbles were evident, suggesting somewhat sluggish progress of corrosion and that the
cathodic reaction was suppressed by the partially insulating layer of corrosion product
[366, 384]. In addition, some localized attack was observed on the rest of the Mg surface.
It is interesting to note that although a relatively thick layer of corrosion product covered
the entire surface of Fe, a ring of pristine Mg remained uncovered and uncorroded. This
Mg “ring of protection” could also be seen at the earlier stages of exposure. After 24 hours
the sample was taken out of solution and dried. As shown in Figure 6.6, image (C), the
corrosion product appears to have thickened with time and was notably thicker on the Fe
surface than on the Mg. The thickening of the corrosion layer with time is typical of Mg
corrosion and has been previously reported [381, 382]. There was a concomitant increase
in bulk solution pH from 7 for the fresh distilled water to 9. Even though hydrogen bubbles
formed across the surface, the primary cathode was the Fe on which there was extensive
production of OH- ions, which promoted precipitation of Mg(OH)2, following the reaction
(Eqn. 6.3), [16]:

Mg2+ (aq) + 2OH- (aq)  Mg(OH)2 (s)

(6.3)

The specimen was then re-immersed into solution for another 72 h, removed and lightly
polished. As shown in Figure 6.6, image (D), the Mg ring of protection remained on the
surface with approximately the same diameter as it had at the early stage of exposure,
image (A). The Fe surface appears intact and shows no sign of corrosion, and severe
localised attack of Mg starts outside the ring of protection. The bulk pH was 10 after 96 h.
These observations suggest that a pH gradient existed across the sample surface; with the
area of high pH being covered by voluminous Mg-hydroxide. This is in good agreement
with the work of Williams and McMurray, who estimated a local pH of 12.5 over the
central portion of a corroding pure Mg disk in 5 % NaCl [384]. This central portion was
the cathode and the high pH protected the interior of the corroding disk from further
dissolution. Furthermore, Lamaka measured the spatial distribution of pH with SVET/SIET
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over the Mg surface and reported higher pH values of around ~7.8 at the localities of
cathodic sites, i.e. at the locations of hydrogen bubbles, in comparison to 5-6 at the local
anodes [385]. Samaniego et al. tested an Mg alloy with 0.5 at.% Fe and observed similar
Mg rings of protection around Fe particles that were 40-100 µm in size, even during anodic
polarization [386].
The Mg surface away from the Fe rod corroded locally because of the presence of
impurities that could act as strong local cathodes [387]. This is assumed to be independent
of the galvanic corrosion occurring at the Mg/Fe interface, because of the low conductivity
of distilled water, which implies resistance to ion transport over significant distances.

6.3.1.2 Corrosion morphology of an Mg-Fe couple in 10 μM NaCl
The corrosion morphology of the Mg-Fe sample exposed to 10 μM NaCl electrolyte
appears similar to that observed in distilled water. However the hydrogen bubbles on the
Mg surface appeared much sooner, which is attributed to the presence of the Cl- ions that
stimulate the charge transfer. Figure 6.6, image (E) shows the sample surface under the
electrolyte after 40 minutes of immersion. Here, the Mg ring of protection can be
distinguished from the rest of the Mg surface (which has a slight brown tinge). After 18
hours exposure, image (F), the sample surface looked similar that in distilled water except
that the Mg ring of protection was covered by a markedly thinner corrosion product. Image
(G) reveals the surface after 24 hours of immersion. It is quite evident that the Mghydroxide covering the Fe surface has become thicker, although patchy at the centre,
suggesting attack by Cl- ions. The pH of the electrolyte had risen to 9 at this stage.
Following the removal of corrosion product, image (H), the Fe and Mg ring of protection
remained intact and, interestingly, the remaining Mg surface showed fewer localised
attacks. The absence of localised corrosion on the Mg surface away from Fe is perhaps
because of the faster hydrogen evolution at the beginning of immersion, accelerated by the
presence of Cl- ions, and therefore the rapid formation of Mg(OH)2 over the surface, which
provided some protection [381].
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6.3.1.3 Corrosion morphology of an Mg-Fe couple in 1 mM NaCl
Stereoscope images (I) through (N), Figure 6.6, represent the corrosion morphology
development of theMg-Fe specimen under 1 mM NaCl electrolyte. The polished surface of
magnesium rapidly acquired a cloudy white film; this film was not apparent on the Mg
surface adjacent to Fe, Figure 6.6, (I), i.e. there was again an Mg ring of protection. The
surface of the specimen exhibited numerous hydrogen bubbles, densely located outside the
perimeter of the Mg ring of protection. This is associated with higher Cl- concentration,
which aids charge transfer and therefore extends the distance between anode and cathode
[388]. Image (J) on the right hand side gives a close-up view of the filament developed
within the Mg ring of protection. The hydrogen bubble at the tip of the filament indicates
that a cathode exists at the tail. At the later stages of corrosion, image (K), 18 hours, the
sample surface (Mg) developed appreciable amounts of filiform-like corrosion that
extended further away from the Fe cathode. This is seen on image (N) once the surface was
lightly polished to remove the corrosion product. The phenomenon of filiform-like
corrosion has been previously observed and typifies the corrosion morphology of highpurity magnesium [59, 366, 372, 381, 388, 389]. In 24 hours the pH values shifted from
5.5 for the fresh electrolyte to 9.5. This pH increase is expected, because higher Clconcentration accelerates the corrosion of Mg [388]. Despite the fast Mg dissolution and
therefore fast Mg(OH)2 formation, the Fe surface did not acquire a compact and uniform
coverage of hydroxide layer because of the ingress of aggressive Cl- ions through the
discontinuities in the pseudo-passive film [14, 390]. When the corrosion product was
removed from the Mg-Fe surface, localized attack could be seen within the Mg ring of
protection, with appreciably fewer attacks away from the Fe rod.

6.3.1.4 Corrosion morphology of Mg-Fe couple in 0.1 M NaCl
The extent and severity of the attack which occurred during the immersion in 0.1 M NaCl
are displayed on Figure 6.7. Image (A) captures the instant the sample was dropped into
the electrolyte; a stream of hydrogen bubbles was immediately released from the specimen
surface and corrosion attack took place within seconds of immersion. Image (B), taken at
20 seconds of exposure, shows the appearance of dark spots on the Mg surface a short
distance from the Mg/Fe interface. This is associated with the local breakdown of MgO
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initially present on the polished surface [379, 382, 383]. These dark spots are local anodes,
[31, 59] exchanging charge with the Fe cathode and therefore producing Mg(OH)2
following reaction (6.3). The hydroxide precipitated between the local anode and cathode
and thus protected that surface, as is clearly observed on image (C), taken at 7 minutes of
exposure. As the immersion time increased, images (D) and (E), at 90 minutes of exposure,
the dark spots on the Mg surface moved away from their initiation sites, leaving behind
dark filiform-like tracks, similar to those observed earlier in 1 mM NaCl solution. These
filiform-like tracks were reported by Williams to be strong local cathodes [31]. These
tracks have intense local anodes at their advancing heads, and lead to intensive Mg
dissolution. The resulting surface of Mg is shown on images (F) and (G) at 16 hours of
exposure; some parts of the Mg surface have dissolved away completely, leaving shallow
pits filled with white corrosion product. The images also demonstrate that the area of
exposed surface occupied by local cathodes progressively increased with time [59].
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Stereoscope images of the Mg-Fe surface during and after exposure to 0.1

The dissolution of Mg was remarkably fast in this electrolyte; however the prominent ring
of pristine Mg surface around Fe still existed, as pointed out by the arrows in Figure 6.7
and more evidently shown on the 3D surface profiles of Figure 6.8. The 3D surface
profiles of the sample after 1 hour and 40 minutes exposure clearly indicate the presence of
the pristine ring of Mg around Fe, with the rest of the surrounding Mg matrix being
dissolved and displayed at a level below zero (zero is taken as the Fe and adjacent Mg
surface). The filiform-like attack started from the outside of the Mg ring of protection and
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spread out to the rest of the Mg surface. The bulk pH of the electrolyte after 16 hours
immersion increased from 5.5 to 10.5. In this vein, the study conducted by Pardo indicated
that pH raise occurred much faster, increasing from 5.6 to > 10 in the first hour immersion
for both pure Mg and AZ series alloys in 3.5% NaCl [391].

Figure 6.8:
The 3D surface profile of the Mg-Fe sample after 1 hour 40 minutes
exposure to 0.1 M NaCl solution.

6.3.1.5 Corrosion morphology of an Mg-Fe couple in buffered 0.1 M NaCl
Increasing the concentration of aggressive ions in the solution also increases the
conductivity of the electrolyte, and appears, based on the observations above, to influence
the morphology and the extent of Mg corrosion. However the increase in Cl- concentration
is naturally accompanied with an increase in pH resulting from the accelerated corrosion
process. Therefore it is difficult to discern the dominant effect on the formation of the Mg
ring of protection, e.g. chloride conductivity or pH gradient (local chemical or local
potential effects). The effect of high chloride concentration (0.1 M NaCl is considered high
in comparison to distilled water) at constant pH 7 is shown in Figure 6.9, where the
corrosion progress of an Mg-Fe sample is shown. The sequence of images (A) shows the
surface development at 30, 50, and 80 seconds of exposure, where the Mg surface around
Fe appears a different colour to the rest of the surface away from the cathode (Fe). The
optical micrograph of Figure 6.9, image (B), shows the interface between Fe and Mg at 2
minutes of exposure. The colour difference highlights the establishment of the ring of
protection as well as the localised corrosion of Mg within it. This region must have
developed due to the local alkalinisation of the surface. Although the bulk solution pH was
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controlled by the presence of borate buffer, local pH increase might have still been
possible. This phenomenon has been recently observed with SECM on an AZ31 surface
exposed to a buffered solution of pH 7.4. Local pH increases, ranging from 9.8 to 11.3,
were detected at the regions of hydrogen evolution [392].
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Figure 6.9:
Stereoscope images of the Mg-Fe surface during and after the exposure to
0.1 M NaCl buffered with borate solution to pH 7.

The pits observed on the Mg surface were the locations where the hydrogen bubbles were
present under the electrolyte. However, the number of hydrogen bubbles and, thus, the
intensity of hydrogen evolution, were markedly lower than seen under unbuffered
conditions. This can be attributed to the suppressed cathodic reaction rate of pure Mg in the
buffered solution, as shown in Figure 6.10.
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Figure 6.10: Polarisation curves of pure Al and Mg in 0.1 M NaCl and buffered (pH 7)
0.1 M NaCl.

The potentiodynamic polarisation on the surface of high-purity Mg revealed higher anodic
rates in buffered electrolyte compared to those in 0.1 M NaCl. This can also explain the
appearance of a relatively uniform surface film on the Mg surface, as seen in Figure 6.9,
images (A) and (C). At this pH Mg, was highly active and did not passivate (refer to E-pH
diagram on Figure 6.11), however, once a supersaturated solution was established locally,
the Mg(OH)2 precipitated, as seen in Figure 6.4, image (D) at 40 minutes of exposure.
Here, the relatively thick layer of corrosion product built up at some distance around the
Fe.
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Figure 6.11: E- pH diagrams for pure Al, Mg and Fe at 25° C and 1 atm pressure in
aqueous solution (adapted from Pourbaix atlas [16]).

Image (E) of Figure 6.9 shows a sample surface that was mechanically polished to remove
the corrosion product. The Mg surface was preferentially attacked, with artificial etching of
the grains seen and no filiform-like tracks were present. This type of attack can be
attributed to the preferential dissolution of grains that react with the solution at different
rates depending on the number of Mg atoms in each grain [393]. Put simply, the basal
planes are more susceptible to dissolution because of their the higher number of Mg atoms,
that is, they are the higher-energy planes of the crystal lattice [273].
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The optical profilometry 2D surface analysis of the Mg-Fe sample upon completion of the
test, 45 minutes, is displayed in Figure 6.12. Comparison of the as-polished surface profile
with that of the surface developed during exposure shows that trenching did not occur
during exposure – that is, there is no Mg perforation around Fe. This surface profile is
representative of the profiles obtained on the Mg-Fe samples exposed to a range of
unbuffered electrolytes. Unlike Al, magnesium pitting has an irregular mode of
development; instead of growing vertically to give a deep trench, it spreads laterally. The
irregular pitting mode is caused by fast local alkalinisation that temporary stabilises the
Mg(OH)2 during the course of corrosion and thus slows down the corrosion process inside
the pit. This is a self-limiting characteristic of the Mg corrosion process as opposed to the
self-catalytic corrosion process that occurs in Al-Fe.
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Figure 6.12: Stereoscope images and optical profilometry analyses of Mg-Fe sample
surface during exposure to buffered 0.1 M NaCl electrolyte, (A) as polished surface; (B)
after 40 minutes exposure.
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6.3.2

Galvanic corrosion of Al-Fe

6.3.2.1 Corrosion morphology of an Al-Fe couple in distilled water
The corrosion progress of the Al-Fe sample in distilled water is shown in Figure 6.13 (AB).
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Rv= -2.14!
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Figure 6.13: Stereoscope images and optical profilometry analysis of Al-Fe sample
surface during exposure to distilled water for (A) 24; and (B) 96 hours.

After 24 hours exposure, image (A), a slight change is seen in the colour of the Al surface
around the Fe rod (from metallic grey to brown-tinged). The optical profilometry analysis
along the sample surface showed some distinct trenching of Al at the Al/Fe interface,
rather than uniform corrosion. The high resistivity of distilled water encumbered the
establishment of a constant potential across the sample surface and, therefore, a potential
gradient existed that inevitably lead to the preferential dissolution of the more
electrochemically active metal, e.g. Al. The corrosion of Al in the near-neutral electrolyte
followed the reactions (Eqn. 6.4) and (Eqn. 6.5) below, [16, 394, 395].

Al  Al3+ + 3e-

(6.4)

O2 + 2H2O + 4e-  4OH-

(6.5)

As the immersion time increased, the trenching of Al became more evident (Figure 6.13,
image (B)); after 96 hours, the Rv values increased from -1.18 to -1.8 μm and -2.63 to -2.14
μm along the X and Y directions, respectively. The Rv value is the lowest point in the
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region relative to the zero level, where the zero level is assumed to be the Fe surface [396].
The pH measurements at 0, 24, and 96 hours showed a decrease from ~7 for fresh distilled
water to pH 6. This decrease in pH is merely attributed to the formation of carbonic acid as
a result of distilled water coming in contact with air (because the immersion test was
carried out in open air) [397]. Since the bulk solution pH was in the passive region of the
Al E-pH diagram, refer to Figure 6.11, the Al surface, apart from some trenching around
noble cathode, did not exhibit any corrosion. Despite the fact the bulk solution pH has
decreased, the local pH at the Al/Fe interface must have become more alkaline to cause the
breakdown of the Al-surface film (which is made up of crystalline hydrates of alumina
[398]) and subsequent trenching [358, 399, 400]. High pH values of about 11 around Al3Fe
inclusions and the associated trenching of Al were reported by Park et al. [360]. Similar
observations were made for Cu and Ta samples that contained IMP, as reported in [358,
401].

6.3.2.2 Corrosion morphology of an Al-Fe couple in 10 μM NaCl
Immersion in 10 μM NaCl electrolyte resulted in relatively uniform trenching of Al around
the perimeter of the Fe rod and formation of red rust on the Fe surface, as shown in Figure
6.14 (A-C). After 2 hours immersion, image (A), discoloration of Al around Fe was
present, as also seen during early stages of exposure to distilled water. At 24 hours, image
(B), the sample surface did not display any significant changes compared with image (A);
however the onset of trenching was detected by optical profilometry. Appreciable and
relatively uniform trench-formation has taken place after 42 hours of exposure with Rv
values increasing in magnitude from (-2.22, -1.53) to (-4.03, -2.63) μm along (X, Y) axes,
respectively.
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Figure 6.14: Stereoscope images and optical profilometry analyses of Al-Fe sample
surface during exposure to 10 μM NaCl electrolyte for (A) 2; (B) 24; (C) 42 hours and (D)
the hydrogen bubble observed at the interface defect under the electrolyte, and resultant red
rust formation at that location.

The somewhat accelerated galvanic corrosion, and therefore more rapid Al2O3H2O film
destabilisation in the given solution, is expected because the progress of and damage
caused by this type of corrosion depends on the chloride ion concentration [400]. It is
important to note the presence of a unique hydrogen bubble at the interface between Al/Fe
at the defect site and subsequent red rust precipitation at this location, as shown on Figure
6.14, (D). The hydrogen bubble implies ongoing hydrogen evolution following reaction
(Eqn. 6.6):

2H+ + 2e-  H2

(6.6)

This reaction was triggered by the drop in potential associated with the breakdown of the
Al passive layer. Once the insulating surface film was damaged, the bare Al was exposed
and, thus, the anodic reaction accelerated, causing a negative shift of potential. This
overpotential gave rise to hydrogen evolution as a substitute for oxygen reduction. As a
result of hydrogen evolution the local pH inside the trench became highly acidic and
caused passivation of Al and corrosion of Fe.
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6.3.2.3 Corrosion morphology of an Al-Fe couple in 1 mM NaCl
The corrosion progress in 1 mM NaCl electrolyte is similar to that observed in 10 μM
NaCl; however, uniform Al trenching was detected after 24 hours of exposure, Figure 6.15,
(C). Moreover, the magnitudes of the Rv values obtained at 24 hours in 1 mM NaCl (-3.11;
-3.54) μm are higher than the values attained after the same exposure to 10 μM NaCl (2.22; -1.53) μm. This increase in the magnitude of Rv with increasing chloride
concentration is further evidence that the galvanic corrosion observed in this system
became more pronounced because of increasing electrolyte conductivity. It is worth
mentioning that the immersion was terminated as soon as the trenching was evident; this
shorter exposure time might be why there was no rust formation, even around Fe, in
contrast to that seen in Figure 6.14.
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Figure 6.15: Stereoscope images and optical profilometry analyses of Al-Fe sample
surface during exposure to 1 mM NaCl electrolyte for (A) 0; (B) 2; and (C) 24 hours.
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6.3.2.4 Corrosion morphology of an Al-Fe couple in 0.1 M NaCl
The corrosion morphology developed during exposure to 0.1 M NaCl electrolyte is shown
in Figure 6.16.
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Figure 6.16: Stereoscope images and optical profilometry analyses of Al-Fe sample
surface during exposure to 0.1 M NaCl electrolyte for (A) 2; (B) 18; and (C) 42 hours.

The surface of the sample, image (A), photographed after 2 hours immersion, is very
similar to the surfaces observed in distilled, 10 μM and 1 mM NaCl solutions. After 18
hours exposure, further surface discoloration around Fe was seen and optical profilometry
analysis (data not shown) indicated the presence of appreciable trenching. The upper image
(C) shows the severity of attack after 42 hours immersion, with local corrosion clearly seen
on the Al surface further away from Fe; the close-up image below shows rust on the Fe
surface. The optical profilometry scans revealed significant corrosion penetration, with the
magnitudes of the Rv values ~3 times those recorded in 1 mM NaCl. Another feature to
emphasize here is the pitting on the Al surface, which was not observed in less conductive
electrolytes. It should be noted that pitting of Al is not ascribed to the presence of the Fe
cathode. The pitting on the Al surface away from Fe is a typical type of Al corrosion in
near-neutral electrolytes, and is generally attributed to local breakdown of the Al
oxide/hydroxide [29, 400, 402, 403]. The breakdown of the film is believed to occur at
locations of defects/impurities and then allows chloride ion ingress [378]. The stability of
the passive film is partly governed by the chloride ion concentration, which directly affects
the integrity of the film [404]. This in turn influences the depth of metal trenching. In this
more concentrated chloride solution, deeper trenching of Al was detected in a shorter time
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frame; this was accompanied by a more rapid bulk pH change, from 5.5 to 8, as collated in
Table 6.2.

Table 6.2: The potential and pH evolution.
Solution!

Time, hours!

Distilled
water!

24!

10 μM!

24 !

1mM!

24!

0.1M!

Buffer!

96!

18!
42!
All duration!

pH fresh

E, VSCE!

pH Mg-Fe!

Al-Fe!

Mg-Fe!

7 !!

9!

-0.575 "!

-1.4!

6 !!

10!

-0.5 "!

(-1.4;-0.3)!

~5.5!

7!

9!

-0.4 "!

~5.5!

7!

9.5!

!
7!

~5.5!

7!

6.5!
8!
7!

Pourbaix region!

Post exposure !

pH Al-Fe!

solution!

Al!

Fe!

Mg!

Fe!

Passivation!

Immunity !

Corrosion!

Immunity/
Passivation!

-1.4 !

Passivation!

Corrosion!

Corrosion!

Immunity!

-0.55 "!

-1.55 "!

Passivation!

Corrosion!

Corrosion!

Immunity!

10.5!

-0.68 !

{-1.6;
-0.9} "!

Passivation!

Immunity!

Passivation!

Immunity!

7!

-0.3 "!

-0.2 "!

Passivation!

Corrosion!

Corrosion!

Corrosion*
/Protected
by Mg!

This bulk pH increase supports the assumption that a pH gradient exists, with pronounced
alkalinisation at the Al/Fe interface and acidification of the trench (as discussed in section
“Corrosion morphology of an Al-Fe couple in 10 μM NaCl) that creates a pH competition.
This premise is supported by the findings published by Park who observed the pH
evolution near Al3Fe inclusions in 6xxx series alloys in 0.6 M NaCl electrolyte and
reported that the pH measured with a scanning microsensor was as high as 11, compared to
9.5 for the bulk solution [360].

6.3.2.5 Corrosion morphology of an Al-Fe couple in buffered 0.1 M NaCl
Based on the observations from stereomicroscopy and optical profilometry analyses
presented in Figure 6.17, trenching of Al did not occur at constant pH 7. The test was
initially carried out for 24 hours; however, another immersion test was conducted to ensure
the observations were reproducible. Therefore the sample surfaces shown in images (A)
and (B) did not contain the near-interface defect on the Al surface seen in image (C).
Nevertheless, in the controlled neutral pH environment, trenching of Al did not take place
because Al was passivated with the stable Al2O3H2O oxide. This is shown in images (B,
C) and their respective optical profilometry profiles. Since Al was passive and the acquired
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surface film was electrically insulating by nature [400] the Fe surface became prone to
corrosion onset and thus, after 24 hours, of exposure rust formed on the surface.
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Figure 6.17: Stereoscope images and optical profilometry analyses of Al-Fe sample
surface during exposure to buffered 0.1 M NaCl electrolyte (pH 7) for (A) 0; (B) 24; and
(C) 60 hours.

6.3.2.6 The evolution of open circuit potential
The evolution of the open circuit potential of the Al-Fe couple measured in a range of
electrolytes for the first hour of immersion and at the completion of the tests (varying
durations upon [Cl-] of electrolytes) is shown in Figure 6.18.

220

(A)!

(B)!

Figure 6.18: Open circuit potential evolution of Al-Fe in the electrolytes used (A) during
the first hour of immersion; (B) at the end of the immersion period.

A positive shift of corrosion potential occurred in all studied electrolytes, but might have
been accelerated by the chloride concentration. At the beginning of immersion the lowest
potentials were observed in 0.1 M, 1 mM, and 10 μM NaCl, with buffered NaCl and
distilled water being the highest. The potential values became more negative as the Clconcentration increased; this trend is consistent with literature reports [377]. However,
within less than 10 minutes of immersion, an increase in potential was seen for the in 0.1
M sample; this increase marks the breakdown of the Al passive layer. The breakdown
potential value was around -0.75 VSCE, which correlates well to the breakdown potential of
pure Al obtained from the potentiodynamic polarisation scan shown on Figure 6.10.
Furthermore, a spike in OCP values occurred for the buffered 0.1 M electrolyte at 30
minutes immersion. However, the potential values were too high for this to be regarded as
a breakdown potential of Al. This argument is facilitated by an inspection Figure 6.10,
which shows that the values of breakdown potential for buffered and unbuffered solutions
were not significantly different. This implies that the extremely positive potentials may
result from the corrosion of Fe. This interpretation is consistent with the observation of red
rust on the Fe surface, but no corrosion of the Al surface, during immersion in this
electrolyte.
The potentials tended to shift to considerably positive values upon completion of
immersion; in some electrolytes the potentials were greater than -0.4 VSCE. The corrosion
221

potentials of the Al-Fe couple were most positive in the buffered and 10 μM electrolytes,
and the most negative potentials were shown in 0.1 M NaCl. These potentials were not
representative of the degree of Al trenching around Fe, because no trenching was observed
in the buffered condition, and the trenching in distilled water was less than that in the
remaining solutions; however the potential values in distilled water were lower than those
in 10 μM NaCl, where greater trenching was evident.
Therefore, the evolution of corrosion potential of Al-Fe couple cannot serve as a reliable
explanation of the deep trenching of Al around noble Fe. Instead, local alkalinisation
around the noble particle must be responsible for the trenching of the Al matrix. The rate
of trenching is dependent on the concentration of aggressive ions in the solution.

6.4
6.4.1

Discussion
Mg-Fe

6.4.1.1 The effect of electrolyte conductivity
The corrosion morphology developed on the surface of the Mg-Fe couple in the range of
electrolytes studied can be characterized by a distinctive feature - the presence of pristine
Mg (referred to as the Mg ring of protection) around the noble Fe cathode. The formation
of this ring is associated with the build-up of an alkaline zone near the Mg/Fe interface due
to production of OH- ions as a result of hydrogen evolution at the cathode via reaction
(Eqn. 6.2). However, the conductivity of the electrolyte also greatly affected whether
attack occurred within the ring, e.g. through breakdown of the Mg(OH)2 pseudo-passive
layer [405]. In distilled water and in 10 μM NaCl, similar corrosion behaviour was
observed, with Mg hydroxide precipitating on the surface of Mg immediately adjacent to
Fe. The simplified mechanism of this previously unobserved phenomenon is summarised
in Figure 6.19.
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Figure 6.19: Schematic representation of corrosion onset of Mg-Fe and Al-Fe couples in
unbuffered near neutral electrolyte (the half reactions for Mg and Al corrosion are taken
from [16]).

The hydroxide layer covered the Fe surface at some stage of immersion, and localised
attack was found on the Mg surface further away from Fe (beyond the Mg ring of
protection). Exposure to higher Cl- concentration electrolytes also led to the formation of a
Mg ring of protection, and thus Mg(OH)2 precipitation. The thickening of the hydroxide
layer was much faster in 1 mM and 0.1 M NaCl, but it was counteracted by the presence of
aggressive Cl- ions and filiform-like corrosion initiated within the Mg ring of protection.
This phenomenon is attributed to attack of the hydroxide layer by Cl- ions. It is a wellknown fact that Mg hydroxide is soluble in water and becomes more soluble in the
presence of aggressive species such as Cl- ions [406]. So at sites where the Mg(OH)2 layer
was attacked by Cl- ions, the surface of Mg was exposed, and immediately subjected to
corrosion. The attack of Mg(OH)2 by chloride ions also manifested as either incomplete or
no coverage of Fe; for example, there was no hydroxide layer formed on Fe during
immersion in unbuffered or buffered 0.1 M NaCl, Figures 6.7 and 6.9 [368, 407]. This
ensued from narrowing of the passivation zone with increasing chloride concentration
[366].
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6.4.1.2 The effect of pH
At constant neutral pH the Mg ring of protection existed. As discussed above, pure Mg
underwent more rapid anodic dissolution (Figure 6.10) and thereby the corrosion of Mg in
the Mg-Fe couple appeared more uniform. The Mg(OH)2 layer covered the Mg surface
relatively evenly at the early stages of exposure but there was no precipitation of Mghydroxide on Fe surface or at the Mg/Fe interface. This suggests that the corrosion product
was attacked by Cl- ion very quickly; which is consistent with the observation of localised
attack of Mg near Fe, as well as on the rest of the Mg surface further from Fe. Larger
deposits of Mg(OH)2 were formed at greater distances from the Fe, compared with the
observations in unbuffered electrolytes. This might be explained by Williams, who
reported SVET-derived current density distribution maps showing that at higher Clconcentrations at constant pH 7 the distances between anodes and cathodes are much
greater in 20% w/v NaCl than those established in 1% w/v NaCl [388].
These findings suggest that the corrosion mechanism of Mg around the “noble particle”
was dependent upon local pH increase. Hydrogen evolution was facilitated by the increase
of electrolyte conductivity. Therefore, the intense hydrogen evolution at high [Cl-] resulted
in a local pH gradient that could not be suppressed, even with buffer in the electrolyte.
The corrosion morphologies of both Mg and Al around the noble cathode are summarized
in Figure 6.20

.
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Figure 6.20:

Schematic representation of Mg-Fe and Al-Fe corrosion morphologies obtained in this work.

6.4.2

Al-Fe

6.4.2.1 The effect of electrolyte conductivity
The surface discoloration/colour gradient of Al surface observed above can be attributed to
differences in surface film thickness. Iron has different surface film characteristics
compared to those of Al; therefore the Al oxide formed on the sample surface is thinner
and weaker around Fe [377]. Soon after the sample was immersed in the electrolyte, the
pH at the Al/Fe interface increased very promptly and became alkaline, causing the
breakdown of the Al2O3H2O film and thus Al trenching (the model of local pH change can
be found elsewhere [363]). However, as the distance from Fe increased, the pH decreased
— therefore Al oxide was still protective to the rest of the Al surface and no localised
corrosion was observed with, except in the 0.1 M solution.
Although Al trenching suggests that Fe should remain protected by means of galvanic
corrosion, this appears to not to be the case — rusting of Fe occurred in most of the
electrolytes studied here. This can be explained by the different local pH values established
at the Al surface, Al/Fe interface, and Fe surface. Al-Fe corrosion in unbuffered
electrolytes is summarised in Figure 6.19; the corrosion progress followed the steps
described below:
-

at the initial stage of immersion, the dominant cathodic reaction was oxygen
reduction;

-

this reaction occurred on the Fe surface (since it is more noble than Al) and thus Al
acted as an anode;

-

the hydroxide ions produced at the cathode led to local pH increase;

-

this alkalinisation was significant and caused the breakdown of the Al passivation
layer at the Al/Fe interface (refer to Pourbaix diagram displayed in Figure 6.11);

-

once the passive layer was damaged, the unprotected Al was corroding rapidly
(Eqn. 6.4), i.e. the anodic reaction accelerated and a local potential drop occurred;

-

the significantly negative potential at the trench made the hydrogen evolution
thermodynamically favourable, in preference to oxygen reduction;

-

the consumption of H+ ions then led to acidification of the trench and rendered the
Al passive;

-

to maintain the electrochemical balance in the system, Fe was forced to give up
electrons, i.e. to dissolve (Fe  Fe3+ + 3e-);

-

as a result of Fe dissolution, red rust was formed (Fe2O3H2O) and highly positive
corrosion potential was observed at the end of the immersion (Figure 6.18).

6.4.2.2 The effect of pH
At neutral pH, the Al2O3H2O layer is stable and thus protective to the Al surface.
Trenching cannot occur unless Al oxide is destabilised; this is not readily achieved in a
pH-controlled environment. The corrosion kinetics of pure Al in buffered electrolyte,
Figure 6.10, also showed some spontaneous passivation in addition to the reduced anodic
reaction rate compared to that in unbuffered conditions. On the other hand, the cathodic
reaction rate was accelerated, implying faster formation of Al2O3H2O. Moreover, the open
circuit potential evolution of the Al-Fe couple, Figure 6.18, showed a significant potential
shift (about 500 mVSCE) towards the corrosion potential of Fe. This shift in potential is
associated with the electrically insulating nature of Al2O3 after the first 30 minutes of
immersion, suggesting corrosion of Fe. Therefore, because of the stability of Al oxide at
pH 7, Fe corroded in preference to Al. Again, Figure 6.20 summarises the corrosion of the
Al-Fe galvanic couple in the range of electrolytes tested.

6.5

Summary

The corrosion mechanisms of Al and Mg around noble particle of Fe were studied in a
range of electrolytes.
A trench formed around Fe after exposure of the Al-Fe to all the electrolytes, except for the
buffered 0.1 M NaCl. This dissolution behaviour around the noble particle further supports
the model of Al trenching reliant on pH.
The perimeter of the Mg matrix around Fe showed passive behaviour in all electrolytes
studied, including the buffered 0.1 M NaCl. This passive behaviour of Mg around Fe was
neither predicted from, nor reported in, the literature; however it was clearly and
reproducibly demonstrated in this work. The local pH gradient produced as a result of
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hydrogen evolution lead the Mg to passivate at the interface with the noble cathode and
therefore, in contrast to the behaviour of the Al sample, no trenching took place.
The difference in the mechanisms of corrosion onset for Mg and Al manifested as the
formation of a Mg ring of protection around the noble particle in contrast to trenching of
Al. This difference was brought about by the different potential/pH relationships of these
two metals. The local pH increase produced by the cathodic reaction caused Mg to
passivate but Al to corrode. The corrosion of both metals was affected by electrolyte
conductivity; with greater NaCl concentrations producing deeper trenching of Al and more
severe localised corrosion of Mg. The pH had a pronounced effect on Al — at controlled
neutral pH, Al passivated and no trenching took place.
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7 Summary and future work

7.1

Summary

7.1.1

Properties of modified AZ31

The preceding chapters have been individually summarised, and therefore a comprehensive
summary is not provided here, instead opting for some unifying and closing remarks. The
main significance of this work was in tracking the microstructure and texture development
of

modified

AZ31,

associated

with

atypical

microalloying

and

subsequent

thermomechanical and severe deformation processes. The produced microstructures and
textures were used to discuss and explain the influence of the treatments on the resulting
mechanical and corrosion properties of the AZ31 alloys. A synopsis of the key findings is
given below.
Microalloying additions can influence the properties of AZ31 via:
•

Grain refinement. Most of the elements used in this work could refine the grain size
of Mg. Most effective grain refinement was achieved by adding In, Bi, Li, and Sr.

•

Texture weakening. Microalloying AZ31 with La, Nd, Ca, Li, Sr, and Y
successfully weakened the extruded texture of AZ31.

•

Reduction in corrosion kinetics. Elements such as In, Sc and Lu had an effect on
decreasing the cathodic and anodic reaction rates of the extruded AZ31
respectively. The multiple microalloying with InAs, InAg and InSr imparted an
influence on reducing the cathodic and anodic kinetics of the ECAPed AZ31
respectively.

The effects imparted by the elements listed above resulted in marginal improvement in
strength of the extruded AZ31-As, -Ag, -Sc, -In, -Ca, -Bi alloys. The corrosion resistance

of the extruded AZ31-As, -Lu, -Sc, -In and ECAPed AZ31-InAs, -InSr, -InAg was
improved, i.e., icorr was reduced.
However, it was difficult to obtain a substantial increment in yield strength and ductility or
toughness of the extruded AZ31 because of so-called “second order” chemical effects. The
complex interactions (not readily predicted by thermodynamic calculations) between the
alloying elements and the alloying additions already present in AZ31 resulted in
heterogenous microstructures and hindered the ductility of the alloy. Similarly, the
presence of a large volume of secondary phases increased the corrosion of the base alloy.
Structural effects dominated chemical effects in ECAPed alloys. As such, the “soft” texture
produced by ECAP overwhelmed any effects of alloying additions which would otherwise
have refined the microstructure and weakened the texture of AZ31. Favourable orientation
of the basal planes for basal slip decreased the yield strength of the alloys, regardless of
any refinement of the microstructure.
A logical next step in this work would be to use a base alloy with a different composition
(rather than AZ31) to eliminate the second order chemical effects. In addition, different
processing routes must be explored to minimise unwanted effects of changes in structure
on the alloy properties.

7.1.2

Galvanic corrosion of Mg and Al

The results showed clear differences in behaviour of the Mg and Al matrix upon galvanic
connection to a noble cathode. A zone of protection extended around the central Fe wire in
the Mg, whereas the attack was localised at the Fe periphery in the Al regardless of the
electrolyte resistivity. The passivation of Mg and trenching of Al around the noble cathode
are associated with the local pH gradient produced as a result of hydrogen evolution at the
cathode site. This demonstrates rather vividly that pH and gradient is important in
determining the corrosion morphology and distribution around noble particles.
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7.2

Future work

A study aimed at developing stronger, more ductile and corrosion resistant Mg alloys was
presented here. In order to provide the requisite depth in the topic, the composition of the
starting / baseline alloy was in all cases constant (AZ31). This was essential, as if the
baseline alloy was not the same, then the number of variables and the scientific
interpretation would have been beyond the scope of a single PhD, and difficult to bound.
However, based on what has been elucidated from the present study, and recent works in
the literature, it appears that obtaining significant changes in property space will require
studying alloy systems other than AZ31. Options to explore include:
•

Varying Zn/Al ratios, lowering Al content, to potentially pin the grain boundaries
through the formation of a new stable precipitates Mgx(Al, Zn)y or reduction of the
discontinuous precipitation of Mg17Al12. This approach is to be considered based
on the deformation behaviour observed in ZA series alloys [408].

•

Using alloy systems with low (or no) Al content, such as Mg-Al-Ca-Mn, Mg-AlCa-Zn and Mg-RE. These systems have different strengthening mechanisms than
that of AZ31. The high strength of these alloys is achieved via precipitation
hardening and thus requires different considerations for alloy design [409], i.e.
controlling the size and thermal stability of the precipitates rather than attempting
to form a homogeneous microstructure. Although the high yield strength ranging
between 400 and 525 MPa of these alloys can be achieved via hot extrusion, the
ductility remains notably low ~ 5 % [410, 411]. Moreover, the corrosion properties
of such systems have not been extensively studied yet and this opens a wide
framework for all-round characterisation of the alloy property portfolio and
investigation of the alloying/ deformation behaviour/ microstructure relationship.

•

Exploring alternative ECAP routes, for example route Bc with rotation angle of 90°
after each pass [341, 412], and number of passes to avoid the development of shear
texture, along with processing at temperatures not exceeding 200° C [413]. If such
favourable ECAP conditions can be established the produced alloy has a potential
for uniform submicron grain structure and randomised texture. In addition, some
reports suggest that deformation by extrusion process prior to ECAP assists the
fragmentation of coarse intermetallics often formed in Mg-alloys [414]. The fine
231

intermetallic compounds will then pin the grain boundaries supressing the grain
growth during ECAP process.
The above approaches represent an exciting path for improving the property envelope of
existing Mg alloys. Exploring the opportunities to simultaneously improve mechanical and
corrosion properties of the Mg alloys will further contribute to the increasing use of Mg in
structural applications.
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[32] A.D. Südholz, N.T. Kirkland, R.G. Buchheit, N. Birbilis, Electrochemical and Solid-State Letters 14, 2
(2011) C5-C7.
[33] N. Birbilis, R.G. Buchheit, Journal of The Electrochemical Society 152 4(2005) B140-B151.
[34] M. Curioni, Electrochimica Acta 120, (2014) 284-292.

[35] N.T. Kirkland, N. Birbilis, M.P. Staiger, Acta Biomaterialia 8, 3 (2012) 925-936.
[36] D.S. Gandel, The effect of Mn and Zr additions on Fe impurities and the corrosion performance of Mg,
PhD, Materials Engineering, Monash University, Melbourne, VIC, Australia, 2014.
[37] K. Gusieva, T. Sato, G. Sha, S.P. Ringer, N. Birbilis, Advanced Engineering Materials 15, 6 (2013) 485490.
[38] A.D. Südholz, On the development of magnesium alloys and improved corrosion resistance, PhD,
Materials Engineering, Monash University, Melbourne, VIC, Australia, 2010.
[39] N.T. Kirkland, J. Lespagnol, N. Birbilis, M.P. Staiger, Corrosion Science 52, 2 (2010) 287-291.
[40] Z. Wang, Y. Xu, Z. Wang, J. Cheng, B. Kang, J. Zhu, Journal of Rare Earths 29, 6 (2011) 558-561.
[41] D. Yi, B. Wang, X. Fang, S. Yao, L. Zhou, W. Luo, Materials Science Forum 488-489, (2005) 103-106.
[42] Z.M. Zhang, H.Y. Xu, Q. Wang, Transactions of Nonferrous Metals Society of China 18, (2008) 140144.
[43] Y. Turen, Materials & Design 49, (2013) 1009-1015.
[44] A. Kiełbus, T. Rzychoń, R. Przeliorz, Defect and Diffusion Forum 312-315, (2011) 483-488.
[45] W.C. Neil, M. Forsyth, P.C. Howlett, C.R. Hutchinson, B.R.W. Hinton, Corrosion Science 53, 10 (2011)
3299-3308.
[46] W. Xiao, M.A. Easton, M.S. Dargusch, S. Zhu, M.A. Gibson, Materials Science and Engineering: A
539, (2012) 177-184.
[47] T. Rzychon, A. Kielbus, Archives of Metallurgy and Materials 53, 3 (2008) 901-908.
[48] W. Yu, Z. Liu, H. He, N. Cheng, X. Li, Materials Science and Engineering: A 478, 1-2 (2008) 101-107.
[49] Y.L. Cheng, T.W. Qin, H.M. Wang, Z. Zhang, Transactions of Nonferrous Metals Society of China 19,
3 (2009) 517-524.
[50] N.T. Kirkland, M.P. Staiger, D. Nisbet, C.H.J. Davies, N. Birbilis, JOM 63 6(2011) 28-34.
[51] J.O.M. Bockris, A.K.N. Reddy, M.E. Gamboa-Aldeco, Modern Electrochemistry, Kluwer
Academic/Plenum Publishers, New York, NY, USA, 2000.
[52] T. Suter, H. Böhni, Electrochimica Acta 43, 19-20 (1998) 2843-2849.
[53] T. Suter, H. Böhni, Electrochimica Acta 47, (2001) 191-199.
[54] J. Światowska, P. Volovitch, K. Ogle, Corrosion Science 52, 7 (2010) 2372-2378.
[55] A.D. King, N. Birbilis, J.R. Scully, Electrochimica Acta 121, (2014) 394-406.
[56] N.T. Kirkland, G. Williams, N. Birbilis, Corrosion Science 65, (2012) 5-9.
[57] F.Y. Cao, Z.M. Shi, P.J. Hofstetter, G.L. Song, M. Liu, A. Atrens, Corrosion Science 75, (2013) 78-99.
[58] N.T. Kirkland, N. Birbilis, Magnesium Biomaterials - Design, Testing and Best Practice, Springer, 2013.
[59] K.D. Ralston, G. Williams, N. Birbilis, Corrosion 68, 6 (2012) 507-517.
[60] D.S. Gandel, N. Birbilis, M.A. Easton, M.A. Gibson in: Corrosion&Prevention, Australasian Corrosion
Association, Adelaide, SA, Australia, 2010.
[61] D.S. Gandel, N. Birbilis, M.A. Easton, M.A. Gibson, in: Mg 2012: 9th International Conference on
Magnesium Alloys and their Applications, Vancouver, Canada, 2012, pp. 197-202.
[62] D.S. Gandel, M.A. Easton, M.A. Gibson, N. Birbilis, Corrosion 69, 7 (2013) 666-671.
[63] D.S. Gandel, M.A. Easton, M.A. Gibson, N. Birbilis, Materials Chemistry and Physics 143, 3 (2014)
1082-1091.
[64] X. Xia, N. Birbilis, C.H.J. Davies, J.F. Nie, in: 2013 ACA Corrosion&Prevention Annual Conference,
Australasian Corrosion Association, Brisbane, QLD, Astralia, 2013, pp. 0-8.
[65] A.A. Nayeb-Hashemi, J.B. Clark, Phase Diagrams of Binary Magnesim alloys, ASM International,
Materials Park, OH, USA, 1988.
[66] H. Okamoto, Phase Diagrams for Binary Alloys, ASM International, Materials Park, OH, USA, 2000.
[67] T.B. Massalski, Binary Phase Diagrams, ASM international, Materials Park, OH, USA, 1990.
[68] A.A. Nayeb-Hashemi, J.B. Clark, A.D. Pelton, Bulletin of Alloy Phase Diagrams 5, 4 (1985) 365-374.
[69] J.D. Hanawalt, C.E. Nelson, J.A. Peloubet, Transactions of AIME 147, (1942) 273-299.
[70] D.S. Gandel, M.A. Easton, M.A. Gibson, N. Birbilis, Corrosion 69, 8 (2013) 744-751.
[71] J.A. Boyer, The corrosion of magnesium and of the magnesium aluminium alloys containing
manganese, Report 248, A.M. Corporation, Niagara Falls, NY, USA, 1926
[72] R.E. McNulty, J.D. Hanawalt, Journal of the Electrochemical Society 81, 1 (1942) 423-433.
[73] P. Hoyer, G.L. Angrisani, C. Klose, F.W. Bach, T. Hassel, Materials and Corrosion 65, 1 (2014) 23-30.
[74] G.L. Song, A. Atrens, X.L. Wu, B. Zhang, Corrosion Science 40, 10 (1998) 1769-1791.
[75] G.L. Song, Advanced Engineering Materials 7, 7 (2005) 563-586.
[76] G.L. Song, A. Atrens, Advanced Engineering Materials 1, 1 (1999) 11-33.
[77] G.L. Song, A. Atrens, Advanced Engineering Materials 5, 12 (2003).
[78] B.L. Yu, J.Y. Uan, Metallurgical and Materials Transactions A 36A, (2005) 2245-2252.

234

[79] R.K. Singh Raman, Metallurgical and Materials Transactions A 35A, (2004) 2525-2531.
[80] R.K. Singh Raman, N. Birbilis, J. Efthimiadis, Corrosion Engineering, Science and Technology 39, 4
(2004) 346-350.
[81] M.C. Zhao, M. Liu, G. Song, A. Atrens, Corrosion Science 50, 7 (2008) 1939-1953.
[82] T. Beldjoudi, C. Fiaud, L. Robbiola, Corrosion 49, 9 (1993) 738-745.
[83] G.L. Song, A. Atrens, M. Dargusch, Corrosion Science 41, (1998) 249-273.
[84] G.L. Makar, J. Kruger, Journal of the Electrochemical Society 137, 2 (1990) 414-421.
[85] S. Mathieu, S. Rapin, J. Hazan, P. Steinmetz, Corrosion Science 44, (2002) 2737-2756.
[86] A. Pardo, M.C. Merino, A.E. Coy, F. Viejo, R. Arrabal, S. Feliú, Electrochimica Acta 53, 27 (2008)
7890-7902.
[87] R. Ambat, N.N. Aung, W. Zhou, Corrosion Science 42, (2000) 1433-1455.
[88] J. Kruger, G.L. Makar, K. Sieradzki, A fundamental understanding of the effect of alloying elements on
the corrosion resistance of rapidly solidified Mg alloys, AFOSR-88-0339, Baltimore, MD, USA, 1989
[89] C. Blawert, D. Fechner, D. Höche, V. Heitmann, W. Dietzel, K.U. Kainer, P. Živanović, C. Scharf, A.
Ditze, J. Gröbner, R. Schmid-Fetzer, Corrosion Science 52, 7 (2010) 2452-2468.
[90] C.L. Mendis, K. Ohishi, K. Hono, in: Magnesium Technology, New Orleans, LA, USA, 2008, pp. 133138.
[91] C.L. Mendis, K. Ohishi, K. Hono, Scripta Materialia 57, 6 (2007) 485-488.
[92] G. Ben-Hamu, D. Eliezer, K.S. Shin, Materials Science and Technology 22, 10 (2006) 1213-1218.
[93] A.C. Hänzi, F.H. Dalla Torre, A.S. Sologubenko, P. Gunde, R. Schmid-Fetzer, M. Kuehlein, J.F.
Löffler, P.J. Uggowitzer, Philosophical Magazine Letters 89, 6 (2009) 377-390.
[94] D. Eaves, G. Williams, H.N. McMurray, Electrochimica Acta 79, (2012) 1-7.
[95] N. Birbilis, G. Williams, K. Gusieva, A. Samaniego, M.A. Gibson, H.N. McMurray, Electrochemistry
Communications 34, (2013) 295-298.
[96] Q.A. Li, Q. Zhang, C.Q. Li, Y.G. Wang, Advanced Materials Research 284-286, (2011) 1693-1696.
[97] W. Zhou, N.N. Aung, Y. Sun, Corrosion Science 51, 2 (2009) 403-408.
[98] G. Yaun, Y. Sun, W. Ding, Materials Science Engineering A308, (2001) 38-44.
[99] H. Xie, L. Jia, J.-L. Zhang, Z.-M. Wang, Z.-L. Lu, Materials Science and Engineering: A 519, 1-2
(2009) 204-210.
[100] B. Kondori, R. Mahmudi, Materials Science and Engineering: A 527, 7-8 (2010) 2014-2021.
[101] B. Jiang, W. Liu, D. Qiu, M.-X. Zhang, F. Pan, Materials Chemistry and Physics 133, 2-3 (2012) 611616.
[102] D. Zhang, X. Zhang, X. Ge, D. Fang, X. Yu, Advanced Materials Research 57, (2012) 472-475.
[103] N.T. Kirkland, M.P. Staiger, D. Nisbet, C.H.J. Davies and N. Birbilis, JOM 63, 6 (2011) 28-34.
[104] N.T. Kirkland, N. Birbilis, J. Walker, T. Woodfield, G.J. Dias, M.P. Staiger, Journal of Biomedical
Materials Research Part B: Applied Biomaterials 95, 1 (2010) 91-100.
[105] G. Ben-Hamu, D. Eliezer, Materials and Corrosion 64, 6 (2013) 516-521.
[106] M. Bornapour, M. Celikin, M. Cerruti, M. Pekguleryuz, Materials Science Engineering C 35, (2014)
267-282.
[107] Y. Tamura, Y. Sugimoto, H. Soda, A. McLean, Journal of Japan Institute of Light Metals 63, 8 (2013)
279-285.
[108] T. Abu Leil, N. Hort, W. Dietzel, C. Blawert, Y. Huang, K.U. Kainer, K.P. Rao, Transactions of
Nonferrous Metals Society of China 19, 1 (2009) 40-44.
[109] R.C. Zeng, J. Zhang, W.J. Huang, W. Dietzel, K.U. Kainer, C. Blawert, W. Ke, Transactions of
Nonferrous Metals Society of China 16, (2006) s763-s771.
[110] C. Scharf, A. Ditze, A. Shkurankov, E. Morales, C. Blawert, W. Dietzel, K.U. Kainer, Advanced
Engineering Materials 7, 12 (2005) 1134-1142.
[111] T.L. Chia, M.A. Easton, S.M. Zhu, M.A. Gibson, N. Birbilis, J.F. Nie, Intermetallics 17, 7 (2009) 481490.
[112] S. Tardif, R. Tremblay, D. Dubé, Materials Science and Engineering: A 527, 29-30 (2010) 7519-7529.
[113] Y. Fan, G. Wu, C. Zhai, Materials Science and Engineering A 433, (2006) 208-215.
[114] F. Mert, C. Blawert, K.U. Kainer, N. Hort, Corrosion Science 65, (2012) 145-151.
[115] J.H. Nordlien, K. Nisancioglu, S. Ono, N. Masuko, Journal of the Electrochemical Society 144, 2
(1997) 461-466.
[116] X.B. Chen, T. Cain, J.R. Scully, N. Birbilis, Corrosion 70, 4 (2013) 323-328.
[117] A. Samaniego, K. Gusieva, I. Llorente, S. Feliú Jr., N. Birbilis, Corrosion Science 89, (2014) 101-110.
[118] F. Rosalbino, E. Angelini, S. De Negri, A. Saccone, S. Delfino, Intermetallics 13, 1 (2005) 55-60.
[119] L. Ming, P. J. Uggowitzer, P. Schmutz, A. Atrens, Journal of Materials 60, 12 (2008) 39-44.

235

[120] R.E. McNulty, J.D. Hanawalt, in: Eighty-first General Meeting, Nashville, TN, USA, 1942.
[121] M. Liu, P.J. Uggowitzer, A.V. Nagasekhar, P. Schmutz, M. Easton, G.L. Song, A. Atrens, Corrosion
Science 51, 3 (2009) 602-619.
[122] M. Liu, P.J. Uggowitzer, P. Schmutz, A. Atrens, JOM 60, 12 (2008) 39-44.
[123] X. Gao, J.F. Nie, Scripta Materialia 58, 8 (2008) 619-622.
[124] H. Liu, Y. Gao, J.Z. Liu, Y.M. Zhu, Y. Wang, J.F. Nie, Acta Materialia 61, 2 (2013) 453-466.
[125] J.F. Nie, X. Gao, S.M. Zhu, Scripta Materialia 53, 9 (2005) 1049-1053.
[126] J.F. Nie, K. Oh-ishi, X. Gao, K. Hono, Acta Materialia 56, 20 (2008) 6061-6076.
[127] R. Arrabal, A. Pardo, M.C. Merino, K. Paucar, M. Mohedano, P. Casajus, G. Garces, Corrosion 68, 5
(2012) 398-410.
[128] R. Arrabal, E. Matykina, A. Pardo, M.C. Merino, K. Paucar, M. Mohedano, P. Casajús, Corrosion
Science 55, (2012) 351-362.
[129] R. Arrabal, A. Pardo, M.C. Merino, M. Mohedano, P. Casajús, K. Paucar, E. Matykina, Oxidation of
Metals 76, 5-6 (2011) 433-450.
[130] D. Zhang, H. Zhang, X. Yu, X. Zhang, D. Fang, in: AEMT 2011, Sanya, China, 2011, pp. 500-504.
[131] K. Yu, W.X. Li, R.C. Wang, G.H. Chao, Materials Science and Technology 3, (2009) 347-350.
[132] Y. Feng, R.C. Wang, K. Yu, C.Q. Peng, W.X. Li, Transactions of Nonferrous Metals Society of China
17, 6 (2007) 1363-1366.
[133] L. Wang, P. Li, L. He, Russian Journal of Electrochemistry 47, 8 (2011) 900-907.
[134] X. Zhou, Y. Huang, Z. Wei, Q. Chen, F. Gan, Corrosion Science 48, 12 (2006) 4223-4233.
[135] N. Stanford, Materials Science and Engineering: A 527, 10-11 (2010) 2669-2677.
[136] W. Liu, F. Cao, L. Zhong, L. Zheng, B. Jia, Z. Zhang and J. Zhan, Materials and Corrosion 60, 10
(2009) 795-803.
[137] Y. Wu, R. He, L. Li, Advanced Structural Materials 686, (2011) 332-336.
[138] T. Takenaka, T. Ono, Y. Narazaki, Y. Naka, M. Kawakami, Electrochimica Acta 53, 1 (2007) 117-121.
[139] T.G. Byrer, E.L. White, P.D. Frost, The development of magnesium-lithium alloys for structural
applications, Battelle, Columbus, OH, USA, 1964.
[140] P.C. Wang, C.C. Lin, T.Y. Huang, H.C. Lin, Y.H. Lee, M.T. Yeh, J.Y. Wang, Materials Transactions
49, 5 (2008) 913-917.
[141] E. Ghali, W. Dietzel, K.U. Kainer, Journal of Materials Engineering and Performance 13, 1 (2004) 723.
[142] Y.W. Song, D.Y. Shan, R.S. Chen, E.H. Han, Corrosion Engineering, Science and Technology 46, 6
(2011) 719-723.
[143] P.D. Frost, F.W. Fink, H.A. Pray, J.H. Jackson, Journal of the Electrochemical Society 102, 5 (1955)
215-218.
[144] Y. Song, D. Shan, R. Chen, E. Han, Corrosion Science 51, 5 (2009) 1087-1094.
[145] W. Diqing, W. Jincheng, W. Gaifang, C. Xianyi, L. Linlin, F. Zhigang, Y. Gencang, Materials Science
and Engineering: A 494, 1-2 (2008) 139-142.
[146] T. Sekine, Y. Yoshida, T. Doi, Y. Okubo, S. Kamado, Y. Kojima, M. Inoue, in: 103rd Fall Annual
Meeting of Japanese Institutes of Light Metals, 2003, pp. 355-356.
[147] G.T. Parthiban, N. Palaniswamy, V. Sivan, Anti-Corrosion Methods and Materials 56, 2 (2009) 79-83.
[148] Y.X. Wang, J.W. Fu, Y.S. Yang, Transactions of Nonferrous Metals Society of China 22, 6 (2012)
1322-1328.
[149] M. Li, C. Li, X. Liu, B. Xu, Rare Metal Materials and Engineering 38, 1 (2009) 0007-0010.
[150] R. Arrabal, A. Pardo, M.C. Merino, M. Mohedano, P. Casajús, K. Paucar, G. Garcés, Corrosion
Science 55, (2012) 301-312.
[151] T. Zhang, G. Meng, Y. Shao, Z. Cui, F. Wang, Corrosion Science 53, 9 (2011) 2934-2942.
[152] N. Wang, R. Wang, C. Peng, Y. Feng, Journal of Materials Engineering and Performance 21, 7 (2011)
1300-1308.
[153] B. Çiçek, Y. Sun, Materials and Design 37, (2012) 369-372.
[154] S. Candan, M. Unal, M. Turkmen, E. Koc, Y. Turen, E. Candan, Materials Science and Engineering: A
501, 1-2 (2009) 115-118.
[155] J. Zhang, K. Liu, D. Fang, X. Qiu, P. Yu, D. Tang, J. Meng, Journal of Alloys and Compounds 480, 2
(2009) 810-819.
[156] G.L. Song, Chemical Industry Press (2006) 169-170.
[157] N. Balasubramani, A. Srinivasan, U.T.S. Pillai, Alloys and Compounds 455, (2008) 168-173.
[158] G.Y. Yuan, Y. Sun, W.J. Ding, Scripta Materialia 43, 11 (2000) 1009-1013.

236

[159] A. Srinivasan, S. Ningshen, U. Kamachi Mudali, U.T.S. Pillai, B.C. Pai, Intermetallics 15, 12 (2007)
1511-1517.
[160] D.H. Xiao, M. Song, F.Q. Zhang, Y.H. He, Journal of Alloys and Compounds 484, 1-2 (2009) 416421.
[161] M.B. Yang, F.S. Pan, Transactions of Nonferrous Metals Society of China 22, 1 (2012) 53-59.
[162] S.J. Yao, D.Q. Yi, S. Yang, X.H. Cang, W.X. Li, Material Science Forum 546-549, (2007) 139-142.
[163] M. Cavanaugh, N. Birbilis, R. Buchheit, F. Bovard, Scripta Materialia 56, 11 (2007) 995-998.
[164] R.K. Gupta, N.L. Sukiman, K.M. Fleming, M.A. Gibson, N. Birbilis, ECS Electrochemistry Letters 1,
1 (2012) B1-B3.
[165] M.O. Pekguleryuz, A.A. Kaya, Advanced Engineering Materials 5, 12 (2003) 866-878.
[166] M.E. Drits, L.L. Rokhlin, N.P. Abrukina, Metallovedenie i Termicheskaya Obrabotka Metallov 7,
(1985) 27-28.
[167] D. Wu, S. Yan, Z. Li, Z. Wang, X. Wang, Chinese Journal of Rare Metals 37, 2 (2013) 199-206.
[168] Q. Li, X. Li, Q. Zhang, J. Chen, Rare Metals 29, 6 (2010) 557-560.
[169] K.C. Park, B.H. Kim, H. Kimura, Y.H. Park, I.M. Park, Materials Transactions 51, 3 (2010) 472-476.
[170] P. Wang, J. Li, Y. Guo, Z. Yang, F. Xia, J. Wang, Rare Metal Materials and Engineering 41, 12 (2012)
2095-2099.
[171] N. Birbilis, Report on the corrosion of selected experimental Mg-alloys, A.C.o.E.f.D.i.L. Metals,
Melbourne, VIC, Australia, 2012
[172] H.Y. Ha, J.Y. Kang, B. Kim, S.G. Kim, S.S. Park, C.D. Yim, B.S. You, Corrosion Science, 82 369379.
[173] B.H. Kim, S.W. Lee, Y.H. Park, I.M. Park, Alloys and Compounds 493, (2010) 502-506.
[174] M.B. Yang, Y. Zhu, F.S. Pan, H. Yang, Transactions of Nonferrous Metals Society of China 20, (2010)
s306-s310.
[175] A.A. Luo, A.K. Sachdev, in: Magnesium Technology, San Francisco, CA, 2009, pp. 437-443.
[176] J.M. Kim, J.S. Park, K.T. Kim, Advanced Materials Research 378-379, (2012) 697-700.
[177] M. Gibson, X.Y. Fang, C. Bettles, C. Hutchinson, in: Magenesium technology, 2011.
[178] L. Wu, F.-S. Pan, M.-B. Yang, J.-Y. Wu, T.-T. Liu, Transactions of Nonferrous Metals Society of
China 21, 4 (2011) 784-789.
[179] N.D. Nam, W.C. Kim, J.G. Kim, K.S. Shin, H.C. Jung, Journal of Alloys and Compounds 509, 14
(2011) 4839-4847.
[180] W.C. Kim, N.D. Nam, J.G. Kim, J.I. Lee, Electrochemical and Solid-State Letters 14, 11 (2011) C21C24.
[181] Y. Fan, G.H. Wu, C.Q. Zhai, Materials Science Forum 546-549, (2007) 567-570.
[182] S. Candan, M. Unal, E. Koc, Y. Turen, E. Candan, Journal of Alloys and Compounds 509, 5 (2011)
1958-1963.
[183] X. Ai, G. Quan, The Open Materials Science Journal 6, (2012) 6-13.
[184] A.D. Südholz, K. Gusieva, X.B. Chen, B.C. Muddle, M.A. Gibson, N. Birbilis, Corrosion Science 53, 6
(2011) 2277-2282.
[185] J. Zhang, X. Niu, X. Qiu, K. Liu, C. Nan, D. Tang, J. Meng, Journal of Alloys and Compounds 471, 12 (2009) 322-330.
[186] G.L. Li, J.B. Wen, J.G. He, J.L. Ma, Y.S. Yang, J.F. Li, Transactions of Materials and Heat Treatment
33, 3 (2012) 52-56.
[187] P.L. Miller, B.A. Shaw, R.G. Wendt, W.C. Moshier, Corrosion 51, 12 (1995) 922-931.
[188] B.A. Shaw, E. Sikora, Crystalline Alloys- Magnesium, in: Environmental Degradation of Advanced
and Technical Engineering Materials, L.H. Hihara, R.P.I. Adler, R.M. Latanision (Ed.), CRC Press Taylor
and Francis Group, Boca Raton, 2014, pp. 21-65.
[189] R.C. Wolfe, B.A. Shaw, Journal of Alloys and Compounds 437, (2007) 157-164.
[190] J.S. Chun, J.G. Byrne, Journal of Materials Science 4, (1969) 861-872.
[191] C.H. Cáceres, A. Blake, Physica Status Solidi (a) 194, (2002) 147-158.
[192] Y. Song, E. Han, D. Shan, C. Yim, B. You, Corrosion Science 65, (2012) 322-330.
[193] H. Okamoto, Journal of Phase Equilibria and Diffusion 28, (2007) 305-306.
[194] M. Sun, G. Wu, W. Wang, W. Ding, Materials Science and Engineering: A 523, 1-2 (2009) 145-151.
[195] D.S. Gandel, M.A. Easton, M.A. Gibson, T. Abbott, N. Birbilis, Corrosion Science 81, (2014) 27-35.
[196] W.C. Neil, M. Forsyth, P.C. Howlett, C.R. Hutchinson, B.R.W. Hinton, Corrosion Science 51, 2 (2009)
387-394.
[197] M.B. Kannan, C. Blawert, W. Dietzel, Materials Science Forum 690, (2011) 385-388.

237

[198] M. Suresh, A. Srinivasan, K.R. Ravi, U.T.S. Pillai, B.C. Pai, Materials Science and Engineering: A
525, 1-2 (2009) 207-210.
[199] H.L. Zhao, S.K. Guan, F.Y. Zheng, Journal of Materials Research 22, 9 (2007) 2423-2428.
[200] Z.X. Zhou, H.L. Zhao, S.K. Guan, C.X. Ren, X.D. Liu, Foundry Technology 27, 2 (2006) 163-166.
[201] J. Buha, Materials Science and Engineering: A 491, 1-2 (2008) 70-79.
[202] Z. Wang, H. Geng, J. Li, X. Teng, Key Engineering Materials 353-358, (2007) 1593-1596.
[203] B.A. Shaw, R.C. Wolf, Corrosion of Magnesium and Magnesium-Base Alloys, in: ASM Handbook,
Corrosion: Materials, S.D. Cramer, B.S. Covino, Jr. (Ed.), ASM International, Materials Park, OH, USA,
2005, pp. 205-227.
[204] F.Y. Han, L.H. Tian, W. Liang, J.S. Zhang, Transactions of Materials and Heat Treatment 28, 4 (2007)
26-29.
[205] S. Xu, M.E. Ikpi, J. Dong, J. Wei, W. Ke, N. Chen, International Journal of Electrochemical Science 7,
(2012) 4735-4755.
[206] L. Friberg, M. Piscator, G.F. Nordberg, T. Kjellstrom, Cadmium in the Environment, CRC Press,
Cleveland, OH, USA, 1974.
[207] C. Klose, G. Mroz, K. Kerber, W. Reimche, F.W. Bach, in: 1st Joint International Symposium on
System-Integrated Intelligence 2012: New Challenges for Product and Production Engineering, EPoSS,
Berlin, Germany, 2012, pp. 56-58.
[208] J. Geng, X. Gao, X.Y. Fang, J.F. Nie, Scripta Materialia 64, 6 (2011) 506-509.
[209] L. Yang, Y. Huang, Q. Peng, F. Feyerabend, K.U. Kainer, R. Willumeit, N. Hort, Materials Science
and Engineering: B 176, 20 (2011) 1827-1834.
[210] S. Miura, S. Imagawa, T. Toyoda, K. Ohkubo, T. Mohri, Materials Transactions 49, 5 (2008) 952-956.
[211] C.M. Liu, B.F. Li, H.T. Liu, H.Z. Li, Z.Y. Chen, M.J. Wang, Journal of Central South University
(Science and Technology) 41, (2010) 125-131.
[212] S. Iwasawa, Y. Negishi, S. Kamado, Y. Kojima, R. Ninomiya, Journal of Japan Institute of Light
Metals 44, 1 (1994) 3-8.
[213] L. Yang, F. Feyerabend, K.U. Kainer, R. Willumeit, N. Hort, Materials Science Forum 690, (2011)
417-421.
[214] S. Kamado, S. Iwasawa, K. Ohuchi, Y. Kojima, R. Ninomiya, Journal of Japan Institute of Light
Metals 42, 12 (1992) 727-733.
[215] H. Liu, G. Qi, Y. Ma, H. Hao, F. Jia, S. Ji, H. Zhang, X. Zhang, Materials Science and Engineering: A
526, 1-2 (2009) 7-10.
[216] H.B. Liu, G.H. Qi, Y.T. Ma, X.G. Zhang, Materials Research Innovations 14, 2 (2010) 154-159.
[217] B. Kim, K. Park, H. Kimura, Y. Park, I. Park, Materials Transactions 53, 1 (2012) 240-243.
[218] C.J. Bettles, Materials Science and Engineering: A 348, 1-2 (2003) 280-288.
[219] H. Ohno, S. Ino, H. Iwasaki, Transactions JIM 20, (1979) 11-18.
[220] M. Shanthi, P. Jayaramanavar, V. Vyas, D.V.S. Seenivasan, M. Gupta, Journal of Alloys and
Compounds 513, (2012) 202-207.
[221] S. Gonzalez, E. Pellicer, J. Fornell, A. Blanquer, L. Barrios, E. Ibanez, P. Solsona, S. Surinach, M.D.
Baro, C. Nogues, J. Sort, Journal of Mechanical Behavior of Biomedical Materials 6, (2012) 53-62.
[222] E. Pellicer, S. Gonzalez, A. Blanquer, S. Surinach, M.D. Baro, L. Barrios, E. Ibanez, C. Nogues, J.
Sort, Journal of Biomedical Materials Research Part A 101A, 2 (2013) 502-517.
[223] B. Kim, K. Park, Y. Park, I. Park, Materials Letters 65, 1 (2011) 122-125.
[224] B. Kim, B. Kang, Y. Park, I. Park, Materials Science and Engineering: A 528, 18 (2011) 5747-5753.
[225] M.E. Drits, L.L. Rokhlin, E.M. Padezhnova, L.S. Guzei, Metallovedenie i Termicheskaya Obrabotka
Metallov 9, (1978) 70-73.
[226] V. Neubert, I. Stulíková, B. Smola, B.L. Mordike, M. Vlach, A. Bakkar, J. Pelcová, Materials Science
and Engineering: A 462, 1-2 (2007) 329-333.
[227] J. Buha, Acta Materialia 56, 14 (2008) 3533-3542.
[228] C. Zhang, J.R. Liu, W.D. Huang, Rare Metal Materials and Engineering 407, (2011) 1173-1177.
[229] S.M. Jo, K.C. Park, B.H. Kim, H. Kimura, S.K. Park, Y.H. Park, Materials Transactions 52, 6 (2011)
1088-1095.
[230] L. Balogh, R.B. Figueiredo, T. Ungár, T.G. Langdon, Materials Science and Engineering: A 528, 1
(2010) 533-538.
[231] K. Gusieva, C.H.J. Davies, J.R. Scully, N. Birbilis, International Materials Reviews
10.1179/1743280414Y.0000000046 (2014).
[232] G. Ben-Hamu, D. Eliezer, K.S. Shin, S. Cohen, Journal of Alloys and Compounds 431, 1-2 (2007) 269276.

238

[233] G. Chen, X.D. Peng, P.G. Fan, W.D. Xie, Q.Y. Wei, H. Ma, Y. Yang, Transactions of Nonferrous
Metals Society of China 21, 4 (2011) 725-731.
[234] Y. Kawamura, K. Hayashi, A. Inoue and T. Masumoto, Materials Transactions 42, (2001) 1172-1176.
[235] A. Inoue, Y. Kawamura, M. Matsushita, K. Hayashi and J. Koike, Journal of Materials Research 16,
(2001) 1894-1900.
[236] T. Homma, N. Kunito and S. Kamado, Scripta Materialia 61, (2009) 644-647.
[237] K. Yamada, Y. Okubo, M. Shiono, H. Watanabe, S. Kamado and Y. Kojima, Materials Transactions
47, (2006) 1066-1070.
[238] B.L. Hong, N.N. Gong, L. Pang, X.G. Zhang, Materials Science and Engineering A 497, 1-2 (2008)
254-259.
[239] S. Liang, H. Sun, Z. Liu, E. Wang, Journal of Alloys and Compounds 472, 1-2 (2009) 127-132.
[240] M.Z. Li, Y.Q. Wang, C. Li, X.G. Liu, B.S. Xu, Materials Science and Technology 27, 7 (2011) 11381142(1135).
[241] H.B. Liu, X.G. Zhang, G.H. Qi, L. Pang, Y.T. Ma, S.H. Ji, H.Y. Zhang, Materials & Research
Innovations 14, 4 (2010) 342-347.
[242] X.P. Luo, L.T. Xia, and M.G. Zhang, Advanced Materials Research 189-193, (2011) 197-201.
[243] T. Laser, M.R. Nürnberg, A. Janz, Ch. Hartig, D. Letzig, R. Schmid-Fetzer, R. Bormann, Acta
Materialia 54, 11 (2006) 3033-3041.
[244] B.H. Zhang, Z.M. Zhang, Transactions of Nonferrous Metals Society of China 20, (2010) 439-443.
[245] D. Zhang, X. Zhang, X. Ge, D. Fang, X. Yu, Advanced Materials Research 472-475, (2012).
[246] X.Y. Fang, D.D. Yi, B. Wang, W.H. Luo, W. Gu, Transactions of Nonferrous Metals Society of China
16, 5 (2006) 1053-1058.
[247] D. Zhang, H. Zhang, X. Yu, X. Zhang, D. Fang, Advanced Materials Research 284-286, (2011) 500504.
[248] M. Yang, F. Pan, R. Cheng, W. Zhao, Rare Metal Materials and Engineering 37, 10 (2008) 1737-1741.
[249] P. Wang, J. Li, Y. Guo, Z. Yang and F. Xia, Rare Metals 30, 6 (2011) 639-643.
[250] W.J. Kim, and H.G. Jeong, Materials Science Forum 419-422, (2003) 201-206.
[251] R. Zheng, J.M. Song, X.R. Zhu, G.X. Zhou, X.B. Zhao, X.G. Zhang, Advanced Materials Research
146-147, (2010) 1825-1830.
[252] F.S. Pan, J.J. Mao, X.H. Chen, J. Peng, J.F. Wang, Transactions of Nonferrous Metals Society of China
20, 7 (2010) 1299-1304.
[253] H. Zhu, C. Luo, J. Liu, Z. Liu, S.P. Ringer, Materials Science Forum 654-656, (2010) 655-658.
[254] X. Ai, and G. Quan, The Open Materials Science Journal 6, (2012) 6-13.
[255] ASM Special Handbook: Magnesium and Magnesium Alloys, ASM International Materials Park, OH,
USA, 1999.
[256] T. Fuji, N. Fuyama, C. Masuda, Material Science Forum 419-422, (2004) 109-114.
[257] Q.D. Wang, W.D. Chen, X.Q. Zeng, Y.Z. Lu, W.J. Ding, Y.P. Zhu, X.P. Xu, M.J. Mabuchi, Materials
Science 36, (2001) 3035-3040.
[258] K. Hirai, H. Somekawa, Y. Takigawa, K. Higashi, Materials Science and Engineering: A 403, 1-2
(2005) 276-280.
[259] S.J. Yao, D.Q. Yi, S. Yang, X.H. Cang, W.X. Li, Materials Science Forum 546-549, (2007) 139-142.
[260] F.E. Hauser, P.R. Landon, J.E. Dorn, Transactions AIME 206, (1956) 589-593.
[261] E.O. Hall, Proceedings of the Physical Society. Section B 64, 9 (1951) 747-753.
[262] R.W. Armstrong, Yield, flow and fracture of polycrystals in, T.N. Baker (Ed.), Applied Science
Publisher, London, UK, 1983, pp. 1-31.
[263] A. Jain, O. Duygulu, D.W. Brown, C.N. Tomé, S.R. Agnew, Materials Science and Engineering: A
486, 1-2 (2008) 545-555.
[264] M.R. Barnett, Z. Keshavarz, A.G. Beer, D. Atwell, Acta Materialia 52, 17 (2004) 5093-5103.
[265] R.B. Figueiredo, T.G. Langdon, Materials Science and Engineering: A 501, 1-2 (2009) 105-114.
[266] J.W. Wyrzykowski, M.W. Grabski, Philosophical Magazine A 53, 4 (1986) 505-520.
[267] D. Orlov, K.D. Ralston, N. Birbilis, Y. Estrin, Acta Materialia 59, 15 (2011) 6176-6186.
[268] C. Op't Hoog, N. Birbilis, M.Z. Zhang, Y. Estrin, Key Engineering Materials 384, (2008) 229-240.
[269] N. Birbilis, K.D. Ralston, S. Virtanen, H.L. Fraser, C.H.J. Davies, Corrosion Engineering, Science and
Technology 45, 3 (2010) 224-230.
[270] G.R. Argade, S.K. Panigrahi, R.S. Mishra, Corrosion Science 58, (2012) 145-151.
[271] D. Song, A. Ma, J. Jiang, P. Lin, Materials Science Forum 667-669, (2011) 1131-1136.
[272] D. Song, A.B. Ma, J.H. Jiang, P.H. Lin, D.H. Yang, J.F. Fan, Corrosion Science 53, 1 (2011) 362-373.
[273] K.D. Ralston, N. Birbilis, C.H.J. Davies, Scripta Materialia 63, 12 (2010) 1201-1204.

239

[274] H.S. Kim, W.J. Kim, Corrosion Science 75, (2013) 228-238.
[275] C. Op't Hoog, N. Birbilis, Y. Estrin, Advanced Engineering Materials 10, 6 (2008) 579-582.
[276] K.D. Ralston, J.G. Brunner, S. Virtanen, N. Birbilis, Corrosion 67, 10 (2011) 105001-105010.
[277] T. Mukai, M. Yamanoi, H. Watanabe, K. Higashi, Scripta Materialia 45, (2001) 89-94.
[278] R.E. Reed-Hill, W.D. Robertson, Acta Metallurgica 5, (1957) pp. 728.
[279] S.R. Agnew, M. H. Yoo, C. N. Tome, Acta Materialia 49, (2001) 4277-4289.
[280] Z.B. Sajuri, Y. Miyashita, Y. Hosokai, Y. Mutoh, International Journal of Mechanical Sciences 48, 2
(2006) 198-209.
[281] D. Letzig, L. Stutz, J. Bohlen, K.U. Kainer, Materials Science Forum 690, (2011) 298-301.
[282] P. Lukac, Z. Trojanova, Materials Engineering 18, (2011) 111-114.
[283] S.H.C. Park, Y.S. Sato, H. Kokawa, Journal of Materials Science 38, 21 (2003) 4379-4383.
[284] J. Xing, H. Soda, X. Yang, H. Miura, T. Sakai, Materials Transactions 46, 7 (2005) 1646-1650.
[285] Y.X. Wang, J.X. Zhou, J. Wang, T.J. Luo, Y.S. Yang, Transactions of Nonferrous Metals Society of
China 21, 4 (2011) 711-716.
[286] M. Yang, X. Liang, Z. Yi, F. Pan, Materials and Design 32, 4 (2011) 1967-1973.
[287] D.H. StJohn, M.A. Easton, M. Qian, J.A. Taylor, Metallurgical and Materials Transactions A 44, 7
(2012) 2935-2949.
[288] M. Sun, M.A. Easton, D.H. StJohn, G. Wu, T.B. Abbott, W. Ding, Advanced Engineering Materials
15, 5 (2013) 373-378.
[289] M.A. Easton, A. Schiffl, J.Y. Yao, H. Kaufmann, Scripta Materialia 55, 4 (2006) 379-382.
[290] W.Z. Chen, X. Wang, E.D. Wang, Z.Y. Liu, L.X. Hu, Scripta Materialia 67, 10 (2012) 858-861.
[291] G.L. Song, R. Mishra, Z. Xu, Electrochemistry Communications 12, 8 (2010) 1009-1012.
[292] M. Liu, D. Qiu, M.C. Zhao, G. Song, A. Atrens, Scripta Materialia 58, 5 (2008) 421-424.
[293] P. Minárik, R. Král, M. Janeček, Applied Surface Science 281, (2013) 44-48.
[294] D.C. Foley, M. Al-Maharbi, K.T. Hartwig, I. Karaman, L.J. Kecskes, S.N. Mathaudhu, Scripta
Materialia 64, 2 (2011) 193-196.
[295] V.N. Serebryany, S.V. Dobatkin, Materials Science Forum 702-703, (2012) 119-122.
[296] F. Akbaripanah, F. Fereshteh-Saniee, R. Mahmudi, H.K. Kim, Materials and Design 43, (2013) 31-39.
[297] S.R. Agnew, JOM 56, 5 (2004) 20-21.
[298] J.R. Mills, R.A. King, C.E.T. White, White, "Indium", C.A. Hampel, Chapman and Hall Ltd, London,
UK, 1961.
[299] Y.H. Chung, C.W. Lee, Journal of Electrochemical Science and Technology 3, 1 (2012) 1-13.
[300] J. Bohlen, M.R. Nurnberg, J.W. Senn, D. Letzig, S.R. Agnew, Acta Materialia 55, (2007) 2101-2112.
[301] M.P. A. Becerra, Journal of Materials Research 24, 5 (2009) 1722-1729.
[302] T. Murai, S. Matsuoka, S. Miyamoto, Y. Oki, Journal of Materials Processing Technology 141, 2
(2003) 207-212.
[303] J.Q. Su, A.S.H. Kabir, I.H. Jung, S. Yue, in: Magnesium Technology 2014 - TMS 2014 143rd Annual
Meeting and Exhibition, Magnesium Technology, San Diego, CA, USA, 2014, pp. 143-147.
[304] A. Sadeghi, M. Pekguleryuz, Materials Science and Engineering: A 528, 3 (2011) 1678-1685.
[305] L. Pauling, The nature of the chemical bond, Oxford University Press, Oxford, UK, 1960.
[306] A. Sadeghi, M. Pekguleryuz, Materials Characterization 62, 8 (2011) 742-750.
[307] P. Zhao, Q. Wang, C. Zhai, Y. Zhu, Materials Science and Engineering: A 444, 1-2 (2007) 318-326.
[308] F. Pan, M. Yang, L. Cheng, Materials Science and Engineering: A 527, 4-5 (2010) 1074-1081.
[309] S.C. Wang, C.P. Chou, Y.C. Fann, Materials Science and Engineering: A 485, 1-2 (2008) 428-438.
[310] B.L. Mordike, Materials Science and Engineering A324, (2002) 103-112.
[311] J. Gröbner, R. Schmid-Fetzer, Journal of Alloys and Compounds 320, (2001) 296-301.
[312] B. Smola, I. Stulikova, F. von Buch, B.L. Mordike, Materials Science and Engineering A 324, (2002)
113-117.
[313] M. Wang, H. Zhou, L. Wang, Journal of Rare Earths 25, 2 (2007) 233-237.
[314] F.S. Pan, M.B. Chen, J.F. Wang, J. Peng, A.T. Tang, Transactions of Nonferrous Metals Society of
China 18, (2008) s1-s6.
[315] Z. Yu, A. Tang, L. Zhang, F. Pan, Materials Science and Technology 30, 12 (2014) 1441-1446.
[316] I.P. Moreno, T.K. Nandy, J.W. Jones, J.E. Allison, T.M. Pollock, Scripta Materialia 48, 8 (2003) 10291034.
[317] G. Pettersen, H. Westengen, R. Høier, O. Lohne, Materials Science and Engineering A207, (1996) 115120.
[318] A.A. Nayeb-Hashemi, J.B. Clark Phase Diagrams of Binary Magnesim alloys, ASM International,
Materials Park, OH, USA, 1988.

240

[319] A. Becerra, M. Pekguleryuz, Journal of Materials Research 24, 05 (2011) 1722-1729.
[320] H. Borkar, M. Hoseini, M. Pekguleryuz, Materials Science and Engineering: A 549, (2012) 168-175.
[321] G. Wu, Y. Fan, H. Gao, C. Zhai, Y.P. Zhu, Materials Science and Engineering: A 408, 1-2 (2005) 255263.
[322] G. Yuan, Y. Sun, W. Ding, Material Science and Engineering A308, (2001) 38-44.
[323] K. Oh-ishi, C.L. Mendis, T. Homma, S. Kamado, T. Ohkubo, K. Hono, Acta Materialia 57, 18 (2009)
5593-5604.
[324] H. Somekawa, A. Singh, T. Mukai, Scripta Materialia 60, 6 (2009) 411-414.
[325] J. Bohlen, S.B. Yi, J. Swiostek, D. Letzig, H.G. Brokmeier, K.U. Kainer, Scripta Materialia 53, ( 2005)
259–264.
[326] C.I. Chang, C.J. Lee, J.C. Huang, Scripta Materialia 51, 6 (2004) 509-514.
[327] P. Lehto, H. Remes, T. Saukkonen, H. Hänninen, J. Romanoff, Materials Science & Engineering A
592, (2014) 28-39.
[328] S.R. Agnew, J.A. Horton, T.M. Lillo, D.W. Brown, Scripta Materialia 50, 3 (2004) 377-381.
[329] J. Bohlen, S. Yi, D. Letzig, K.U. Kainer, Materials Science and Engineering: A 527, 26 (2010) 70927098.
[330] C.S. Barret, T.B. Massalski, Structure of Metals, Pergamon, Oxford, NY, USA, 1980.
[331] N. Stanford, M.R. Barnett, Materials Science and Engineering: A 496, 1-2 (2008) 399-408.
[332] A. Becerra, M. Pekguleryuz, Journal of Materials Research 23, 12 (2011) 3379-3386.
[333] R. Li, F. Pan, B. Jiang, Q. Yang, A. Tang, Materials & Design 46, (2013) 922-927.
[334] K.N. Reichek, K.J. Clark, E. Hillis, in: International Congress and Exposition, Society of Automotive
Engineers, 1985.
[335] S.C. Wang, C.P. Chou, Journal of Materials Processing Technology 197, 1-3 (2008) 116-121.
[336] N. Stanford, Materials Science and Engineering: A 528, 1 (2010) 314-322.
[337] B. Zhang, Y. Wang, L. Geng, C. Lu, Materials Science and Engineering: A 539, (2012) 56-60.
[338] Y. Iwahashi, Z. Horita, M. Nemoto, T.G. Langdon, Acta Materialia 46, 9 (1998) 3317-3331.
[339] R.Z. Valiev, R.K. Islamagaliev, I.V. Alexandrov, Progress in Materials Science 45, (2000) 103-189.
[340] R.Z. Valiev, I.V. Alexandrov, Journal of Materials Research 17, 1 (2002) 5-8.
[341] W.J. Kim, H.G. Jeong, Materials Science Forum 419-422, (2003) 201-206.
[342] W.J. Kim, S.I. Hong, Y.S. Kim, S.H. Min, H.T. Jeong, J.D. Lee, Acta Materialia 51, 11 (2003) 32933307.
[343] W.C. Kim, N.D. Nam, J.G. Kim, J.I. Lee, Electrochemical and Solid-State Letters 14, 11 (2011) C21C24.
[344] A. Srinivasan, U.T.S. Pillai, B.C. Pai, Materials Science and Engineering: A 452-453, (2007) 87-92.
[345] W. Diqing, W. Jincheng, W. Gaifang, C. Xianyi, Linlin, F. Zhigang, Y. Gencang, Materials Science
and Engineering: A 494, 1-2 (2008) 139-142.
[346] A. Gholina, P.B. Prangnell, M.V. MArkushev, Acta Materialia 48, (2000) 1115-1130.
[347] S.R. Agnew, P. Mehrotra, T.M. Lillo, G.M. Stoica, P.K. Liaw, Acta Materialia 53, 11 (2005) 31353146.
[348] S.R. Agnew, P. Mehrotra, T.M. Lillo, G.M. Stoica, P.K. Liaw, Materials Science and Engineering: A
408, 1-2 (2005) 72-78.
[349] W.J. Kim, H.T. Jeong, Materials Transactions 46, 2 (2005) 251-258.
[350] Y. Yoshida, L. Cisar, S. Kamado, Y. Kojima, Materials Transactions 44, 4 (2003) 468-475.
[351] L.B. Tong, M.Y. Zheng, H. Chang, X.S. Hu, K. Wu, S.W. Xu, S. Kamado, Y. Kojima, Materials
Science and Engineering: A 523, 1-2 (2009) 289-294.
[352] S. Fleming, An overview of magnesium based alloys for aerospace and automotive applications,
Master of Engineering, Mechanical Engineering, Rensselaer Polytechnic Institute, Hartford, CT, USA, 2012.
[353] B.L. Mordike, T. Ebert, Materials Science and Engineering A302, (2001) 37-45.
[354] N. Birbilis, R.G. Buchheit, Journal of the Electrochemical Society 152, 4 (2005) B140-B141.
[355] M. Büchler, T. Watari, W.H. Smyrl, Corrosion Science 42, (2000) 1661-1668.
[356] G.O. Ilevbare, O. Schneider, R.G. Kelly, J.R. Scully, Journal of the Electrochemical Society 151, 8
(2004) B453-B464.
[357] J.R. Scully, T.O. Knight, R.G. Buchheit, D.E. Peebles, Corrosion Science 35, 1-4 (1993) 185-195.
[358] M.A. Alodan, W.H. Smyrl, Journal of the Electrochemical Society 144, 10 (1997) L282-L284.
[359] M.B. Vukmirovic, N. Dimitrov, K. Sieradzki, Journal of the Electrochemical Society 149, 9 (2002)
B428-B439.
[360] J.O. Park, C.H. Paik, Y.H. Huang, R.C. Alkire, Journal of the Electrochemical Society 146, 2 (1999)
517-523.

241

[361] T.J.R. Leclère, R.C. Newman, Journal of the Electrochemical Society 149, 2 (2002) B52.
[362] P. Leblanc, G.S. Frankel, Journal of the Electrochemical Society 149, 6 (2002) B239-B247.
[363] O. Schneider, G.O. Ilevbare, J.R. Scully, R.G. Kelly, Journal of the Electrochemical Society 151, 8
(2004) B465-B472.
[364] G.L. Song, A. Atrens, Advnced Engineering Materials 5, 12 (2003) 837-858.
[365] G.L. Song, A. Atrens, M. Dargusch, Corrosion Science 41, (1999) 249-273.
[366] L. Wang, T. Shinohara, B.P. Zhang, Journal of Solid State Electrochemistry 14, 10 (2010) 1897-1907.
[367] O. Lunder, J.E. Lein, T.K. Aune, K. Nisancioglu, Corrosion 45, 9 (1989) 741-748.
[368] R. Ambat, N.N. Aung, W. Zhou, Journal of Applied Electrochemistry 30, (2000) 865-874.
[369] M.C. Merino, A. Pardo, R. Arrabal, S. Merino, P. Casajús, M. Mohedano, Corrosion Science 52, 5
(2010) 1696-1704.
[370] R.C. Zeng, W.Q. Zhou, E.H. Han, W. Ke, Acta Metallurgica Sinica 41, 3 (2005) 307-311.
[371] G. Williams, H. Dafydd, R. Subramanian, ECS Transactions 58, 31 (2014) 23-34.
[372] G. Williams, R. Grace, Electrochimica Acta 56, 4 (2011) 1894-1903.
[373] J.R. Davis, Understanding the corrosion behavior of Aluminium, in: Corrosion of Aluminium and
Aluminium Alloys, ASM International, Materials Park, OH, USA, 1999, pp. 25-43.
[374] E. Ghali, Corrosion Resistance of Aluminum and Magnesium Alloys Understanding, Performance, and
Testing, R. WInston Revie, Wiley, Hoboken, NJ, USA, 2010.
[375] H. Altun, S. Sen, Materials & Design 25, 7 (2004) 637-643.
[376] W. Liu, F.R. Cao, A. Chen, L. Chang, B. Zhang, C. Cao, Corrosion 68, 4 (2012) 045001-045014.
[377] O. Seri, Corrosion Science 36, 10 (1994) 1789-1803.
[378] R.T. Foley, Corrosion 42, 5 (1986) 277-288.
[379] M. Santamaria, F. Di Quarto, S. Zanna, P. Marcus, Electrochimica Acta 53, 3 (2007) 1314-1324.
[380] L. Wang, T. Shinohara, B.P. Zhang, Applied Surface Science 256, 20 (2010) 5807-5812.
[381] N. Hara, Y. Kobayashi, D. Kagaya, N. Akao, Corrosion Science 49, 1 (2007) 166-175.
[382] M. Liu, S. Zanna, H. Ardelean, I. Frateur, P. Schmutz, G. Song, A. Atrens, P. Marcus, Corrosion
Science 51, (2009) 1115-1127.
[383] J.H. Nordlien, S. Ono, N. Masuko, K. Nisancioglu, Corrosion Science 39, 8 (1997) 1397-1414.
[384] G. Williams, H.N. McMurray, Journal of the Electrochemical Society 155, 7 (2008) C340-C349.
[385] S.V. Lamaka, O.V. Karavai, A.C. Bastos, M.L. Zheludkevich, M.G.S. Ferreira, Electrochemistry
Communications 10, 2 (2008) 259-262.
[386] A. Samaniego, B.L. Hurley, G.S. Frankel, Journal of Electroanalytical Chemistry
dx.doi.org/10.1016/j.jelechem.2014.04.013 (2014).
[387] M. Taheri, J.R. Kish, N. Birbilis, M. Danaie, E.A. McNally, J.R. McDermid, Electrochimica Acta 116,
(2014) 396-403.
[388] G. Williams, H. ap Llwyd Dafydd, R. Grace, Electrochimica Acta 109, (2013) 489-501.
[389] O. Lunder, J.E. Lein, S.M. Hesjevik, Corrosion Morphologies 45, (1994) 331-340.
[390] Alkaline Earth Hydroxides in Water and Aqueous Solutions, I. Lambert, H.L. Clever, Pergamon Press,
Oxford UK, 1992.
[391] A. Pardo, M.C. Merino, A.E. Coy, R. Arrabal, F. Viejo, E. Matykina, Corrosion Science 50, 3 (2008)
823-834.
[392] S.S. Jamali, S.E. Moulton, D.E. Tallman, M. Forsyth, J. Weber, G.G. Wallace, Corrosion Science 86,
(2014) 93-100.
[393] C.R. McCall, M.A. Hill, R.S. Lillard, Corrosion Engineering, Science and Technology 40, 4 (2005)
337-343.
[394] G.S. Frankel, D. Landolt, Corrosion Fundamentals, in: Encyclopedia of Electrochemistry, A.J. Bard,
M. Stratmann (Ed.), Wiley-VCH, Weinheim, Germany, 2003, pp. 3-8.
[395] G.S. Frankel, D. Landolt, Thermodynamics, in: Encyclopedia of Electrochemistry, A.J. Bard, M.
Stratmann (Ed.), Wiley-VCH, Weinheim, Germany, 2003, pp. 9-24.
[396] WYKO Surface Profilers Technical Reference Manual, C. Lamb, M. Zecchino, Veeco, USA, 1999.
[397] V.L. Snoeyink, D. Jenkins, Water chemistry, Wiley, New York, NY, USA, 1980.
[398] R.K. Hart, Transactions of the Faraday Society 53, (1956) 1020-1027.
[399] N. Birbilis, R.G. Buchheit, Journal of the Electrochemical Society 155, 3 (2008) C117-C126.
[400] Z. Szklarska-Smialowska, Corrosion Science 41, (1999) 1743-1767.
[401] R.G. Buccheit, K.R. Zavadil, J.R. Scully, T.O. Knight, Journal of the Electrochemical Society 142, 1
(1995) 51-57.
[402] G.S. Frankel, Journal of the Electrochemical Society 145, 6 (1998) 2186-2196.
[403] E. McCafferty, Corrosion Science 45, 7 (2003) 1421-1438.

242

[404] O. Seri, N. Masuko, Japan Institute of Light Metals 35, (1985) 98-104.
[405] G.L. Song, A. Atrens, D. StJohn, J. Nairn, Y. Li, Corrosion Science 39, 5 (1997) 855-875.
[406] G. Williams, H.N. McMurray, R. Grace, Electrochimica Acta 55, 27 (2010) 7824-7833.
[407] R. Ambat, N.N. Aung, W. Zhou, Corrosion Science 42, (2000) 1433-1455.
[408] J. Zhang, Z.X. Guo, F. Pan, Z. Li, X. Luo, Materials Science and Engineering: A 456, 1-2 (2007) 4351.
[409] K. Hono, C.L. Mendis, T.T. Sasaki, K. Oh-ishi, Scripta Materialia 63, 7 (2010) 710-715.
[410] S.W. Xu, K. Oh-ishi, S. Kamado, F. Uchida, T. Homma, K. Hono, Scripta Materialia 65, 3 (2011) 269272.
[411] T. Homma, N. Kunito, S. Kamado, Scripta Materialia 61, 6 (2009) 644-647.
[412] P. Minárik, R. Král, M. Janeček, Applied Surface Science 10.1016/j.apsusc.2012.12.096 (2012).
[413] S. Seipp, M.F.X. Wagner, K. Hockauf, I. Schneider, L.W. Meyer, M. Hockauf, International Journal of
Plasticity 35, (2012) 155-166.
[414] T. Homma, S. Hirawatari, H. Sunohara, S. Kamado, Materials Science and Engineering: A 539, (2012)
163-169.

243

