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ABSTRACT
Compared to the widely used Ti-6Al-4V, Ti-8Al-1Mo-1V (Ti-811) is characterized by a lower
density and a higher elastic modulus. However, it suffers from stress-corrosion cracking (SCC).
Crystallographic texture and ordered α2 precipitates are two known factors influencing the SCC
properties of Ti-811. However, previous studies were conducted on materials with an intrinsic
texture, and the discussion of texture effects was on a macroscale. In this work, electron
backscatter diffraction (EBSD) was applied to investigate the effect of microtexture in
materials with an intrinsic texture, and designed hot isostatic pressing (HIPping) and post heat
treatment scheme were conducted to study the effect of α2 precipitates without the complicating
effects of texture. The result shows that the presence of both microtexture and α2 precipitates
will increase the SCC susceptibility. EBSD investigation illustrates that the SCC crack
propagation direction was aligned with the microtextured regions in wrought Ti-811, and α
grains were favourably orientated for basal <a> slip along the SCC crack. In the absence of
both crystallographic microtexture and α2 precipitates, there was no SCC crack propagation.
Therefore, it is shown for the first time that SCC susceptibility in Ti-811 can be eliminated
entirely by implementing the HIPping process and post heat treatment used in this work.
A fracture mode transition from dimples to facets was presented at the starting point of aqueous
NaCl SCC tests in both milled Ti-8Al-1Mo-1V bar and powder hot isostatic pressed (HIPped)
Ti-8Al-1Mo-1V materials. An understanding of the transition between the pre-crack region
(fractured in air) and SCC crack region (failed in 0.1M NaCl aqueous solutions) is needed to
reveal the SCC mechanism. Transmission electron backscatter diffraction (T-EBSD) and
transmission electron microscope analysis on focused ion beam (FIB) lift-out lamellae were
used to study the dislocation nature and density underneath the fracture surface. It was found
that the fracture mode transition accompanied with changes in activated dislocation type from
I

basal <a> to basal <a> and <c + a>, and increased dislocation density, those changes are
believed to be related to the absorbed and diffused hydrogen in SCC. The possible SCC
mechanism might be a combination of absorption induced dislocation emission (AIDE) and
hydrogen enhanced localized plasticity (HELP) mechanisms for Ti-8Al-1Mo-1V.
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1 CHAPTER I: LITERATURE REVIEW
1.1 Introduction
Limited resources and growing demands lead to an increasing expense of fuel, which then
results in a high cost in transportation. In addition to the fuel cost, the growing concerns on
greenhouse gas emissions give motivations in reduction of the fuel consumption in aerospace
[1-7]. In order to increase the fuel efficiency, weight reduction in aerospace vehicles is
desirable. For example, the tolerances of extra cost to achieve weight reduction are about 1 and
10 Euro per Kg for the aircraft and spacecraft applications respectively [1]. As a result, weight
reduction and associated fuel efficiency improvement, play a significant role in aerospace
materials selection.

Fig. 1.1 Specific strength and operating temperature of various materials [8]

There are several methods to reduce component weight: the use of lower density materials, or
the use of materials with increased strength and/or stiffness [1, 5, 7]. Materials with a higher
specific strength (strength/density) has a relatively higher strength and lower density. Therefore,
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a high specific strength contributes positively to weight reduction. As shown in Fig. 1.1, Ti
alloys and TiAl alloys have a higher specific strength comparing to that of Al alloys, steels and
super alloys. Although carbon fibre reinforced plastics (CFRP) have the highest specific
strength, Ti alloys, which can be used up to 500 °C, are more attractive comparing to CFRP at
temperatures above 300°C (Fig. 1.1) [9]. In addition to the high specific strength, Ti alloys
have a good creep strength up to about 550 °C and an excellent corrosion resistance. All these
standout properties make them desired in aerospace applications.
Ti-8Al-1Mo-1V (Ti-811) alloy has the highest elastic modulus (stiffness) among all the
commercial Ti alloys, which is desirable for the component weight reduction and aircraft fuel
efficiency improvement. In addition to weight reduction, materials with a high elastic modulus
are favourable for jet engine applications. Ti-811 has a similar tensile strength to that of Ti6Al-4V (Ti-64) at room temperature [8, 10-12]. But it has a slightly lower density than that of
Ti-64, which results in a higher specific strength in turn. Therefore, Ti-811 with a high elastic
modulus and specific strength is suitable in the mass reduction point of view.
Back to the 1960s, Ti-811 was contemplated to be applied as the sheet structure in the American
supersonic transport (SST) project, but it had been found to have a severe stress-corrosion
cracking (SCC) susceptibility. The SCC was attributed to a localized, planar slip due to the
presence of ordered Ti3Al (α2) precipitates in α phase of Ti-811[13]. In addition to α2
precipitates, crystallographic texture had been reported to influence the SCC properties in
numerous α+β Ti alloys [10, 11, 14-18].
However, all the previous studies were only focused on conventional thermomechanical
processed materials (eg. wrought Ti-811) with an intrinsic texture, and the discussion of texture
effects was on a macroscale. In addition, the degree of effect of the α2 phase and texture on
SCC was not delineated independently. With the development of material processing and
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characterization technologies; hot isostatic pressing (HIPping) allows the preparation of
isotropic materials without crystallographic texture, and electron backscatter diffraction
(EBSD) provides a way to characterize microtexture. In this project, the effect of α2 phase will
be studied in hot isostatic pressed (HIPped) samples without the influences of crystallographic
texture, and the effect of microtexture will also be investigated and discussed in samples
without the presence of α2 precipitates. Although several SCC mechanisms have been reported
in Ti alloys, which will be reviewed in section 0. But the SCC mechanism has still not be
clearly established for Ti-8Al-1Mo-1V, thus understanding of SCC mechanism is also focused
in this work.

1.2 Metallurgy of Titanium Alloys
The fundamental concepts of titanium alloys, including crystallographic structures, phase
diagrams, alloy elements, phase transformations, classifications of Ti alloys, will be described
in this section.

1.2.1 Phase Diagram and Crystal Structures
As illustrated by the phase diagram in Fig. 1.2, α phase is stable at stable at low temperatures,
while β phase is the stable phase at high temperatures. The β/α allotropic transformation
temperature and melting temperature are around 882 °C and 1670°C respectively in pure
titanium. As shown in Fig. 1.3, α phase has a hexagonal closed packed (HCP) crystal structure,
which has the most densely packed (0001) plane and three <112̅0> directions as the most
densely packed directions. While β phase is a body centered cubic (BCC) crystal structure, and
it has six {110} planes and four <111> directions as the most densely packed planes and
directions respectively [8, 9, 19].
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Fig. 1.2 Ti-Al Binary phase diagram. The highlighted red dashed line denotes 8 Wt. % Al coposition. [8, 9]

Fig. 1.3 Crystal structure of α and β phases of Titanium [8]

α titanium has an anisotropic mechanical behaviour, which is resulted from the inherent
anisotropy of HCP crystal [8, 9]. For example, the elastic modulus is the highest when the
loading direction parallel to the [0001] direction. While, it is the lowest when the stress is
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applied parallel to the (0001) plane [8, 9]. Similar anisotropic effects has been observed on
shear modulus [8].

Fig. 1.4 D019 crystal structure of Ti3Al (α2) phase [8]

In Ti alloys, the α2 precipitation can be occurred when Al content exceeding 5 Wt. %. As
indicated by the Ti-Al binary phase diagram in Fig. 1.2, 8 Wt. % Al (the red dashed line) leads
to the precipitation of α2 (Ti3Al) phase at appropriate temperatures. The α2 precipitate is ordered
and coherent in α phase, and it has a hexagonal D019 superlattice structure illustrated in Fig.
1.4. The small atoms are in the plane above the basal plane, and Ti and Al atoms occupy
specific positions in the ordered superlattice [8-10, 20, 21]. Ordering alters lattice parameter
for α2 phase, in which it is doubled on basal plane compared to that of α phase, but it remains
the same on the c axis.

1.2.2 Alloying Elements
For Ti alloys, there are two main groups of alloy elements, which are α or β stabilizers. α
stabilizing elements increase the β/α allotropic transformation temperature and extend α phase
field to higher temperatures. Whereas β stabilizers decrease the transus temperature and
stabilize the β phase at lower temperatures.
5

Fig. 1.5 Effects of alloying elements on phase diagram for Ti alloys [8, 9]

As shown in Fig. 1.5, common α stabilizers include substitutional element Al and interstitial
elements O, N, and C. Al is the only common metallic α stabilizer and has a high solubilities
in titanium, thus it is the most widely used alloying elements. In the Ti-Al binary phase diagram
(Fig. 1.2), intermetallic phases, like Ti3Al (α2), TiAl (γ), TiAl2, and TiAl3, are formed with
increasing Al contents [8, 9]. The effect of other α stabilizers can be expressed by an equivalent
Al contents as the following equation [8]:
[Al]eq. = [Al] + 0.17 [Zr] + 0.33 [Sn] + 10 [O]

(1.1)

It shows that O is a very strong α stabilizer, and it is also an α2 stabilizer that extends α+α2
phase field to higher temperatures and promotes the ordering transformation.
β stabilizers can be divided in to β-isomorphous elements and β-eutectoid forming elements
groups depending on the resultant phase diagram, and both of them are illustrated in Fig. 1.5.
β-eutectoid forming elements include the widely used Cr, Fe, and Si. It is worthwhile to
mention that hydrogen is one of β-eutectoid forming elements. Hydrogenation
/dehydrogenation (HDH) process is a grain refinement treatment used in Ti alloys, which
utilizes the combined effects of the high diffusivity of hydrogen and low eutectoid temperatures
when hydrogen is added in Ti alloys [8]. Hydrogen has a much higher diffusivity and solubility
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in β phase compared to α phase due to the low packing density in BCC crystal [22]. But the
usage of hydrogen is limited to about 150 ppm due to hydrogen embrittlement [22]. The other
group is the β-isomorphous elements that contains Mo, V, Ta, and Nb. High concentrations
of β-isomorphous alloying additions can stabilize the β phase to room temperature. The overall
effect of β stabilizers can be quantitatively described as the following equivalent Mo content
[8]:
[Mo]eq. = [Mo] + 0.2 [Ta] + 0.28 [Nb] + 0.4 [W] + 0.67 [V] + 1.25 [23] + 1.25 [Ni] +1.7 [Mn]
+ 1.7 [Co] + 2.5 [Fe]

(1.2)

In addition to α and β stabilizing elements, neutral alloying elements is another group, which
contains Sn and Zr. Neutral alloying elements have a minor effect on the transus temperature
[8-10, 20]. Howver, Sn can replace Al in the hexagonal ordered Ti3Al superlattice. Therefore,
it behaves as an α stabilizer. This explains the presence of Sn in equivalent Al contents
described Equation 1.1.

1.2.3 Phase Transformations
Slow cooling from β to α phase field results in the β/α allotropic transformation, governed by
diffusion, nucleation, and growth processes. The transformation between the HCP α and BCC
β phases obeys the following Burgers relationship [8, 9]:
(110)β || (0002)α
<11̅1>β || <112̅0>α
Based on the Burgers relationship, a bcc crystal can have 12 hexagonal variants during the
transformation. Because there are six most densely packed (110)β planes and two <11̅ 1>β
directions for each plane in the BCC β titanium unit cell. Fig. 1.6 illustrates the lattice distortion
during the transformation, the distance between (0001)α planes is slightly larger than that of
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(110)β planes, which introduces a contraction on c-axis and gives a reduced c/a ratio for HCP
α titanium. The transformation is also accompanied with a slight volume increase [8, 9]. In
HCP crystal, the ideal c/a ratio is 1.633, but α titanium has a slightly low c/a ratio at 1.587
according to the lattice parameters in Fig. 1.3 [8, 9].

Fig. 1.6 Burgers relationship between BCC (β) and HCP (α) crystals during the β/α phase transformation [9]

Rapid cooling from temperatures above the martensitic start temperature (Ms) results in a
diffusionless martensite transformation. Although it involves shear transformation systems of
[111]β ( 112̅ )β and [111]β ( 1̅01 )β, the martensite transformation still obeys the Burgers
relationship. Similar to the β/α allotropic transformation temperature, the martensitic start
temperature is also influenced by alloying elements. It increases with the addition of α
stabilizers, and decreases with increasing contents of β stabilizers [8, 9]. Only a small elastic
distortion of titanium martensite HCP crystal is induced by interstitial oxygen atoms, while
interstitial carbon and nitrogen atoms introduce a strong distortion in BCC lattice of martensite
in steels with accompanying significant increase of strength. Therefore, the martensite is much
softer in titanium than it is in steel [8, 9].
The martensite can be divided into hexagonal α’ martensite and orthorhombic α" martensite,
and both of them decompose into α and β phases upon annealing in the α+β phase field [8, 9].
8

The hexagonal α’ martensite has two kinds of morphologies, which includes the massive
martensite and “acicular” martensite. The Massive martensite is the form in pure titanium or
titanium alloys with a low solute concentration. While the “acicular” martensite is the type in
titanium alloys with a higher solute content [8, 9].
α" martensite is formed when the solute contents are further increased, which introduces a
change in crystal symmetry from hexagonal into orthorhombic. An example is that α’ is
changed into α" when there is 4 Wt. % Mo in the binary Ti-Mo system [8].

1.2.4 Classification of Titanium Alloys
Fig. 1.7 divides titanium alloys into α, α+β, and β alloys by β stabilizer concentration contained.
The group of α alloys consists of commercial pure (CP) titanium and titanium alloys with a
very low β stabilizer addition. Another group is α+β alloys, which have a filed from α alloys
boundary to the intersection point between the Ms dashed line and room temperature. A
subcategory of α+β alloys is near α alloys, which contains only 1-2% β stabilizers but a large
amount of α stabilizers. Therefore, near α alloys have a small volume of stable β phase (less
than about 10 Vol%) and a high β transus temperature [8, 9].
β alloys have a high concentration of β stabilizers, and they can be further broken down into
metastable and stable β alloys. The stable β alloys is the single phase field, which do not exist
as a commercial products. Thus the β alloys is generally used to describe the metastable β
alloys. As the Ms temperatures are below the room temperature, there is no martensite
transformation in the β alloys [8, 9].
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Fig. 1.7 Pseudo-binary β-isomorphous phase diagram [24]

In this work, the studied material is Ti-8Al-1Mo-1V alloy, which belongs to the near α alloys
subgroup. Near α alloys have a combination of high strength and good creep resistance, and
they are widely used in high temperature aero-engine applications. For Ti-8Al-1Mo-1V, 8 Wt. %
Al contents reduce the alloy density to 4.37 g/cm3, which is slightly lower than that of Ti-6Al4V (4.43 g/cm3). High Al contents also give Ti-8Al-1Mo-1V the highest elastic modulus, 120
GPa, among conventional titanium alloys. The effect of Al on elastic modulus is related to
10

ordering and accompanied increase of covalent bonding strength [8, 10, 11]. In addition to α,
β and α2 phases, α’, α", and ordered ω phases, are possible phases in Ti-8Al-1Mo-1V. The
hexagonal α’ and orthorhombic α" martensite are formed when it is quenched from different
temperature regions above the Ms at 900 °C [8, 10, 11, 25]. For metastable ω phase, both
athermal and isothermal ω phases have a hexagonal symmetry in leaner alloys. Similar with α2
phases, ω precipitate is also coherent and can be shearable by dislocations [8, 10, 13].
As Ti-8Al-1Mo-1V has a high elastic modulus and a specific strength, it seems to be an
extremely attractive material for aerospace applications. However, it was found to have a
limitation of stress-corrosion cracking (SCC). As a result, Ti-8Al-1Mo-1V can only be applied
in non-corrosive environments. The main applications of Ti-8Al-1Mo-1V are airframes and
gas turbine engines, which are driven by the property of high elastic modulus. To be more
specific, gas turbine engine applications are compressor blades and vanes, and other
applications include mechanical and screw presses, and rapid strain rate hammers [8, 10-12].

1.3 Deformation Behaviours
There are four common presented phases, α, β, α2 phases and martensite, in Ti-8Al-1Mo-1V.
In this section, the concept of Schmid factor and deformation modes of the four common phases
are introduced.

1.3.1 Schmid Factor
In crystalline material, the ease of dislocation motion is different on different slip systems.
Generally, there are preferred slip systems with specific slip planes and directions [26, 27]. In
single crystal, activation of slip systems is influenced by the magnitude of the shear stress,
geometry of crystal, and orientation between the active slip plane and shear stress. The resolved
shear stress is various for different slip systems, because it depends on the orientation between
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the stress axis relative to slip plane normal (𝜙) and slip direction (𝜆) respectively (see Fig. 1.8).
The resolve stress is given by [26, 27]:
𝐹

𝜏𝑅 = 𝐴 cos 𝜙 cos 𝜆 = σ𝑚

(1.3)

where F is the applied stress, A is the cross section area. The ratio between the critical resolved
shear stress (𝜏𝐶𝑅𝑆𝑆 ) and axial stress is the Schmid factor; 𝑚 = cos 𝜙 cos 𝜆, which is maximal
at 0.5 when 𝜙 = 𝜆 = 45°. Slip cannot be activated when either 𝜙 or 𝜆 equal to 90°, which has
the tension axis either parallel to the slip plane or normal to the slip direction. As a result,
crystal fracture occurs rather than having a plastic deformation in the above two extreme
conditions [8, 26, 27]. A specific slip system of single crystal is initiated when the resolved
shear stress reaches the 𝜏𝐶𝑅𝑆𝑆 , and it is a property that determines when yielding occurs: 𝜎𝑦 =
𝜏𝐶𝑅𝑆𝑆 /(𝑚)𝑚𝑎𝑥 [26, 27].

Fig. 1.8 Diagram of calculating critical resolve shear stress [26]
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1.3.2 Deformation Modes of α Phase
In HCP α titanium, four slip planes with various slip directions are depicted in Fig. 1.9, and
these slip systems are summarized in Tab. 1.1. For <a> type slip, the slip directions are three
close packed <112̅0> directions. The corresponding <a> type slip planes are the (0002), three
{101̅0}, and six {101̅1} planes. But there are only 4 independent slip systems, because the
combination of a <a> type slip on the (0002) and {101̅0} planes leads to the same shape change
of a {101̅1} <a> type slip [8, 9].

Fig. 1.9 Slip planes and directions of HCP α titanium [8]

According to the von Mises criterion, at least five independent slip systems are required for a
homogeneous plastic deformation in polycrystalline materials. As mentioned in the above
paragraph, there are only four independent <a> type slip systems. Thus a non-<a> type slip
13

system is needed to achieve a homogeneous plastic deformation. In literature, <c + a> type
dislocations were observed by TEM in titanium alloys [8, 9]. There are two kinds of <c + a>
slip, which are either on {101̅1} or on {112̅2} planes, and {112̅2} <112̅3> slip is more
commonly observed [8, 9].
Tab. 1.1 Slip systems in HCP α titanium [8, 9]

Slip systems type

Burgers vector

Slip direction

I
II

<a>

<112̅0>

III
IV

<c + a>

<112̅3>

Slip plane

No. of slip systems
Total

Independent

(0002)

3

2

{101̅0}

3

2

{101̅1}

6

4

{112̅2}

6

5

Fig. 1.10 shows the influence of temperatures on the critical resolved shear stress (𝜏𝐶𝑅𝑆𝑆 ) for

<a> and <c + a> type slip systems in a Ti-6.6Al single HCP α crystal. The 𝜏𝐶𝑅𝑆𝑆 ratio of basal
<a>, prismatic <a>, and pyramidal <c + a> slip systems is about 0.2625 : 0.2375 : 1. <c + a>
slip has a 𝜏𝐶𝑅𝑆𝑆 at 800 MPa, which is 4 times of that for <a> slip (about 200 MPa) at room
temperature (300K), but the difference of 𝜏𝐶𝑅𝑆𝑆 between <a> slip systems is small. Therefore,
it requires a much higher stress to activate <c + a> slip. The percentage of <c + a> type
deformation is quite low when there is no crystallographic texture, and <a> slip is preferred
due to the easier activation [8]. For <a> type slip, 𝜏𝐶𝑅𝑆𝑆 of prismatic and basal slip systems
are about 190 MPa and 210 MPa respectively at room temperature. This indicates that the
prismatic slip is the most favourite slip type [8, 9, 28]. As the c/a ratio in α titanium is 1.587,
which is smaller than the ideal ratio at 1.633. The reduction of the c/a ratio leads to a packing
density increase on the prismatic planes relative to the basal plane, which changes the favouring
slip systems from basal <a> slip to prismatic <a> slip in titanium [8, 9].
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Alloying elements concentration can influence the slip modes, and an example is the Ti-Al
binary system [28, 29]. An increase in slip planarity is resulted from increased Al alloy
concentration due to the solute partitioning effect [30]. In addition, the α2 precipitation will be
promoted when Al content exceeding 5 Wt. %. The effects of α2 precipitates on slip behaviours
in α titanium single crystals have been investigated in the same study. Although the effect of
α2 on 𝜏𝐶𝑅𝑆𝑆 is negligible, it also promotes planar slip [28-30].

Fig. 1.10 Influence of temperature on CRSS for slip systems with <a>
6.6Al [8]

and<c + a> Burgers Vectors in single crystal of Ti-

In addition to slip, twinning is another observed deformation mode in CP titanium and α
titanium alloys. The main twinning elements are {101̅2}, {112̅1}, and {112̅2}. However, the
occurrence of twinning is suppressed nearly entirely in α+β titanium alloys due to the small
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dimensions of phases, increased solute content, and precipitation of α2 phase [8]. Although Ti8Al-1Mo-1V is a near α alloy, it is still a sub-class of α+β titanium alloys. Twinning would be
expected to be significantly supressed due to the high solute concentration in Ti-8Al-1Mo-1V.

1.3.3 Deformation Modes of β Phase
In β phase, {110}, {112}, and {123}, with the same Burgers vector of the

<111> are main

slip systems [8], which are general slip systems in bcc metals. As the energy for plastic
deformation is proportional to the minimal slip length, which is shorter in the BCC β phase
compared to that of HCP α phase. Therefore, the plastic deformation is much easier in BCC β
titanium than in α titanium [9].
In addition to the dislocation slip, the twinning is also observed in β phase. However, twinning
is limited to single β phase condition and the propensity decreases with increasing solute
contents. In heat-treated hardened β alloys, it is totally suppressed in the presence of α
precipitation.

1.3.4 Deformation Modes of α2 Precipitates
In the intermetallic TiAl alloys, ordering influences the deformation mode. Fig. 1.4 shows that
basal slip by a <a> Burger vector introduces disorders, thus basal <a> slip is difficult. However,
prismatic slip is easier compared to basal slip, and there are two types of prismatic shear in Fig.
1.4. The operation of type 1 prismatic shear is easier in comparison to that of the type 2 due to
the creation of two wrong nearest neighbour atoms in type 2. The <c + a> slip has an <a>
component, which makes it difficult in D019 crystal structures [8].
However in the Ti-6.6Al alloy, α2 precipitates do not have any noticeable effects on the value
of 𝜏𝐶𝑅𝑆𝑆 for different <a> type systems. The operation of basal <a> and prismatic <a> slip
systems are depending on the grain orientation and stress axis. <c + a> type slip is also observed
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when the grain is not orientated favourably for the <a> type slip [28]. T. R. Cass showed that
high Al content can increase the propensity of <c + a> slip in a comparison between Ti-3Al
and Ti-7Al crystals [31].
In addition to the slip type operated, α2 precipitates have a pronounced effect on the slip
character. Cross slip is suppressed by ordering; which promotes coarse planar slip bands. These
planar slip increase the effective slip length and therefore affects mechanical properties. As
shown in Fig. 1.11, the α2 precipitates can be destroyed completely inside the coarse slip band
[28]. In general, alloys with the α2 precipitation have a low ductility due to the promoted planar
slip [8].

Fig. 1.11 Dark-field TEM image shows a slip band, in which the α2 precipitates are destroyed in a Ti-6.6Al crystal, B={1011}
[28].
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1.3.5 Deformation Modes of Martensite
According to previous TEM studies, dislocations [32-34] and interior twins[35] were observed
in lenticular martensite, which [32-34] indicate that deformation modes are slip and twinning
in titanium martensite.
Slip character is also planar for the martensite in Ti-8Al-1Mo-1V, but the martensite plate
boundaries are strong barriers for dislocations and the slip cannot penetrate the boundaries.
Therefore, the effective slip length is limited by the size of martensite [36].

1.4 Texture
Titanium alloys have anisotropic properties, which is physically originated from the anisotropy
of HCP α crystal. Texture is the preferential grain orientation, and it is developed by
deformation and subsequent recrystallization during the thermomechanical processing [8, 9,
37]. In this section, texture, including microtexture, and its effects on mechanical properties
are introduced.

1.4.1 Texture Evolution
Crystallographic texture can be divided into deformation texture and recrystallization texture
[9]. The deformation texture is related to the deformation temperature, mode, and degree.
Generally the texture intensity increases with the deformation degree. An example of the
effects of deformation temperatures and modes on the basal texture is illustrated in Fig. 1.12.
At low temperatures, there is a large volume fraction of α phase. Therefore, a typical α
deformation texture is obtained as a basal/transverse type texture in unidirectional rolling [8,
9]. With a temperature increase into a window from 900 to 930 ○C, an increase in β phase
volume fraction results in a condition with a weak texture. For the temperatures just below the
β transus, a transverse type transformation texture is developed based on the Burgers
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relationship during the subsequent cooling process. When the deformation temperatures are
above the β transus, a typical cubic texture will be presented. Fig. 1.12 also shows that the
texture symmetry has been changed when the deformation mode is pancake forging [8, 9].
Once the deformation texture is developed, it can be further amplified by the recrystallization
process [9], in which a selective grain growth results in a more pronounced recrystallization
texture [38].

Fig. 1.12 The influence of deformation modes and temperatures on the texture type in Ti-6Al-4V, where RD is the rolling
direction [9].

1.4.2 The Effect of Texture
In α+β alloys with bi-modal and/or fully equiaxed microstructures, the influence of
crystallographic texture on mechanical properties are quite significant. Thermomechanical
processing of these two microstructures involves a heavy deformation in the α+β phase field,
which contributes to an intensive deformation texture. The texture type and intensity are
determined by the deformation degree, mode, temperatures [8, 9].
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In α+β Ti alloys, texture has a pronounced effect on properties including elastic modulus, yield
strength, fatigue, fracture toughness and stress-corrosion cracking (SCC) [8, 9, 39]. The tensile
properties, are significantly influenced by the orientation between basal component of texture
and loading direction. The yield strength and elastic modulus are the highest when the test
direction parallel to the c-axis of the basal component texture. A similar orientation relationship
have been reported in the resistance to fatigue crack nucleation (high cycle fatigue (HCF)
strength).

Fig. 1.13 Influence of texture and test direction on macrocrack propagation in Ti-6Al-4V having a fully equiaxed
microstructure with α grain size at 12 μm, (a) in vacuum, (b) in 3.5% NaCl aqueous solution. T is the transverse texture, and
B/T is the basal/transverse texture. TD and RD are loading directions. [8]

Fig. 1.13 shows the effect of texture on macrocrack propagation in Ti-6Al-4V. There are no
noticeable effects in vacuum in Fig. 1.13a. However, the situation is different in an aggressive
environment containing hydrogen (Fig. 1.13b). The RD testing conditions (the basal texture
component parallel to the loading direction) have a high resistance than that of TD testing
conditions ((0002) plane of the basal texture component perpendicular to the loading direction).
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These results indicate that there is no texture effect on the fracture toughness, while texture can
has an effect on stress-corrosion cracking and hydrogen embrittlement [8]. The Influence of
texture on SCC will be further elaborated in section 1.5.

1.4.3 The Effect of Microexture
With the development of electron backscatter diffraction (EBSD), the presence of microtexture
is observed in titanium alloys [19]. Microtexture or macrozones are regions of grains with sharp
local texture that differ from one region to the next, and the grains have similar crystallographic
orientation inside a single microtextured region [40-44]. In a microtextured region, α grains
behave similarly as a ‘single grain’, and grain boundaries are not effective barriers for
dislocations. Therefore, the effective slip length is much longer in a microtextured region
compared to α grains. An example is shown in the following IPF map (Fig. 1.14), α grains with
similar colours (microtextured regions) are aligned in the vertical direction in a wrought Ti8Al-1Mo-1V material [13].
The formation of microtexture occurred in the hot working stage of the ingot during the
manufacturing process of wrought products such as sheets, plates or forging billets.
Morphology and sharpness of microtexture are related to deformation mode and deformation
level. The microtexture is reduced in the Ti alloys which have a severe plastic deformation.
But in medium deformed region, microtextured regions are elongated in the same direction of
flow line [42, 44]. In a near α alloy IMI 834, L. Germain suggested a macrozone formation
mechanism in bi-modal primary and secondary α (αp/αs) microstructure [44]. The development
of αp orientation in a microtextured region involves (i) a similar deformation manner of
lamellae in the initial colonies, (ii) a limited number of deformation texture components in the
HCP crystal structure leads to a sharp texture, (iii) and only a few new orientations are created
in αp globularization. For the sharp texture of αs colonies, it is related to the obeyed Burgers
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relationship between the neighbouring β and αp grains during the deformation, and the colonies
are preferentially selected having the same orientations as that neighbouring αp grains during
β to α transformation [44].
The presence of microtexture has been reported to be detrimental to the fatigue and dwell
fatigue properties in titanium alloys [19, 41, 43-49]. For fatigue, the crack formation is
promoted in macrozones with (0002) texture in Ti-6Al-4V with bimodal microstructure [40].
The susceptibility of dwell fatigue crack initiation is the highest when the basal plane of
microtextured regions is normal to the applied stress in a IMI 834 alloy with a bimodal
microstructure [49]. But there are not any published studies about the effect of microtexture on
the SCC properties of titanium alloys.

Fig. 1.14 Inverse pole figure (IPF) of wrought TIMET Ti-8Al-1Mo-1V bar material [13]
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1.5 Stress-corrosion Cracking
In this section, corrosion behaviour, stress-corrosion cracking (SCC) mechanisms and effects
of environmental and metallurgical factors on SCC properties for Ti alloys are described in
details.

1.5.1 Corrosion Behaviour
Titanium has a standard hydrogen electrode (SHE) potential at -1.63 V in the galvanic metal
series, thus it cannot be regarded as a noble metal. However, titanium has an excellent
resistance to general environments including most oxidizing environments, which is arising
out of natural protective passive titanium oxide film [8, 50-52]. The passive film can be TiO2,
Ti2O3 or TiO depending on the potential and pH in most aqueous environments, and the amount
of Ti4+ increases with potential while Ti3+ and Ti2+ decrease in the passive film. The film has a
thickness at order of 10nm and is very corrosive resistant to most aggressive media [22]. The
following Ti-H2O pourbaix diagram shows that passive film is stable at oxidizing potential and
mildly reducing potential for the most of pH range. While, titanium oxide film is not maintained
in environments with low a pH. For example, titanium is not corrosion resistant under reducing
environments, such as hydrochloride and sulfuric acids, due to the breakdown of protective
oxide film [8, 50].
Titanium alloys have a high corrosion resistance to seawater at room temperature due to the
oxide film. As inclusions of oxides, carbides and sulphides, are absent in titanium alloys [8, 9],
they have a high resistance to pitting corrosion than Hastelloy, Inconel, and passive austenitic
stainless steels. However, titanium alloys are rapidly corroded by hydrofluoric acid, because
the oxide film is broken down in reducing environments [8, 9]. The corrosion attack even
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occurred in fluoride containing solutions. Therefore, Ti alloys cannot be applied in
environments where hydrofluoric acid is used [9].

Fig. 1.15 Pourbaix diagram of Ti-H2O system at 25 ○C [53]

Alloying elements also have effects on corrosion properties of titanium alloys. Mo and Zr are
highly resistant to corrosion due to their spontaneous oxide films [54, 55]. Therefore, alloying
additions of more than 3 Wt. % Mo and 8 Wt. % Zr has a beneficial effect on corrosion
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properties of Ti alloys. However, Al content of above 3 Wt.% is detrimental for corrosion
resistance [8]. Al is an α stabilizer and enriched in α phase. Thus, an increased Al addition
enhances the galvanic interactions between the α and β phases, resulting in an increased
dissolution at α/β interface and a reduced corrosion resistance [50].
The investigation of stress-corrosion cracking is in an open circuit condition in current project.
The deaerated open circuit potential (OCP) is in the range from -0.38 V to 0.12V (SHE) for
titanium [54]. According to Fig. 1.15, relevant electrochemical reactions are summarized in
Tab. 1.2.
Tab. 1.2 Relevant electrochemical reactions of Ti-H2O system in the range of open circuit potential in Fig. 1.15 [53]

Number in Fig. 1.15
(a)

Equation
2H2O ⇌ O2+4H++4e-

(b)

2H++2e- ⇌ H2 (acidic, deaerated solution)

(1)

TiO+2+2H++2e- ⇌ Ti+2+H2O

(2)

HTiO3-+5H++2e- ⇌ Ti+2+3H2O

(4)

TiO+2+2H++e- ⇌ Ti+3+H2O

(7)

TiO2+2+2H++2e- ⇌ TiO+2+H2O

(8)

TiO2+2+H2O +2e- ⇌ HTiO3-+H+

(9)

TiO+2H++2e- ⇌ Ti+H2O

(15)

Ti2O3+2H++2e- ⇌ 2TiO+H2O

(23)

2TiO2+2H++2e- ⇌ Ti2O3+H2O

(47)

Ti2O3+6H++2e- ⇌ 2Ti+2+3H2O

(60)

TiO2+4H++2e- ⇌ Ti+2+2H2O

(61)

TiO2+4H++e- ⇌ Ti+3+2H2O

(71)

Ti+3+e- ⇌ Ti+2

(78)

Ti+2+2e- ⇌ Ti

(81)

TiO2+2+2e- ⇌ TiO2

(87)

TiO+2+2H2O ⇌ HTiO3-+3H+

(93)

Ti+2+H2O ⇌ TiO+2H+
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For Ti-8Al-1Mo-1V, spontaneous passivation happened in 3.5% NaCl solution. Therefore, Ti811 also has a good corrosion resistance to seawater. But it is corroded in 5M HCl solution at
35 oC. Ti-8Al-1Mo-1V has an incomplete passivity due to stability of soluble Ti3+ anion and
the preferential corrosion site is β phase [50, 54, 56].

1.5.2 Stress-corrosion Cracking Characteristics and Mechanisms
Stress-corrosion cracking (SCC) is a gradual crack growth under the simultaneous presence of
sustained load and corrosive environment. SCC cracks are normally multiple and branched,
and can be either transgranular or intergranular or a combination of both depending on
material-environment systems [57, 58]. For transgranular SCC facets, the orientation of the
faceted plane are generally close to a specific crystallographic plane. For example, {110}
planes in α-brass [57] and {101̅7} planes in a Ti-8Al-1Mo-1V alloy [17, 59] are observed close
to the faceted plane. For some Ti alloys, the SCC cracking rate can be as high as 10-4 m/s [58].
The result of SCC can be a catastrophic failure due to the external applied load in a high
strength material [57, 58]. Characteristics and mechanisms of SCC are similar to the hydrogen
embrittlement (HE) in some conditions due to the hydrogen evolution and entry at the SCC
crack tip [57, 58].

Fig. 1.16 SCC data representation for (a) type 1 test method: a static load is applied on smooth samples, (b) and (c) for
type 2 test: a static or dynamic load is applied on samples with notches or pre-cracks [60].
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There are several ways to quantitatively measure SCC properties [60]: (1) A static load is
applied on smooth U-bend, C-ring, bent beam, and dead-loaded tension sample, and the data
is represented in Fig. 1.16a. (2) Fracture mechanics tests are conducted on samples with notches
or pre-cracks with a static load or dynamic load, and the data can be represented as Fig. 1.16b
and Fig. 1.16c. (3) Slow strain rate test (SSRT) is applied on tensile specimens with a dynamic
load.
There are several SCC mechanisms proposed in different alloy systems, which can help us to
obtain the understanding of SCC. It is accepted that different mechanisms work in different
material-environment systems, but there are still arguments over the operating mechanism of a
given materials-environment system [57]. The following paragraphs are a list of SCC
mechanisms.
Dissolution Mechanism: SCC growth is an accumulation of limited dissolution and oxidation,
which is caused by the rupture of protective film at crack tips due to the mechanical load. The
dissolution preferentially occurred at the plane normal to the applied stress [57, 58, 61, 62]. It
could be promoted by either a chemical active path, like anodic precipitates, or a stress/strain
concentration at crack tips [58].

Fig. 1.17 Illustration of slip dissolution mechanism [58]
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The most popular term in dissolution mechanism is the slip dissolution mechanism (SDM),
which is illustrated in Fig. 1.17 and described as following three steps: (1) Slip bands intersect
and rupture the protective film at crack tip. (2) Anodic dissolution then happened to the exposed
metal which is located underneath the protective film originally. The preferential attack sites
are along grain boundaries or low-index crystallographic planes. (3) The exposed metal is repassivated, and then slip dissolution occurs again. Generally, re-passivation happens at low
crack-tip strain rate. However, it may not occurs at high strain rate, when the strain rate is
higher than the re-passivation rate [58].
SDM is suitable for some intergranular SCC cases in passivating environments, but it does not
fit transgranular SCC conditions. In addition, SDM is not applicable in chloride-SCC, because
there is a lack of consideration of the crack tip chemistry [57]. As α and α+β titanium alloys
have transgranular SCC cracks[13, 63], SDM or dissolution mechanism cannot be the operating
SCC mechanism for Ti-8Al-1Mo-1V [22, 64].
Film Induced Cleavage (FIC): Film induced cleavage (FIC) is a rapid fracture of brittle dealloyed film at crack tips continue into the underlying substrate with a very limited dislocation
activity. Crack is then arrested and blunted by encountering obstacles such as slip bands in the
substrate. Fig. 1.18 is a schematic illustration of film induced cleavage mechanism [57, 58, 62].

Fig. 1.18 Illustration of film induced cleavage mechanism.[58]
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In SCC crack failed by FIC, the crack portion in the underlying substrate is much longer than
the brittle film, and the propagation velocity from the brittle film into the substrate is at a
magnitude of 102 m/s or even more. In the substrate, a decrease of crack propagation velocity
will be achieved by dislocations emissions from crack tips and encountering slip bands, and
crack arresting and blunting then occur. Cracking by FIC leaves a series of cracking-arrest
markings (striation) on the fracture surface sometimes [57, 58].
FIC commonly occurs in relatively high solid solution alloys, such as brass, copper-gold,
silver-gold alloys, austenitic stainless steel. It can be either transgranular (cleavage like) or
intergranular cracks. The film properties are important to FIC, such as brittleness, bond and
coherence between film and substrate, elastic modulus and thickness of the film. Examples of
the films are nano-porous and de-alloyed films [57, 58]. On the SCC fracture surface of Ti8Al-1Mo-1V, there are neither any crack-arrest markings nor continuous propagations from
the oxide film to underlying material. Therefore, FIC may not be the operating mechanism for
SCC in Ti-8Al-1Mo-1V.
Hydride Formation and Fracture: The hydride formation and fracture mechanism is a
repeated cleavage processes of hydrides formed, which are nucleated and grown at the SCC
crack tip (See Fig. 1.19). [65]

Fig. 1.19 Illustration of hydride formation and fracture mechanism [65]

Titanium alloys are hydride formation alloys. However, hydride formation and crack may be
not the mechanism of SCC in titanium alloys even in the presence of hydride on the fracture
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surface, because hydride can be formed after fracture in SCC environments [58, 66]. The
hydride formation mechanism is kinetically sluggish. For example, 14 minutes was found to
be required for the first hydride formation at a 16 KPa gaseous hydrogen environment in Ti4Al alloy [13, 67]. As a result, this mechanism is only suitable for low stress-corrosion crack
propagation velocity situations.
The hydride formation and cleavage mechanism has been reported as the hydrogen
embrittlement mechanism in Ti-4Al alloy at low stress intensity conditions [67]. In Ti-8Al1Mo-1V, the transgranular SCC fracture are favourably orientated on crystallographic planes
either parallel to or 10o - 15o from the (0002) plane, and the latter is close to {101̅7} planes.
Both of (0002) and {101̅7} planes are hydride habit planes [13, 15, 17, 64, 68]. Although it
seems that SCC mechanism could be related to hydride formation in Ti-8Al-1Mo-1V, there are
two apparent differences. One is that the SCC fracture is transgranular crack in Ti-811, while
hydride formation and fracture mechanism leaves an intergranular fracture. The other is the
hydride formation is kinetically sluggish which is much slower than the SCC crack propagation
in Ti-811 [67, 69]. Therefore, the mechanism involving hydride formation is not feasible for
aqueous SCC mechanism in Ti-8Al-1Mo-1V either.
Hydrogen Enhanced Decohesion (HEDE): Hydrogen enhanced decohesion (HEDE) is a
solute hydrogen based mechanism, in which interstitial hydrogen decreases cohesion of
intermetallic bonds at the hydrostatic stress region ahead of crack tip, at crack tip, and grain
boundaries (See Fig. 1.20). Hypothesis of HEDE includes charge transfer and weakening of
intermetallic bonds, which contribute to a tensile separation of atoms [58, 65, 70]. HEDE
occurs in both transgranular and intergranular forms, and the fracture surface shows little or no
plastic deformation. Grain boundaries are more favourable attacking sites for HEDE compared
to grain interior due to the higher hydrogen concentration at grain boundaries [71].
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Fig. 1.20 Hydrogen Enhanced Decohesion (HEDE) mechanism at (i) ahead of crack tip, (ii) crack tip, (iii) grain boundaries
[65].

Hydrogen Enhanced Localized Plasticity (HELP):

In addition to the HEDE, another

hydrogen based mechanism is hydrogen enhanced localized plasticity (HELP), in which
hydrogen interacts with dislocations and promotes dislocation movement within high hydrogen
concentration regions (see Fig. 1.21). The hydrogen concentration is high in the hydrostatic
stress region ahead of crack tip, which also provides an entrance for absorbed hydrogen from
solution. The repulsive interaction between dislocations is decreased by hydrogen, and a high
dislocation activity is then promoted in the localized region of crack tip [57, 58, 62, 65, 70, 72,
73]. Crack paths could be either intergranular or transgranular depending on whether hydrogen
segregates to grain boundaries or distributes within grain interior [65].
In aluminium, G. Lu found that hydrogen decreases the Peierls-Nabarro stress of dislocation
by more than an order of magnitude, and hydrogen has a strong binding to dislocation cores.
They also observed that hydrogen inhibits cross-slip and promotes planar slip [74]. A direct
experimental observation of HELP is occurred in Ti-4 Wt. % Al alloy at high stress intensity
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test in H2 gaseous environment [67], in which hydrogen decreases the critical stress for
dislocation motion and increases the dislocation velocity at high crack propagation rate.

Fig. 1.21 Illustration of Hydrogen Enhanced Localized Plasticity (HELP) processes, involving a mircovoid-coalescence
process, and a localized plasticity in high hydrogen concentration region.[65]

Absorption Induced Dislocation Emission (AIDE): Absorption induced dislocation
emission (AIDE) is that absorbed hydrogen weakens intermetallic bonding and facilitates
dislocation emission at the crack tip, and promotes subsequent motion of dislocations away
from the crack tip (see Fig. 1.22) [65, 73].
Comparing to HEDE, the emission of dislocations occurs rather than decohesion. Hydrogen
penetrates a few atomic layers and facilitates the formation of a dislocation core by a surface
step arising from an atomic shear movement. And then, the dislocation is moved away from
crack tip under the applied stress. Only a small portion of dislocations intersect with crack tip
and contribute to crack propagation, but most of dislocations result a crack re-blunting. AIDE
mechanism also involves nucleation and growth of micro or nano voids ahead of crack tip, and
the preferential sites are at second phase particles and slip bands intersections. The formation
and growth of voids contribute to crack growth and also crack sharpening. AIDE fracture path
can be either intergranular or transgranular depending on whether dislocation emission or voids
formation dominating. In transgranular cracks, alternative slip happens due to the built up backstress by the previously emitted dislocations. As a result, the overall crack front lies along the
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intersection line of crack planes and slip planes, such as fracture along {100} planes when
<110> directions and {112} slip planes are active in BCC material [57, 58, 65].

Fig. 1.22 Illustration of Absorption Induced Dislocation Emission (AIDE) mechanism, in which absorbed hydrogen caused
dilocation emission [65]

Hybrid Mechanism: There are more than one SCC mechanisms active in some situations, and
an example is the corrosion enhanced localized plasticity (CELP), which is a hybrid mechanism.
CELP involves anodic dissolution and HELP mechanism. Anodic dissolution ruptures the
protective oxide film and causes dissolution on preferred planes, and HELP promotes
dislocation activity. CELP is generally applied in FCC materials with a transgranular SCC
crack path [65, 71].
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Mechanisms involve hydrogen, like HEDE, HELP, and AIDE, could also be active
simultaneously [65, 73]. In AIDE, voids nucleation ahead of the crack tip is achieved by slip
intersection in HELP and decohesion at secondary phase particle interface in HEDE (See Fig.
1.23a). HELP and AIDE can occurred as a hybrid mechanism. HELP reduces the back-stress
of the emitted dislocations in AIDE, and dislocations can then move away from the crack tip.
Therefore, HELP and AIDE could occurred in sequence. AIDE and HEDE can also be operated
alternatively. HEDE occurs when the back-stress of dislocation emission is high for AIDE, and
AIDE occurs again when crack is away from the stress field of the dislocations previous emitted
(See Fig. 1.23b) [65].

Fig. 1.23 Illustration of hybride SCC mechanisms [65].

Based on the SCC mechanisms described above, HEDE, HELP, AIDE or combination of them
could be applied to the SCC of Ti-8Al-1Mo-1V, and some other unknown mechanism(s) may
be possible too. Little or no work has been done specifically to elucidate the actual SCC
mechanism(s) for Ti-811.

1.5.3 Role of Environment and Metallurgy on SCC Properties in Ti alloys
In aqueous SCC processes of Ti-8Al-1Mo-1V, the dominant characteristic is transgranular
cracks (see Fig. 1.24) [16]. Both the SCC initiation facets (Fig. 1.25) and propagation facets
(Fig. 1.26) are transcrystalline in Ti-811. The facets contain steps, which formed terrace at
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different heights, and primary and secondary tear ridges on the surface. In addition to the facets,
a few ductile dimpled regions are also presented [13]. Similarly in Ti-6Al-4V, a typical
transgranular SCC crack also has facets containing steps and tear ridges, and some nanoscale
dimples [36]. In another near α alloy IMI834, faceted regions and tear ridges are also presented
on the hot salt SCC fracture surface [63]. It seems that the SCC fracture surfaces have the same
SCC facets for α and α+β titanium alloys [13, 16, 22, 75, 76]. While in β titanium, the cracks
can be either transgranular or intergranular based on ageing treatments and hydrogen contents
[22, 64].
SCC processes involves the protective oxide film breakdown, crack initiation and growth in
titanium alloys. The first step is the passive film break down, which is controlled by the
corrosive environment and stress intensity at crack tips [22]. For the following crack initiation
and growth, acidic methanol SCC of Ti-6Al-4V was explained by anodic dissolution on
preferential slip planes [77], and methanol SCC of Ti-24Al-11Nb is governed by the anodic
dissolution and dislocation emission [78].

Fig. 1.24 Transgranular SCC crack of Ti-8Al-1Mo-1V tested in aqueous NaCl solution [16]
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Fig. 1.25 SCC initiation facets on the fracture surface of Ti-8Al-1Mo-1V tested in 3.5% NaCl solution at 95% yield strength,
1 indicates the primary initiation site and 2-6 are the secondary initiation sites [75]

In a quantitative tilt fractography study of crystallographic orientations of facets, it has been
observed that some fracture planes are inclined 5o-15o away from basal plane, which are close
to {101̅7} planes corresponding to hydride habit planes (see Fig. 1.27) [13, 75]. Although it
seems that SCC mechanism could be related to hydride formation in Ti-8Al-1Mo-1V, there are
two key facts to note. Firstly, the first hydride formation takes about 14 min in an environment
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cell with 16 kPa H2 atmosphere in a Ti-4Al alloy which is much slower than the SCC crack
propagation [67]. Secondly, the SCC fracture is transgranular crack in Ti-8Al-1Mo-1V, while
hydride formation and fracture mechanism leaves an intergranular fracture. Therefore,
mechanism involving hydride formation is not feasible for aqueous SCC mechanism of Ti-8Al1Mo-1V. Therefore, the active SCC mechanism is still an open question.

Fig. 1.26 SCC Propagation facets on the fracture surface of Ti-8Al-1Mo-1V tested in 3.5% NaCl solution at 95% yield strength
[75]
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Fig. 1.27 Facet crystallography of as-received Ti-8Al-1Mo-1V in aqueous 3.5% NaCl solution [13]

Effect of Ion Additions and Concentration

Fig. 1.28 Effect of ions in solution, (a) effect of Cl-1 concentration on crack propagation rate of Ti-8Al-1Mo-1V, (b) Effect of
SO4-2 or NO3-1 on SCC crack propagation [36]

The addition of halide anions into solution, like Cl-1, Br-1, and I-1, increases the SCC
susceptibility. Fig. 1.28a shows that the propagation velocity increases and K1SCC is slightly
decreased with increasing Cl-1 addition for Ti-8Al-1Mo-1V [36]. Another halide anion F-1 has
effects of either increasing or decreasing SCC susceptibility in concentrated or diluted solution
respectively. For the rest anions, most of them have a neutral effect on SCC susceptibility, but
they may prohibit SCC in some cases (see Fig. 1.28b) [36]. The effects of cations are depended
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on whether the added cation is more noble than Ti, for example, Na, K, and Li do not have any
influences on SCC behaviours in titanium alloys [36].
Fig. 1.29 shows the effect of three different microstructures on SCC properties of Ti-8Al-1Mo1V. Ti-8Al-1Mo-1V exhibits a typical regions I and II type crack propagation in both neutral
and acidic solutions. In contrast to the neutral solution, the SCC resistance is weaker (higher
crack velocity and lower threshold stress intensity) in a 10 M HCl solution. In the three different
microstructure, SCC susceptivity increases significantly in the sample with α2 precipitation (SC
condition) [36]. Fig. 1.30 illustrates that the SCC susceptibility increases dramatically with
hydrogen concentration when pH value below 3.

Fig. 1.29 Effect of microstructure on SCC susceptibility of Ti-8Al-1Mo-1V with different microstructures, SC (step cooled solution treated at 820°C and then step-cooled to 450°C): designed to promote α2 precipitation, MA (wrought annealed solution treated at 820°Cand them furnace-cooled): equiaxed microstructure with α2 precipitates formed during the cooling ,
DA (duplex annealed - solution treated at 820°C and then water-quenched): bi-modal microstructure with no α2 precipitates
[36].
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Fig. 1.30 Effect of hydrogen ion concentration in solution on SCC susceptibility of Ti-8Al-1Mo-1V [36]

Effect of Crystallographic Orientations
In titanium alloys, texture is physically originated from the anisotropy of HCP α phase, which
has a limited number of slip systems [8, 9, 24, 79]. SCC sensitivity is related to the orientation
between crystallographic texture and stress axis in Ti-6Al-4V [79] and Ti-8Al-1Mo-1V
alloys [36, 80].

Fig. 1.31 Basal pole figure of hand wrought Ti-8Al-1Mo-1V plate [36]

40

Fig. 1.32 (a) SCC specimen orientations, (b) stress-corrosion susceptibility as a function of specimen orientations in 0.6 M
aqueous NaCl solution [36, 80].

In Ti-8Al-1Mo-1V, an intense transverse texture is presented in a rolled plate (Fig. 1.31), and
the basal plane of α phase is aligned in the rolling direction and the c-axis is parallel to the
transverse direction. Fig. 1.32a shows three SCC samples with different orientations form the
rolled plate with texture illustrated in Fig. 1.31. In the longitudinal sample, the notch plane is
normal to basal plane of α phase. However, it is parallel to the basal planes in the transverse
sample. For the short transverse orientation, although the notch plane is perpendicular to the
basal planes, its orientation is in the stage between that of the longitudinal and transverse
samples. The relationship between SCC sensitivity and specimen orientation is described in
Fig. 1.32b. It shows that SCC susceptibility is the highest when the notch plane has a parallel
relationship with the basal planes (transverse sample). While there is no SCC susceptibility in
the longitudinal sample with a perpendicular relationship between the notch plane and basal
planes. The SCC sensitivity of the short transverse orientation lies in-between of the
longitudinal and transverse samples [36, 80].
In addition to SCC susceptibility, the crack propagation direction has been reported to be
related to the crystallographic texture in Ti-8Al-1Mo-1V. As illustrated in Fig. 1.33, crack
propagation was found to be parallel to basal planes of α phase in double cantilever beam (DCB)
samples. The parallel relationship is even observed in the sample with the notch plane
perpendicular to (0001)α plane.
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Fig. 1.33 SCC crack propogates parallel to the basal planes of α phase [36, 80].

Similar study of effect of texture has been conducted in Ti-6Al-4V [79]. A quantitative
correlation of the crystallographic texture and SCC sensitivity in 0.6 M aqueous NaCl solution
is shown in Fig. 1.34. There are two groups of microstructures, where EQ and CL represent
equiaxed and coarse lamellar respectively, with five different processing/heat treating
conditions. All the testing conditions have the tensile axis parallel to the c-axis of α phase [79].
The critical stress intensity factor (KISCC) is attenuated to be about one-half of K1Q (fracture
toughness in non-standard specimens) when the relative basal pole intensity is larger than 1
(random texture) [79]. It indicates that the SCC susceptibility increases with basal pole
intensity, and attained relative SCC sensitivity of KISCC/K1Q is close about 0.55.

Fig. 1.34 Stress-corrosion susceptibility relative to basal pole intensity in tesile axis [79]
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Effect of Presented Phases and Microstructure
Section 1.2.4 describes the possible phases in Ti-8Al-1Mo-1V, and they include α, β,
martensite (α’and α’’), and α2 phases. Each phase has a different response to SCC, for example
martensite is almost immune to SCC [36].

Fig. 1.35 Effect of presented phases on stress-corrosion cracking of Ti-8Al-1Mo-1V: (a) Crack initiation load, (b) Crack
propagation velocity [36, 81]

A group of SCC tests was carried out on Ti-8Al-1Mo-1V with different solution heat treatment
temperatures (see Fig. 1.35). R-A is the martensite microstructure quenched from high
temperatures, and R-C is the microstructure with α2 precipitates promoted by low temperatures
aging treatment. It shows that martensite structure (R-A) was immune to SCC, while Ti-8Al1Mo-1V with α2 precipitates (R-C) had the highest SCC susceptibility [36, 81]. Ti-8Al-1Mo1V with a bi-modal microstructure (R-B) lies in the range of intermediate susceptibility, and
the SCC susceptibility decreases with increasing amount of β phase [36, 64, 81]. J. C. Williams
showed that in Ti-8Al-1Mo-1V aging treated at 260 °C for 10,000 hrs, ω precipitations are
present and the SCC crack velocity was doubled compared to the parent material without aging
[25, 36]. Therefore, both ordered α2 and ω phases increase the SCC susceptibility in Ti-8Al1Mo-1V.
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Quenching of Ti-8Al-1Mo-1V from high temperatures leads to massive martensites or “packet
martensites” (α’) with a hexagonal symmetry, and massive martensites contains parallel
martensite plates with a same burgers orientation [8, 36]. SCC immunity of α’ martensites is
attributed to the martensite boundaries and small martensite dimension associated with rapid
cooling. The distribution of dislocation in α’ martensite of Ti-8Al-1Mo-1V is planar slip, and
the martensite boundaries are strong barriers for dislocation, which cannot be penetrated by
glide bands [36]. In a study of longitudinal boundaries of hexagonal martensites [82], the
interface consists of 1/3 <21̅1̅3> type dislocations and the separated martensite plates consist
of 1/3<112̅0> type dislocations. This indicates that the glide dislocations cannot directly slip
across the martensite boundaries. Therefore, martensites provide a much shorter effective slip
length for planar slip, and prevent the SCC to occur.

Fig. 1.36 Crack propagation velocity versus stress intensity factor for Ti-8Al-1Mo-1V with 3 different processing routes, SC
(step cooled - solution treated at 820°C and then step-cooled to 450°C): designed to promote α2 precipitation, MA (wrought
annealed - solution treated at 820°Cand them furnace-cooled): equiaxed microstructure with α2 precipitates formed during the
cooling , DA (duplex annealed - solution treated at 820°C and then water-quenched): bi-modal microstructure with no α2
precipitates [36].
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Alloy additions also have influences on the response to SCC. The SCC susceptibility is
enhanced with increasing Al and O content, which is attributed by the stabilizing effects of α2
precipitates [11, 13, 83]. As described in section 1.2.4, the precipitation of ordered α2 phase
occurs in Ti-8Al-1Mo-1V when aging at appropriate temperatures. From the corrosion point
of view, α2 precipitates also influence the electrochemical reaction at the crack tip [13].
Coherent and fine α2 precipitates can be sheared by moving dislocation, and then continuous
slip will happen on the active slip plane, which is easier compared to initiating a new slip on
other ordered planes. Ordering suppresses cross slip and promotes planar slip, and the slip
localization decreases the degree of crack tip blunting and maintains a sharp crack tip with a
large stress concentration during the SCC crack propagation [8, 13, 83, 84].
Fig. 1.36 illustrates SCC crack propagation velocity of Ti-8Al-1Mo-1V with three different
microstructures. Threshold stress intensity (KISCC) is a critical value, below which there is no
SCC crack propagation. It shows that SC has the highest stress-corrosion susceptibility due to
the presence of α2 precipitations [36]. MA (fully equiaxed) has a lower K1SCC than DA (bimodal). This may be attributed by the interconnected primary α grain in fully equiaxed
microstructure, which provide a longer effective slip distance for dislocations.

1.5.4 Role of Hydrogen in SCC of Titanium Alloys
According to the SCC mechanisms in section 0, there are several mechanism involves
hydrogen. Hydrogen may be also involved in SCC of Ti-811. An indication is the R-B region
in Fig. 1.35, the SCC susceptibility decreases with increasing amount of β phase in Ti-8Al1Mo-1V with a bi-modal microstructure [36, 81]. As hydrogen has a much higher solubility
and diffusivity in β phase due to the open BCC crystal structure than those in HCP α phase,
SCC susceptibility decreases with increasing β phase volume fraction.
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Fig. 1.37 Fracture toughness (KIC) and threshold SCC stress intensity (KISCC) of Ti-8Al-1Mo-1V with various hydrogen
contents [16].

Another example is a fracture toughness study of Ti-8Al-1Mo-1V in Fig. 1.37 (equiaxed
microstructure). Hydrogen content has an influence on the fracture toughness (KIC) in air and
threshold SCC stress intensity (KISCC) in salt solution. Ti-8Al-1Mo-1V is not susceptible to
NaCl SCC when it has hydrogen concentrations below 5 ppm. However, it is quite interesting
that there is a transition in hydrogen effect at 65 ppm. Both of KIC and KISCC firstly decrease to
the transition and then increase with increasing hydrogen content [16, 22]. There is no
satisfying explanation for the above phenomenon in the published work [16]. A hypothesis
could be that there is a fracture mode transition at 65 ppm. The effects of hydrogen pre-charging
have been investigated in Ti-6Al-4V [22]. The crack propagation was found to be transgranular
at low hydrogen concentrations, but intergranular crack along α/β interface was observed at
high hydrogen concentrations. As α titanium has a low hydrogen solubility compared to that
of β phase. The susceptible location of α/β interface is due to either the hydrides formation or
hydrogen supersaturation at the interface [22]. Similar results have been published in a HE
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study of Ti-4Al [67], it has been observed that hydride formation and fracture is the mechanism
at low crack propagation rate conditions, while hydrogen enhanced localized plasticity at high
crack velocities [67]
As mentioned in section 1.1, the SCC issue is related to a localized planar slip due to the
presence of ordered Ti3Al (α2) precipitates in α phase of Ti-8Al-1Mo-1V [10, 11, 14, 15]. As
shown in Fig. 1.38, interstitial hydrogen has been found to have interaction with dislocations.
The dislocation velocity is increased by the hydrogen pressure in an in-situ TEM study. They
also found that hydrogen reduce the critical stress for dislocation motion [67]. G. Lu [74] found
that hydrogen promotes dislocation emissions at the crack tip and increases dislocation
(including the edge, screw, and mixed dislocations) velocity significantly in aluminium.
According to his calculation, Peierls-Nabarro stress of dislocation has been reduced by more
than an order of magnitude when hydrogen is presented, and hydrogen has a strong binding to
dislocation cores. The hydrogen binding energy is a function of dislocation characters, the edge
dislocation or edge component in mixed dislocation has a high hydrogen binding energy.
Therefore, it will cost much more energy for an edge dislocation to cross slip into a screw
dislocation, and it is the same story for the edge component in the mixed dislocation. As a
result, hydrogen inhibits cross-slip and promotes planar slip [74]. The concept of interaction
between hydrogen with dislocations described above is similar to what happened in SCC for
α+β titanium alloys, and it is an indication that the operating mechanisms involving hydrogen.
The hydrogen source could be either external absorbed or internal solute hydrogen. As
illustrated in Fig. 1.15, the titanium oxide film is stable in neutral pH solution at OPV range
from -0.38 V to 0.12V (SHE). As a result, hydrogen absorption seems to be not feasible in
neutral NaCl SCC solution.
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Fig. 1.38 The effect of hydrogen on dislocation velocity, I: the first introduce of hydrogen into the environment cell, II:
hydrogen introduced by stage I has been removed and then re-introduced into the environment cell [67].

However, the local corrosion environment within the SCC crack may be different to that of
bulk solution. A similar electrochemistry situation is the crevice corrosion, which is also a
differential aeration cell. Fig. 1.39 shows that there is a dramatic decrease in the potential and
pH within the crevice after 3 hours in a CP titanium alloy. The pH can be as low as 1, and the
crevice potential is about -0.4V (SHE) [85]. In another aqueous SCC study of Ti alloys [64],
pH is below 2 at the tip zone for a neutral bulk solution (see Fig. 1.40). The low pH (high
hydrogen ion concentration) is a result of oxygen depletion in the vicinity fluid around crack
tip, anodic reaction of titanium and subsequent hydrolyzation of titanium ions. Therefore,
titanium oxide film is not stable at the SCC crack tip region [64].
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Fig. 1.39 Current, pH, and potential distribution of the fluid within crevice as a function of time for a CP titanium alloys in
neutral solution, (1) potential of the Ti sample outside the crevice, (2) potential of the Ti sample inside the crevice, (3) corrosion
current, (4) crevice pH. The electrode potential is referenced to the Ag/AgCl (0.1 M KCl) electrode [85].

In order to balance the charge of positive titanium cations created by the anodic dissolution,
Cl- will diffuse into the tip region and increase the local Cl- concentration [64, 85]. As described
in section 1.5.3, the SCC susceptibility increases with the Cl- concentration

[36]. In addition,

the presence of Cl- reduces the crack tip potential which facilitates the hydrogen absorption
[64].

Fig. 1.40 pH distribution of the fluid within the aqueous SCC crack for titanium alloys in neutral solution [64].
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Hydrogen is an interstitial element in Ti alloys, and its solubility and diffusivity are much
higher in β phase compared to in α phase due to the low pack density of BCC crystal. As a
result, a more rapid diffusion of absorbed hydrogen can be achieved by the interconnected β
phase “highway”[22]. In addition, there will be a hydrogen concentration gradient developed
around the crack tip during SCC [86]. Following equation describes the diffusion Coefficient
[87]:
𝐷𝐻 = 𝐷𝐻0 ∙ 𝑒 (−

𝑄⁄
𝑅𝑇 )

(1.4)

where 𝐷𝐻0 is the frequency factor, 𝑄 is the activation energy and 𝑅 is the gas constant at
8.314 J/(mol∙K). Tab. 1.3 are references of the frequency factor and activation energy for two
titanium alloys [87, 88], and it includes the calculation of diffusion coefficients at 300K based
on Equation 1.4. The results shows that the β-titanium has a two orders of magnitude higher
diffusion coefficient than that of a near α titanium (IMI 834) alloy.
Tab. 1.3 The frequency factor (𝐷𝐻0 ) and activation energy (𝑄) for α and β titanium alloys [87, 88].

Frequency factor (𝐷𝐻0 )

Activation energy (𝑄 )

Diffusion coefficient (𝐷𝐻 ) at 300K

IMI 834

274 × 10−9 m2 /s

40.3 kJ/mol

2.63 × 10−14 m2 /s

β-titanium

200 × 10−9 m2 /s

27.8 kJ/mol

2.89 × 10−12 m2 /s

In addition to lattice diffusion, pipe diffusion is possible when there are slip bands in the
materials. Hydrogen diffusivity can be increased by transportation through dislocations [30,
89], especially for the presence of planar slip bands which allow longer slip length [30, 90, 91].
Moreover, the hydrogen atmosphere around the dislocations is able to be dragged by the
moving dislocations [92]. Hydrogen transport through slip bands has been reported in various
systems including steel [93], Al [90], and Ti [30, 92]. Pipe diffusion is kinetically preferred to
volume diffusion, and the hydrogen diffusion rate was increased by orders of magnitude
through the pipe diffusion [89, 90].
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2 CHAPTER II: RESEARCH OBJECTIVES
The literature reviewed in Chapter II described the effect of Ti3Al (α2) precipitates and texture
on SCC properties for Ti-8Al-1Mo-1V. An interesting phenomenon in literature review
(Chapter II) is that those effects of α2, microtexture, and α’ martensite are related to dislocations
in either promoting the planar slip or influencing the effective slip length for glide bands.
Therefore, Powder hot isostatic pressed (HIPped) materials without crystallographic
microtexture provides a unique way to evaluate the effect of slip length on SCC sensitivity.
However, all previous studies were conducted in conventionally processed materials (eg. rolled
plate) with an intrinsic texture. The effect of α2 precipitates can be ambiguous in a textured
material. The independent study of effects of α2 can be conducted on powder hot isostatic
pressed (HIPped) materials without crystallographic microtexture.
In the current study, the main aims are:
(i)

to determine the individual effect of microtexture and the independent effect of α2
precipitates on SCC properties by comparing the following samples:
a. Wrought Ti-811 sample: Wrought Ti-8Al-1Mo-1V bar, which has α2
precipitates and a pronounced microtexture.
b. Wrought Ti-811 + HT860 sample: The wrought Ti-8Al-1Mo-1V bar is heat
treated in a designed scheme to supress α2 phase transformation, and it have
microtextured regions but no ordered α2 precipitates.
c. HIPped Ti-811 sample: Powder hot isostatic pressed (HIPped) Ti-8Al-1Mo-1V,
which has a microstructure containing α2 precipitates without crystallographic
microtexture.
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d. HIPped Ti-811 + HT860 sample: Powder Hot HIPped Ti-8Al-1Mo-1V is heat
treated in a designed scheme to supress α2 phase transformation, and it does not
have any ordered α2 precipitates and crystallographic microtexture.
(ii)

to improve the SCC resistance of Ti-8Al-1Mo-1V alloy by manipulating the α2
precipitation and microtexture.

(iii)

to understand and identify the SCC mechanism(s) in Ti-8Al-1Mo-1V alloy by
reveal the difference of dislocations substructure between the pre-crack (fractured
in air) and SCC crack (failed in 0.1M NaCl aqueous solutions) regions.

The study aims to test following hypothesis:
(i) Both α2 precipitates and microtexture play a role in SCC of Ti-8Al-1Mo-1V. The effect
of α2 precipitates is promoting planar slip, and microtexture influences the SCC crack
propagation.
(ii) Removal of both α2 and microtexture is necessary for the inhibition of SCC in Ti-8Al1Mo-1V.
(iii) The deformation mode (eg. types of dislocation) in the formation of SCC facets should
be different to that for ductile dimples formation.
Experimental methods used to investigate the above aims were standard. A wide range of
techniques are used to investigate the effect of α2 precipitates and microtexture on SCC. It was
hoped that the results provide new insights into the SCC mechanism(s) for Ti-8Al-1Mo-1V
alloy. It is believe that this work is important for the research in the SCC of near α and α+β Ti
alloys. The used experimental techniques include:


SEM to characterise grain sizes and morphologies, and to exam the SCC fracture
surfaces.



EBSD to characterise the texture and microtexture.
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Tensile tests to measure the mechanical properties in samples with different processing
methods and post heat treatments.



FIB lift-out technique to extract small volumes of material underneath the fracture
surfaces.



“Transmission”-EBSD (T-EBSD) to characterise the grain orientations and Schmid
factors of the FIB lift-out lamellae.



TEM to characterise the α2 precipitation in samples with different heat treatment
conditions, and to analyse the dislocation substructure in α grains underneath fracture
surfaces.
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3 CHAPTER III: EXPERIMENTAL METHODS
3.1 Materials and Heat treatment
`

Fig. 3.1 Ti-8Al-1Mo-1V pre-alloyed powder particles size distribution.

Two materials were used in this study. One was wrought Ti-8Al-1Mo-1V bar with a diameter
of 80 mm, which was obtained from Timet UK Limited. The other was powder hot isostatic
pressed (HIPped) Ti-8Al-1Mo-1V, in which electrode induction melting gas atomization
(EIGA) pre-alloyed Ti-811 powder was provided by IMR, Chinese Academy of Science.
Powder size distribution was measured by Mastersize 2000 particle sizer analyzer. In the
particle size measurement, the used refractive index was 2.22 for titanium alloys [94-96]. The
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pre-alloyed powders had a wide particle size distribution from 5 μm to 832 μm, with 90%
having a diameter less than 307 μm. (see Fig. 3.1).
Fig. 3.2a illustrates the morphology of the pre-alloyed powders. Size of these round Ti-811
particles are in the range of the distribution measured by the Mastersize analyzer (Fig. 3.1).
Most of particles have a smooth surface except a few with satellites attached. Fig. 3.2b reveals
a fine fully lamellar microstructure within pre-alloyed particles. The  lath thickness is less
than 2 μm, which is a result of a high cooling rate during the gas atomization process.

Fig. 3.2 Ti-8Al-1Mo-1V pre-alloyed powder: (a) secondary electron (SE) image of an overview for powder size distribution,
powders were attached to a conductive carbon tape, (b) backscatter electron (BSE) image shows the Ti-8Al-1Mo-1V prealloyed powder with a fully lamellar microstructure, powders were mounted in conductive resin.

A phase diagram calculation of Ti-Al-Mo-V alloy system was carried out by PANDATTM
software. An isopleth was obtained with the weight percentage of Mo and V being fixed at 1
Wt. % (Fig. 3.3). The intersection points of red dashed lines show that the ordering
transformation temperature of α2 (Ti3Al) phase starts from 837 oC, and the β transus is at 1028
o

C for Ti-8Al-1Mo-1V.

In a study of HIPped Ti-6Al-4V [97], it was found that a better balance of properties had been
obtained at hot isostatic pressing (HIPping) temperatures, which are slightly lower than the β
transus. Therefore in the current study, the pre-alloyed powders were encapsulated in mild steel
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cans and HIPped by Avure QIH-9 Hot Isostatic Press at 100 MPa and 990 °C (the β transus at
1028 °C) for four hours with a ramp rate of 5 °C/min.

Fig. 3.3 Calculated isopleth of Ti-Al-Mo-V alloys with weight fraction of Mo and V being fixed at 0.01.

Hot isostatic pressing (HIPping) is a powder metallurgy technology, in which isostatic pressure
and high temperature are applied simultaneously to give a uniform shape reduction and achieve
a density up to 99.99% (see Fig. 3.4). HIPping is suitable to produce complex shape
components for materials, including tooling steels, superalloys, titanium alloys, and ceramics.
[8, 10, 23, 98-101]. HIPped parts have fine, homogeneous and isotropic microstructures with
no crystallographic texture [23, 98, 102, 103]. Therefore, HIPped Ti-8Al-1Mo-1V provides the
opportunity to investigate the effect of texture or rather the absence of it on SCC.
In Fig. 3.5, a post heat treatment of 30 minutes at 860 °C followed by water quench (WQ) was
designed to supress α2 phase formation. As the martensitic transformation start temperature (Ms,
the black dashed line) and α2 ordering transformation temperature (the blue dashed line) are
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about 900 °C [11] and 837 °C (see Fig. 3.3) respectively. WQ from 860 °C would prevent both
the martensitic and α2 transformation. Martensite microstructures have been identified as
immune to SCC in Ti-8Al-1Mo-1V [36, 81]. Therefore, it was important to avoid the formation
of martensite in the study. The temperatures were monitored by using a K-type thermocouple
with COMARK N9002 thermometer (COMARK Instruments, Norwich, UK) during the post
heat treatment on all samples, and the temperature variations were limited to ± 3 °C. All the
samples had been encapsulated in vacuum before the heat treatment to avoid oxidation.

Fig. 3.4 Illustration of hot isostatic pressing (HIPping) [99]

The description and chemical composition of the four different sample conditions employed in
this study are presented in Tab. 3.1 and Tab. 3.2. The orientation of double cantilever beam
(DCB) specimens for SCC tests is also described in Tab. 3.1 for the wrought bar (includes the
post heat treated samples). As the powder HIPped Ti-8Al-1Mo-1V sample has a random
texture, there is no specific orientation in the DCB sample for SCC tests. The wrought Ti-811
and HIPped Ti-811 samples had a similar composition in Al, Mo, V, O and H. As the post heat
treatment was conducted in vacuum atmosphere, a chemical composition change was not
expected for samples wrought Ti-811 + HT860 and HIPped Ti-811 + HT860.
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Fig. 3.5 Illustration of a post heat treatment: 30 minutes at 860 °C followed by water quench (WQ). The black dashed line is
the martensitic transformation start temperature (Ms) at 900 °C [11], the blue dashed line is the α2 ordering transformation
temperature at 837 °C.

Tab. 3.1. Descriptions of various Ti-811 samples studied.

Samples ID

Description

Wrought Ti-811

Sample with a C-L orientation in the wrought Ti-811 bar was used for SCC tests. CL indicates the loading direction-crack opening direction in the Double Cantilever
Beam (DCB) specimen (Fig. 1). In the Ti-811 bar, R: radial direction, C:
circumferential direction, and L: longitudinal direction. (see Fig. 3e)

Wrought Ti-811 +
HT860

Wrought Ti-811 was subjected to a post heat-treatment at 860 °C/30 min + water
quench (WQ). DCB samples with the same C-L orientation was used for SCC tests.

HIPped Ti-811

Powder HIPped Ti-811 at 100 MPa, 990 °C for four hours with a ramp rate of
5 °C/min.

HIPped Ti-811 + HT860 HIPped Ti-811 was subjected to a post heat-treatment at 860 °C/30 min + WQ.
Two DCB specimens (Fig. 3.7) were prepared for SCC tests in all the four conditions as listed in Tab. 3.1.
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Tab. 3.2. The chemical composition of various tested samples.

Wrought Ti-811 and wrought
Ti-811 + HT860

HIPped Ti-811 and HIPped Ti-811 +
HT860

Al (Wt.%)

7.94

7.97

Mo (Wt.%)

1.04

0.99

V

0.99

0.99

C (ppm)

60

90

O (ppm)

950

760

H (ppm)

34

24

(Wt.%)

Ti
Bal
bal
The inert gas fusion method was used for measuring O (ASTM E 1409-13 [104]) and H (ASTM E 1447-09 [105])
contents, and the direct current plasma method was applied to the composition measurement of all the other
elements

Fig. 3.6 Illustration of a DCB sample with a C-L orientation in the wrought Ti-8Al-1Mo-1V bar.

60

3.2 SCC Tests and Mechanical Tests
According to the SCC test standard ASTM G168-00 [106], Double Cantilever Beam (DCB)
samples were pre-cracked by mechanical overloading in air before immersing them into the
test solution. The constant displacement was produced by tightening two stainless steel bolts
in the DCB specimen (see Fig.A3 in appendix and Fig. 3.7). In order to conduct a study of
sample orientations (which is not included in this paper), DCB samples were sectioned from
the wrought Ti-811 bar with different orientations. Therefore, sample length (76 mm in Fig.
3.7) was limited by the wrought Ti-811 bar diameter at 80 mm.
For each condition as shown in Table 1, two tests were carried out. The test solution (pH 5.7)
was 0.1 M NaCl, made from distilled water and Analar grade reagent NaCl. The solution
volume was 150 ml and open to air at room temperature. A fresh solution was used for each
individual test. The specimen potential was allowed to remain at the open circuit potential for
the duration of SCC tests. The interim crack length (ai in Equation 3.1) was measured
periodically by marking the crack front on both surfaces of a specimen using a scalpel under
an optical microscope. The measurement frequency was higher during the initial stage of a test
as the crack propagation rate was high. The stress intensity and crack propagation rate decrease
during constant displacement SCC tests with increasing crack length, so the measurement
frequency was reduced. The crack propagation velocity was then calculated from the increase
in crack length and time interval. The stress intensity factor, KIi, is a function of ai, and it was
calculated using the following Equation 3.1 [106]:

𝐾𝐼𝑖 =

[1.732𝐸𝑉𝐿𝐿 ]
𝑎
[4𝐻 0.5 ( 𝐻𝑖 +0.673)

2

]

(3.1)

61

where ai is the interim crack length (m), KIi is the stress intensity factor (MPa∙ √m), VLL is the
crack opening distance on the loading axis (m), H is the sample half height (m), and E is the
Young’s Modulus (MPa). As shown in Equation 3.1, the stress intensity factor (KIi) decreases
as a function of increasing crack length during crack propagation. After the SCC tests,
polynomial curve fittings were applied to the SCC crack velocity and corresponding stress
intensity factor based on a previous work [107], and associated confidence bands (95
confidence level) were generated to evaluate the accuracy of curve fitting. In this work, the
KISCC is defined as the stress intensity factor when crack velocity is 10-10 m/s, and KISCC is
computed based on the curve fitting function.

Fig. 3.7. Schematic diagram of Double Cantilever Beam (DCB) samples with dimensions (mm), a0 – starting crack length, B
– width, co – distance from sample edge to loading axis, 2H – height, L – length.

In order to obtain a value of Young’s modulus for use in Equation 3.1,

round tensile

specimens following ASTM E8/E8M–11 [108] standard with a diameter of 4 mm and a length
of reduced section of 23 mm were prepared for all the sample conditions in Tab. 3.1. For
wrought Ti-811 and wrought Ti-811 + HT860 conditions, the axial direction of tensile samples
is parallel to the longitudinal direction of the Ti-811 bar. As there would be no texture in the
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powder HIPped Ti-811, tensile samples do not have a specific orientation. Tensile tests were
conducted for specimens loaded to fracture at a crosshead speed of 1 mm/min. Three repeated
tests were carried out for all sample conditions. During the tensile tests, an extensometer was
used to ensure the accuracy in strain measurement.

3.3 Microstructure and Fracture Surface Characterization
For microstructure characterization by scanning electron microscopy (SEM) and EBSD, all the
samples were abraded with SiC paper to a 2400-P finish, and then polished with a mix of 15%
(vol.) H2O2 and 85 % OP-S (Oxide Polishing Suspension) on a MD-Chem polishing plate. Post
data analysis of microstructure, which includes grain size and volume fraction of presented
phases, were processed by a Fovea ProTM plug-in of Photoshop.
Fractography study was carried out on the fractured DCB samples in SCC. Microstructure
characterization and fractography examination were conducted by using a FEI Quanta 3D FEG
microscope. Texture analysis were carried out by EBSD in a Quanta 3D FEG and JEOL JSM7001F FEGSEM microscope. EBSD scan along the crack path was conducted at the sample
half width, because the crack front was expected at half width due to the stress concentration
produced by the chevron notch in the middle of each DCB specimen.

3.4 TEM Sample Preparation and Analysis
For the α2 precipitation investigation, samples (wrought Ti-811, HIPped Ti-811, HIPped Ti811 + HT860) were mechanically thinned down to 120 μm, and then electropolished by a twin
jet polisher in the electrolyte containing 57 vol.% methanol, 40 vol.% n-butanol, and 3 vol.%
perchloric acid. The electropolishing settings were 40 V and -32 oC. The foils were examined
to obtain Selective Area Diffraction (SAD) patterns, Bright Field (BF) images, Dark Field (DF)
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images, and High Resolution TEM (HRTEM) images in a FEI Tecnai G2 T20 TWIN TEM at
200 KV.
For the dislocation contrast analysis, Focused Ion Beam (FIB) was used to lift-out TEM foils
perpendicular to both the fracture surface and crack growth direction from the pre-crack and
SCC crack regions of wrought and HIPped Ti-811 samples by a FEI Quanta 3D FEG
microscope with a dual (FIB-SEM) beam system (Fig. 3.8). The gallium (Ga) ion beam column
was 52o tiled away from the vertical, thus sample was tiled to 52o during the milling process.

Fig. 3.8. Illustration of a dual (FIB-SEM) system, which is able to provide real-time SEM imaging during the FIB milling
processes [109].

As shown in Fig. 3.9, fractures surface consists of pre-cracked region failed in air (highlighted
by the blue arrow) and SCC faceted region failed in NaCl solution (highlighted by the red
arrow). The pre-crack region is from the chevron notch to the crack arresting front in air (the
blue dashed line). The SCC faceted region is between the crack arresting front in air (the blue
dashed line) and in NaCl solution (the red dashed line). The convex fracture front is a result of
the stress concentration caused by the chevron notch. Three FIB lift-out lamellae were prepared
from the fracture surface in this study. According to Fig. 5.2, regions 1 and 2 were sectioned
from the dimpled and faceted fracture surfaces of wrought Ti-811, and another lamellae
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containing regions 3 and 4 was obtained from the faceted fracture surface of HIPped Ti-811
sample. For region 1 from the pre-crack dimples, the location of FIB lift-out is in the dimpled
region close to the fracture mode transition border (the blue dashed line) in Fig. 3.9. For region
2, 3, and 4 from the SCC facets, the lift-out sites are 3 mm away from the final SCC crack
arresting (the red dashed line). By considering the crack propagation velocity and stress
intensity factor in Fig. 4.9 and Fig. 4.10, 3 mm away from the SCC crack arresting front is in
stage II SCC crack propagation for both wrought and HIPped Ti-811 samples.
For all lamellae, a Pt deposition about 2.5 µm was left on the fracture surface to reduce the ion
beam damage. A sequentially reduced FIB energy was applied from thinning to polish stages,
and the final polish was conducted at 2kV and 27pA to remove a layer of material with a depth
at 40 nm.

Fig. 3.9. Illustration of fractured SCC samples in the top view of the DCB sample in Fig. 3.7.

A correlation between operating slip systems and the critical tensile stress was studied in the
regions of interest based on Schmid’s law. Crystallographic orientations and Schmid factor
calculations of all FIB foils were studied by using “Transmission”-EBSD (T-EBSD) in a FEI
Quanta 3D FEG microscope at 25 keV (accelerating voltage) and 23 nA (electron current), and
post data analysis were conducted by AZtecHKL and OIM™ software packages. In order to
determine active slip systems, dislocation contrast experiments were based on a scalar product
g ∙ b invisibility criterion by using a 200 keV FEI Tecnai G2 T20 TWIN TEM. Dislocation
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invisibility under two beam condition is generally controlled by the g ∙ b = 0, where g is the
reciprocal lattice vector of the activated reflection and b is the Burgers vector of dislocations
[110-112]. Therefore, the burgers vector (b) of dislocations can be determined by using
different g vector.
As the nature of dislocation and dislocation density will be discussed in this work, one may
suspect that they could be affected by the ion beam damage during the FIB lift-out sample
preparation stage. Previous studies [113-115] reported defects, including dislocation, related to
high energy Ga+ ion damage in FIB lift-out foils. However, a recent study on a near α Titanium
alloy showed that a FIB lamella with a sequentially reduced ion energy thinning and final
polishing voltage and current at 2 kV and 28 pA did not affect the dislocation contrast analysis
compared to an electropolished foil [116]. In the current study, a sequentially reduced ion
energy milling and a final polishing process at low energy beam of 2 kV and 27 pA was used.
Therefore, it is not expected to affect the dislocation analysis.
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4 CHAPTER IV: STRESS-CORROSION CRACKING:
EFFECT OF VARIABLES
The literature review described the influence of Ti3Al (α2) precipitates and texture on SCC
properties in Ti-8Al-1Mo-1V. As mentioned in the research aims, the previous studies were
investigated in textured materials. In this chapter, HIPped Ti-8Al-1Mo-1V without texture was
used to elucidate more clearly the effect of α2 precipitates. In previous research, microtexture
or ‘macrozones’, region of grains with a similar crystallographic orientation, have been found
to affect the fatigue and dwell fatigue properties in titanium alloys [19, 41, 45-48]. To the
authors’ knowledge, there has been no investigation into the effects of microtexture on SCC.
Therefore, the effect of microtexture on SCC in Ti-8Al-1Mo-1V is another aim of this chapter.
This chapter presents microstructure characterizations and SCC test results of the wrought Ti811, wrought Ti-811 + HT860, HIPped Ti-811, and HIPped Ti-811 + HT860 samples (See Tab.
3.1). The effect of α2 precipitates and microtexture was investigated by a constant displacement
SCC test on double cantilever beam (DCB) samples. Key results including microstructure,
microtexture, and determination of α2 precipitation were obtained by using SEM, EBSD and
TEM selective area diffraction (SAD) pattern techniques. Mechanical properties were provided
by tensile tests for all the conditions.

4.1 Experimental Results
As described in the experimental methods (Chapter III), various Ti-8Al-1Mo-1V specimens
were prepared by different material processing techniques and heat treatments. These would
have different microstructural features and texture. This section shows the result of
microstructure and microtexture of a series of Ti-8Al-1Mo-1V samples. Mechanical and SCC
properties are also presented.
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4.1.1 Microstructure and Texture

Fig. 4.1 Backscattering electron (BSE) images showing the microstructure of (a) wrought Ti-811, (b) wrought Ti-

811 + HT860, (c) HIPped Ti-811, and (d) HIPped Ti-811 + HT860. Prior particle boundaries are denoted by black
dashed lines in (c) and (d). In all images, dark area is α phase and bright area indicates β phase.

Microstructures of wrought and HIPped Ti-8Al-1Mo-1V should be different due to the
different process techniques, therefore SEM was used to characterize the microstructures of
different samples. Fig. 4.1 shows the microstructures of wrought Ti-811, wrought Ti-811 +
HT860, HIPped Ti-811, and HIPped Ti-811 + HT860. The sizes of globular α grains and
transformed β grains were in the range from 20 to 30 μm for wrought Ti-811 sample (Fig. 4.1a).
HIPped Ti-811 consisted of recrystallized equiaxed α grains (along the black dashed lines) with
a size range from 5 to 10 μm, and α laths with a thickness of 2 μm (Fig. 4.1c). After a 30 mins
post heat treatment at 860 °C followed by water quench (WQ), both the wrought Ti-811 +
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HT860 (Fig. 4.1b) and HIPped Ti-811 + HT860 (Fig. 4.1d) samples showed slightly larger
grains and thicker lamellae than the materials before the heat treatment. There was
approximately 10 vol.% β phase in wrought Ti-811 and HIPped Ti-811 samples, and
approximately 11.7 vol.% β after the heat-treatment at 860 °C followed by WQ. During the
HIPping process, preferential recrystallization occurred at prior particle boundaries due to the
highly localized deformation, and examples are illustrated by equiaxed grains denoted by red
dashed lines in Fig. 4.1c and d. The microstructure of the HIPped material shows that it is a
fully dense material without porosity.
Based on the Ti-Al binary phase diagram (Fig. 1.2), α2 phase can form in Ti-811 alloy when
the Al content is high. As the ordering transformation temperature is about 837 °C (Fig. 3.3),
a post heat treatment at 860 °C for 30 minute followed by water quench was designed to supress
the α2 precipitation. Ordering alters the lattice parameter, which is double that in α phase on the
basal plane, but it remains the same in the c-axis. TEM analysis was employed to investigate
the α2 precipitation. TEM images of wrought Ti-811, HIPped Ti-811, and HIPped Ti-811 +
HT860 samples are respectively shown in Fig. 4.2a, b and c. Interestingly, superlattice spots in
the SAD patterns indicated that ordered α2 precipitates existed in the wrought and HIPped Ti811 samples. The corresponding dark field (DF) TEM images were also taken from the
superlattice reflection, and bright particles are α2 precipitates in Fig. 4.2a and b. The distribution
of α2 precipitates are homogeneous in α matrix for both wrought and HIPped Ti-811 samples.
The size of precipitates was less than 5 nm, but the wrought Ti-811 sample had slightly larger
precipitates than those in the HIPped Ti-811 sample. In contrast, the SAD pattern in Fig. 4.2c
did not show the existence of α2 precipitates, which verifies that α2 precipitation was supressed
after the designed post heat treatment.
As the superlattice reflections were faint in the SAD pattern taken from HIPped Ti-811, High
Resolution TEM (HRTEM) was further employed to investigate the α2 precipitation. Fig. 4.3a
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illustrates a high resolution atomic image in HIPped Ti-811. Fig. 4.3b is an enlarged view from
the region b in Fig. 4.3a, which shows that basal planes are aligned horizontally. Fig. 4.3c and
d are fast Fourier transforms (FFT) taken from regions c and d. An α2 spot is marked by the red
circle in Fig. 4.3d, which implies ordered D019 clusters presented in region d. While according
to the FFT in Fig. 4.3c, region c is normal α titanium matrix. Therefore, the HRTEM image
and FFT further prove that α2 precipitates exist in the powder HIPped Ti-811 sample.

Fig. 4.2 (a) Dark field (DF) TEM image of wrought Ti-811 bar, (b) DF TEM image of HIPped Ti-811, (c) Bright field TEM
image of HIPped Ti-811 + HT860 – suppressing α2 ordering transformation; beam parallel to [011̅0].
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Fig. 4.3 (a) High resolution TEM (HR-TEM) image of ordered and disordered regions in HIPped Ti-811 sample, (b) HR-TEM
image from box b, (c) and (d) [21̅ 1̅ 0] fast Fourier transforms (FFT) pseudo-diffraction patterns processed from boxes c and d,
and (d) HRTEM image from box d, beam parallel to [21̅ 1̅ 0].

As the microstructures of wrought and HIPped Ti-8Al-1Mo-1V (Fig. 4.1) are different due to
the different process techniques, it is necessary to study the difference in texture by EBSD. The
volume fraction of β phase was low (about 10% to 12% for all samples in Fig. 4.1), therefore
pole figures and orientation maps were only computed for α phase. Inverse pole figure (IPF)
microstructure maps and their associated pole figures of wrought Ti-811 bar are presented in
Fig. 4.4. On the cross section surface 1 (Fig. 4.4c), the overall peak intensity of 1.66 indicates
the global texture was not strong. However, the IPF microstructure map shows microtextured
regions of clusters of grains with a similar orientation (examples are indicated by black
arrowheads in Fig. 4.4a). On circumferential surface 2 (Fig. 4.4b), there is a heterogeneous
orientation distribution of α grains. Bands of grains with a similar crystallographic orientation
(microtextured regions) are aligned in the L (axial) direction, and the peak intensity is 10.23
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suggesting a strong microtexture (Fig. 4.4d). The two (0001) pole components in Fig. 4.4d are
the main crystallographic orientations corresponding to the top and bottom microtextured
regions in Fig. 4.4b. Based on the two associated pole figures in Fig. 4.4c and d, there are six
main (0001) poles, which are 60 degrees to each other, with the c-axis approximately aligned
in R (radial) directions.

Fig. 4.4 The Inverse Pole Figure (IPF) maps and associated pole figures of α-Ti phase for as-received Ti-811 bar: (a) and (c)
transverse to longitudinal direction – surface 1, (b) and (d) circumferential surface parallel to longitudinal direction – surface
2. Schematic illustration of surfaces 1 and 2 in Ti-811 bar is depicted in (e). R: radial direction, C: circumferential direction,
and L: longitudinal direction.

In α+β Ti alloys, texture type and intensity are mainly correlated with deformation type and
degree [8]. The heat treatment at 860 °C followed by WQ is not expected to change the texture
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in wrought Ti-811. Therefore, crystallographic texture of wrought Ti-811 + HT860 is likely to
be similar to that of wrought Ti-811.
Fig. 4.5a and c illustrate the orientation maps and associated pole figures of HIPped Ti-811 at
990 °C. Fig. 4.5c shows that the peak intensity of (0001) pole was 2.32, and it might be regarded
as a slightly textured material. However, there were not any microtextured regions in the
HIPped sample unlike in the wrought Ti-811 sample. All equiaxed α grains and laths were
randomly orientated, and they do not share a similar crystallographic orientation to their
neighbouring α grains. After a 30 mins post heat treatment at 860 °C (Fig. 4.5b and d), the peak
intensity of (0001) was 1.72, and there was no trace of microtexture. Therefore, both HIPped
Ti-811 and HIPped Ti-811 + HT860 samples are regarded as microtexture-free conditions.

Fig. 4.5. IPF images and associated pole figures of α-Ti phase, (a) and (c) HIPped Ti-811, (b) and (d) HIPped Ti-811 + HT860.
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4.1.2 Mechanical Properties
Previous sections describe that the microstructure and microtexture are different in different
samples. It is expected that the mechanical properties will be different. Tensile tests were
conducted on the wrought Ti-811, wrought Ti-811 + HT860, HIPped Ti-811, and HIPped Ti811 + HT860 at room temperature with the test crosshead speed at 1 mm/min. For each
condition, three tensile samples were tested to ensure the reproducibility. The true stress-strain
curves for all samples are illustrated in Fig. 4.6. As illustrated, true stress-strain curves overlap
closely for each condition, which means that the results are reproducible. The wrought Ti-811
(red curves) has the highest yield strength, while HIPped Ti-811 (blue curves) has the best
ductility.

Fig. 4.6. True stress-strain curves of the wrought Ti-811 (red), wrought Ti-811 + HT860 (pink), HIPped Ti-811 (blue), and
HIPped Ti-811 + HT860 (black). Three repeat tests were carried out for all samples.
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The mechanical properties for all four samples are summarized in Tab. 4.1. The table shows
that the as-HIPped condition (HIPped Ti-811) had comparable mechanical properties to those
of wrought Ti-811 product. The heat treated samples (wrought Ti-811 + HT860 and HIPped
Ti-811 + HT 860), which did not have ordered and coherent α2 precipitates, had a 10%
reduction in both Young’s Modulus and yield strength than those of as-received wrought bar
and as-HIPped conditions. However, the ductility (El.)

was observed to be slightly lower

after the post heat treatment, which seemed to be counter to the effects of larger grain sizes
with the absence of precipitation hardening. The reduction in ductility may be related to the
residual stress associated with the water quench during the post heat treatment.
Tab. 4.1 Summary of tensile properties for various Ti-8Al-1Mo-1V samples.

Samples

E (GPa)

0.2% YS (MPa)

Wrought Ti-811

120.7 ±1.3

Wrought Ti-811 + HT860

106.3 ±2.0

783.7 ±1.9

12.3 ±0.1

HIPped Ti-811

122.7 ±1.8

817.5 ±7.8

16.7 ±1.4

HIPped Ti-811 + HT860

110.7 ±4.5

741.0 ±3.8

869.9

±14.3

El. (%)
15.2 ±0.6

15.9

±0.8

Notes: E, 0.2% YS, and El. are abbreviations of Young’s Modulus, yield strength, and elongation respectively. Three replicates
were tested for all sample conditions, and standard deviations are shown in the above table.

Fig. 4.7 illustrates the tensile fracture surfaces of various Ti-8Al-1Mo-1V samples tested at
room temperature. Although there are some differences in the orientation of ductile dimples,
the main feature remained as ductile dimples in all the specimens. It is clear that all the fracture
processes were ductile, which is consistent with good ductility (large elongation) in the true
stress-strain curves of all samples (Fig. 4.6).
As the fracture surface characteristics are related to the local microstructure and grain
orientations, the SEM images only represents the response of local microstructure to the tensile
deformation in Fig. 4.7. The fracture surface of wrought Ti-811 (Fig. 4.7a) contains dimples of
different sizes, which are formed in grains with different orientations. On the fracture surface
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of the post heat treated wrought Ti-811 (wrought Ti-811 + HT860 in Fig. 4.7c), the dimples
are mainly aligned and have a similar orientation. While dimples are formed in different
orientations at various heights in the powder HIPped sample (HIPped Ti-811 in Fig. 4.7e). In
the post heat treated HIPped Ti-811 (HIPped Ti-811 + HT860 in Fig. 4.7g), the dimples have
two main orientations. The dimples at the top are arranged in the direction of shear fracture,
however the bottom features are mainly tear dimples.
As illustrated in the low magnification images (Fig. 4.7), there are dimples located in the shear
and tear zones. Close-up images of these two distinct zones are observed as Fig. 4.8a and b,
the shallow elongated dimples and deep equiaxed dimples are corresponding to the shear and
tear regions respectively. It shows that elongated dimples are arranged in the shear direction,
and failure is dominated by the shear process along grain boundaries in Fig. 4.8a. The
formations of shear and tear dimples mainly depend on the grain orientations and loading
conditions [117].
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Fig. 4.7. SEM secondary electron images of fracture surface of tensile test specimens at low and high magnifications: (a) and (b) wrought Ti-811,
(c) and (d) wrought Ti-811 + HT860, (e) and (f) HIPped Ti-811, (g) and (h) HIPped Ti-811 + HT860. Ductile dimples are main characteristics on
the fracture surface in all cases.
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Fig. 4.8. SEM secondary electron images of fracture dimples of tensile test specimen of HIPped Ti-811 sample: (a) shear zone,
(b) tear zone.

4.1.3 Stress-corrosion Cracking Properties
A major research objective is to investigate the effect of ordered α2 precipitates and
microtexture on SCC susceptibility of Ti-8Al-1Mo-1V. The results describe the influence of
these two factors in this section.
A constant displacement SCC test on double cantilever beam (DCB) specimens was conducted
in 0.1 M aqueous NaCl solution (pH at 5.7) by applying two stainless steel bolts against each
other for all the sample conditions in Tab. 3.1. The solution was open to air and no potential
was applied to the specimens. As presented in the Equation 3.1, the stress intensity factor (K)
has an inverse relationship with the interim crack length. Therefore, the K value was decreasing
during the SCC crack propagation.
Fig. 4.9 illustrates the interim SCC crack length as a function of testing time for various Ti-811
samples in 0.1 M NaCl solution. Generally, it shows the SCC crack velocities (slope) are lower
in HIPped Ti-811 than those of wrought Ti-811. The interim SCC crack length was measured
from the end of pre-crack, which was introduced by manual loading during the SCC test.
Loading condition was slightly different in various samples, which leaded to a series of precrack lengths in them. As the inverse interrelationship between the stress intensity factor and
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crack length described in Equation 3.1, the stress intensity factor (KI0) at SCC starting point
was also expected to be different. However, stress intensity factor has an influence on the crack
propagation velocity and overall crack length. Therefore in Fig. 4.9, crack propagation length
vs. time curves are distinct even for the same sample condition. Raw data of Fig. 4.9 was used
to calculate the SCC crack velocity and corresponding stress (related to the interim crack length)
intensity factor for Fig. 4.10.

Fig. 4.9. The interim SCC crack length versus time for various Ti-811 conditions in 0.1 M aqueous NaCl solution. Two
repeated tests (the solid and hollow data points) for each conditions.

The crack growth rates associated with stress intensity levels at particular crack lengths for all
four conditions are plotted in Fig. 4.10. Polynomial curve fittings were applied to the SCC data
for the various sample conditions. These are presented by solid lines. In addition, confidence
bands (95% confidence level) were presented by the dashed line. Most of the data points are
located within the confidence bands. Based on the curve fitting functions, values of KISCC
were computed corresponding to SCC crack velocity at 10-10 m/s. These are summarized for
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the various sample conditions in Table 4. The HIPped Ti-811 shows a typical Region I/Region
II SCC behaviour. Samples without α2 precipitates (wrought Ti-811 + HT860) had a slightly
higher KISCC and slower propagation velocity than those of wrought Ti-811. The data also
shows that microtexture-free HIPped Ti-811 condition had an order of magnitude lower SCC
crack velocity and 2.4 times higher KISCC than for the wrought Ti-811 condition. For HIPped
Ti-811 + HT860 samples, no SCC crack propagation was detected even at stress intensity
factors of approximately 156 MPa∙ √𝑚.

Fig. 4.10. Crack propagation velocities as a function of stress intensity factors for various Ti-811 conditions in 0.1 M aqueous
NaCl solution. Two repeated tests (the solid and hollow data points) were conducted for each condition. Solid lines are
polynomial fitted curves for SCC data points of different sample conditions, corresponding dashed lines indicate a band of 95%
confidence level (For all solid and dashed lines, blue - HIPped Ti-811, black - Wrought Ti-811 +HT 860, green - wrought Ti811).
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Tab. 4.2 Threshold stress intensity for various Ti-8Al-1Mo-1V samples.

Samples

K1SCC (MPa∙ √m)

Wrought Ti-811

42.4

Wrought Ti-811 + HT860

51.5

HIPped Ti-811

101.3

Fig. 4.11. Fractography on crack surface of wrought Ti-811 sample (a-c): (a) High magnification secondary electron (SE)
image of dimpled fracture from the pre-crack in air, (b) high magnification SE image of SCC faceted fracture, (c) low
magnification SE image of SCC fracture, and the overall propagation direction is shown by the black arrow; of wrought Ti811 + HT860 sample, and (d) high magnification SE image of SCC fracture. All the red arrowheads indicate the local crack
propagation direction on SCC propagation facets.

When SCC cracks stopped propagating, the specimens were broken open by tightening the
bolts and increasing load. The fractography of wrought Ti-811 sample illustrated in Fig. 4.11a
and 4.11b, reveals that ductile dimples, resulting from micro-void coalescence, were a

81

dominant feature in the precrack fracture in air, while flat transgranular facets appeared in SCC
cracking region. An overview of the SCC fracture surface of wrought Ti-811 sample is showed
at low magnification in Fig. 4.11c. There were regions of flat facets (regions 1 and 3) aligning
along the propagation direction as indicated by the black arrow, which is also the longitudinal
(L) direction in the Ti-811 bar. A region containing ductile dimples (region 2) is located
between the two faceted regions. Fig. 4.11d is a high magnification image of SCC fracture
surface for the wrought Ti-811 + HT860 sample, showing propagation facets with similar
features to those seen on the wrought Ti-811 (Fig. 4.11b). Those similar features are terraces
at various heights and tear ridges on the facets.

Fig. 4.12. SCC fractography of wrought Ti-811 + HT860 sample: (a) SE image of dimpled region fracture during the initial
overload in air, (b) SE image of SCC faceted fracture surface failed in 0.1M NaCl aqueous solution.

Fig. 4.12a andd b shows the fracture surface of a wrought Ti-811 + HT860 sample failed during
the pre-loading in air and SCC in NaCl solution respectively. The fractography is like that of
wrought Ti-811 sample (Fig. 4.11), it consists of pre-crack dimples and SCC facets.
Fig. 4.13a illustrates a ductile dimple fracture () to faceted fracture () transition at the
beginning of SCC test (indicated by the black arrow) in HIPped Ti-811 sample. The transition
border (black dashed line), was at the half convex fracture front due to the stress concentration
caused by the chevron notch in DCB specimens.
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Fig. 4.13. Secondary images of crack surface for HIPped Ti-811 condition: (a) Ductile dimpled fracture to faceted failure
transition at the beginning of SCC test in 0.1 M aqueous NaCl solution, and (b) high magnification image of a facet with slip
bands formed steps, which are indicated by white arrowhead. All the red arrowheads indicate the local crack propagation
direction on a SCC propagation facet.

For all high magnification secondary electron (SE) images of SCC propagation facets in Fig.
4.11b, Fig. 4.11d, Fig. 4.12b and Fig. 4.13b, tear ridges were observed and the local crack
propagation directions were denoted by red arrowheads. These ridges were formed during
plastic flow of α phase in SCC. They were also aligned with the local crack propagation
direction [50, 75].
Previous research illustrated the slip bands on SCC facets of Ti-811 [13]. In the present study,
planar slip bands with spacing of 2 μm were also present on facets as shown in Fig. 4.13b. The
slip bands formed steps at different heights, indicating localized planar plastic deformation.
Comparing the facets in wrought Ti-811 (Fig. 4.11c) and HIPped Ti-811 samples (Fig. 4.13a),
the facets aligned in the propagation direction and formed in a similar fashion for wrought Ti811, while the facets in the HIPped sample were more randomly orientated.
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Fig. 4.14. (a) IPF map of α-Ti phase collected along the SCC crack path in a wrought Ti-811 sample, four microtextured
regions are labeled as 1, 2, 3 and 4. In (a), the crack propagation direction is denoted by black arrow in the longitudinal
direction (L) of the bar and loading direction is indicated by white arrows. (b) and (c) are associated pole figures for
microtextured regions 2 and 3; Schmid factor distribution map for (d) basal <a>, and (e) prismatic <a> slip systems of same
area in (a). The four microtextured region are demarcated by black dashed lines.

84

Multiple orientation maps were recorded along the SCC crack in a wrought Ti-811 sample (Fig.
4.14a), and four elongated microtextured zones were observed with different crystallographic
orientations. These zones were approximately 200 μm wide and more than 2 mm in length. The
SCC crack mainly propagated in microtextured region 3 except for a small fraction in
microtextured region 2. EBSD data were extracted for further texture analysis in regions 2 and
3, and the corresponding pole figures are given in Fig. 4.14b and c. Both regions were
characterized by a strong basal texture around 7.55 with c-axis approximately oriented in R
(radial) directions of wrought Ti-811 bar, which is similar to the microtexture shown in Fig.
4.4b.
As the Critical Resolved Shear Stress (CRSS) of the <c + a> slip systems is approximately 4
times as high as that of <a> slip in α-Ti [28], <c + a> slip will be favourably activated only
when Schmid Factor (SF) of <c + a> slip is 4 times the SF of <a> slip. As shown in Fig. 4.14d
and e, the highest SF of <a> slip is 0.5 in regions 2 and 3, which means that <a> slip is more
readily activated than <c + a> slip. Therefore, the SF was only calculated for the basal <a>
and prismatic <a> slip systems. Such a calculation showed that most grains had a much higher
SF of basal <a> than that of prismatic <a> slip in microtextured region 3. In α-Ti, the CRSS
ratio of prismatic <a> and basal <a> slips is approximately 0.9:1.0 [28]. Therefore, SCC crack
propagated in the microtextured region 3 with most grains oriented favourably for basal <a>
slip.

4.2 Discussions
The obtained results in section 4.1 illustrate that those Ti-8Al-1Mo-1V conditions have various
responses to the aqueous NaCl SCC due to the difference in the microtexture and α2 precipitates.
This section mainly discusses the effect of the microtexture and α2 precipitates on the SCC
properties.
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4.2.1 Effect of the Microtexture
In the present study, wrought Ti-811 and wrought Ti-811 + HT860 samples had the same DCB
sample orientation when sectioned from the bar material, but the only difference was the
presence of α2 precipitates in wrought Ti-811, which is suppressed by the post heat treatment
in wrought Ti-811 + HT860 (see Fig. 4.2). It is important to note here that there is a minor
grain growth after the post heat treatment. As the crack propagation is related to the effective
slip length of dislocations in titanium alloys [8], the increased grain size may influences the
effective slip length. However, there are microtextured regions with a size scale of a few mm
in these samples, and grains with similar crystallographic orientation will act like one grain in
a microtextured region. It has been reported that the size of microtextured regions has a
profound effect on the fatigue crack propagation [47]. Therefore, the effect of microtexture on
crack propagation will be more significant than that of grain size.
Based on the IPF maps and associated pole figures in Fig. 4.4 and Fig. 4.5, the bar material
(wrought Ti-811 and wrought Ti-811 + HT860) had a much stronger texture on both global or
localized (microtexture) scale than the powder HIPped material. These microtextured zones
with a size larger than 2 mm, were aligned along the longitudinal (L) direction of Ti-811 bar,
which is also the crack propagation direction for wrought Ti-811 and wrought Ti-811 + HT860
samples. The aligned microtextured regions in the propagation direction may explain the
alternative faceted region (region 1) /ductile region (region 2) /faceted region (region 3) on the
fracture surface in Fig. 4.11c. Microtextured regions contained α grains with a similar
orientation, and these grains behaved as a ‘single grain’ during SCC. As a result, the active slip
length is much longer for a microtextured region compared to a single grain.

The

microtextured regions 1 and 3 might be favourably oriented for activation of certain slip
systems, and then two micro-cracks are formed and aligned in the propagation direction.
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Region 2 failed by ductile rupture due to the coalescence of the two micro-cracks afterwards.
Such fracture features as appeared in Fig. 8c were not observed in the HIPped Ti-811 sample,
in which the facets were randomly oriented due to the absence of microtexture.
As shown in Fig. 4.10, wrought Ti-811 and wrought Ti-811 + HT860 samples have an order
of magnitude higher SCC crack velocity than HIPped Ti-811 samples. This is because α grains
have similar crystallographic orientations inside a single microtextured region, and
deformation behaviours are similar inside a microtextured region. Therefore, the effective slip
distance is limited by the size of the microtextured region rather than α grain size in the wrought
Ti-811 and wrought Ti-811 + HT860 samples. This is similar to the case of SCC immunity in
martensite, in which slip cannot penetrates the boundaries of fine martensite [36]. The size of
martensite plates in the previous work [36] is much smaller than the size of α grains and laths
in this study, which means the effective slip length is even shorter in martensite.
The presence of microtexture results in a quick fracture in the form of aligned facets in a
microtextured region. Multiple EBSD maps along SCC cracks in a wrought Ti-811 sample (Fig.
4.14) revealed the crystallographic orientation of α grains along the SCC crack path. It shows
that the crack indeed propagates within a microtextured region orientated favourably for basal
<a> slip. Therefore, the above discussion suggests that the presence of microtextured regions
increased the effective slip length for dislocations, and subsequently accelerated the SCC crack
velocity by one order of magnitude in wrought bar material (wrought Ti-811 and wrought Ti811 + HT860).
KISCC in the HIPped sample is approximately 2.4 times that of wrought Ti-811. As KISCC is
related to crack initiation susceptibility, which increases with effective slip length of
dislocations. Thus on a whole, the HIPping process increases KISCC and reduces SCC crack
velocity of Ti-811 considerably by the absence of microtexture.
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4.2.2 Effect of the α2 Precipitates
In materials having the same intrinsic texture (wrought Ti-811 and wrought Ti-811 + HT860),
it is shown that the absence of α2 precipitates only slightly decreased the SCC crack velocity
by one to four times (Fig. 4.10). This observation is consistent with the previous work [59] on
a rolled Ti-811 plate where the KISCC was decreased and SCC crack propagation velocity was
found to increase by four times in a sample with α2 precipitates compared to sample without
those precipitates.
For the powder HIPped materials (HIPped Ti-811 and HIPped Ti-811 + HT860), Fig. 4.10
shows that the α2 precipitates had a significant effect. There was no detected SCC crack
propagation in the HIPped Ti-811 + HT860 sample without α2 precipitates. This clearly shows
that the effect of α2 precipitates is different for the samples with (wrought bar) and without
(HIPped material) microtexture.
In a previous deformation investigation of a Ti-6.6Al alloy, slip was restricted on basal planes,
on which slip bands formed and destroyed the α2 precipitates [28]. The coherent and fine α2
precipitates can be sheared by moving dislocations, allowing continuous slip to happen on the
active slip plane, which is easier than initiating a new slip on other planes [11, 13, 83].
Therefore, planar slip occurs and a reduction of the SCC resistance are observed in Ti-811. As
previous study has identified slip bands on SCC facets of Ti-811 [13]. In the present study,
evidence of slip planarity is the slip bands on the SCC facet observed in Fig. 4.13b.
The above paragraph explains why α2 precipitates are detrimental to the SCC properties.
However, it does not explain why they have a more pronounced effect in samples without
microtexture (HIPped materials) compared to samples containing microtexture (wrought bar).
It seems that the presence of microtexture overrides the effect of α2 precipitates in wrought
samples. Role of α2 precipitates is promoting planar slip during SCC in both wrought and
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HIPped conditions. In wrought Ti-8Al-1Mo-1V with microtexture present, microtexture also
promotes planar slip. In addition, dislocations can slip across the grain boundaries and
microtexture provides much longer effective slip length at orders of mm. The longer effective
slip length increases the local stress at the head of a dislocation pile-up. Hence the effect of α2
is small in the wrought condition due to the presence of microtexture. While in HIPped
condition where microtexture is absent, α2 is the only initiator for planar slip. Grain boundaries
are strong barriers for dislocations, and the effective slip length is limited by α grain size (grain
size is about 20 μm). Then new planar slip bands will be activated by α2 precipitates in
neighbouring grains.
Longer slip lengths provided by microtexture could result in a stronger slip planarity and
localization [30, 118], which overweighs the effect of slip localization promoted by α2
precipitates in wrought Ti-811. Therefore, α2 precipitates have a significant effect when
microtextured regions are absent.

4.2.3 Reduction and Elimination of Stress-corrosion Cracking
Susceptibility
Therefore, both microtexture and ordered α2 precipitates have an effect on the SCC behaviour
of Ti-811. Elimination of either one will increase the SCC resistance, and SCC susceptibility
can only be totally eliminated when both of them are absent.
It is difficult to remove microtexture from wrought Ti alloys, because these microtextured
regions originate from the prior β grains [44, 45] during thermomechanical processing.
Therefore, HIPping alone without heat treatment can reduce the SCC susceptibility
significantly (see Fig. 4.10) without affecting the property of elastic modulus (see Tab. 4.1).
Although HIPped Ti-811 + HT860 samples without both microtexture and α2 precipitates,
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showed no SCC crack propagation at a high stress intensity factor approximately 156 MPa∙m1/2
(see Fig. 4.10), it does have inferior mechanical properties in terms of lower elastic modulus
and yield strength (see Tab. 4.1). In this work, it has been demonstrated for the first time that
SCC can be supressed totally when both crystallographic microtexture and α2 precipitates are
eliminated by using a powder HIPping process combined with the heat-treatment, but it comes
with inferior mechanical properties in terms of reduced elastic modulus, yield strength and
ductility as shown in Tab. 4.1. The post heat-treatment followed by WQ resulted in grain
growth, supressed  precipitation, and an increased volume fraction of β phase, which reduced
the yield strength and elastic modulus. However, the decrease in ductility seemed to oppose
the effects of larger grain sizes with no precipitation hardening. It may be related to the residual
stress associated with the WQ during the post heat-treatment.

4.2.4 Mechanism of Propagation Stress-corrosion Cracking Facets
Formation
In Ti-811, the most favourable SCC fracture crystallographic planes identified as either parallel
to or 5°- 15°from (0002), close to {101̅7} [13, 17, 59, 75]. Both (0002) and {101̅7} planes
are hydride habit plane [13, 15, 17, 64, 68, 75]. The hydride formation mechanism has sluggish
kinetics and results in intergranular cracks [13, 67, 69]. However, the plateau SCC crack
velocity was found to be high (at the order of 10-6 to 10-5 m/s in Fig. 4.10) and SCC crack was
transgranular in this study. Therefore in Ti-811, the SCC mechanism in aqueous NaCl does not
involve hydride formation in Ti-8Al-1Mo-1V.
There was a transition from ductile dimples to flat facets in the fracture modes for the pre-load
in air to the SCC in aqueous NaCl solution. Transgranular facets are typical SCC fracture
features in α+β Ti alloys [13, 63]. The transition happened in all of the wrought bar, wrought
Ti-811 + HT860, and HIPped Ti-811. Ordered α2 precipitates are present in wrought and
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HIPped Ti-811, the only difference is that wrought Ti-811 had an intense microtexture aligned
in the crack propagation direction and HIPped sample had a homogeneous microstructure
without any microtexture. There was no α2 precipitation in wrought Ti-811 + HT860 sample,
but the characteristics of the facets on the fracture surface were similar to that of wrought Ti811. Therefore, α2 precipitates should not be the main driving force for the facet formation.
Tear ridges and slip bands on the facets indicate that it was not a ‘brittle’ failure, and there was
evidence of localized plastic deformation underlying the facets. These ductile features support
the concept of Hydrogen Enhanced Localized Plasticity (HELP), in which hydrogen reduces
the critical stress of dislocation motion and increases the dislocation velocity in the crack-tip
region [67].
In HELP, solute hydrogen interacts with dislocations and promotes dislocation movement in
the hydrostatic stress region with a high hydrogen concentration around the crack-tip [22, 57,
58, 65, 119]. However, solute hydrogen concentrations were measured at 34 ppm and 24 ppm
for the wrought and HIPped Ti-811 samples, which are considered as low hydrogen levels.
Therefore, external hydrogen absorbed as a result of electrochemical activity at the crack-tip
may play a significant role in the SCC propagation.
As the SCC tests were conducted in neutral NaCl solution, hydrogen production and absorption
seem not to be possible if a stable Ti oxide film is present at the crack tip due to the spontaneous
passivation of Ti. However, the local corrosion environment within the SCC crack could be
different to that of bulk solution. In an aqueous SCC study of Ti alloys [64], the pH was found
to be below 2 at the crack-tip zone for a neutral bulk solution. The low pH value (high hydrogen
ion concentration) is a result of oxygen depletion, anodic reaction of Ti, and TiCl 3 saturated
solution at crack-tip zone [64]. Therefore, Ti oxide film is not stable at crack-tip region due to
the low pH and loading in SCC [64]. In order to balance the charge of positive Ti cations
created by the anodic dissolution, Cl- anions diffuse into the crack-tip region and increase the
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local Cl- concentration [64, 85]. The SCC susceptibility increases with the Cl- concentration in
Ti alloys [36]. In addition, the presence of Cl- reduces the crack-tip potential by anodic
depolarization, which then facilitates the hydrogen absorption [64]. As a result, the main
hydrogen source is speculated as externally absorbed hydrogen resulting from the reduction of
H ions as the cathodic reaction at the crack-tip.
A previous study [13] proposed a facet formation mechanism including hydrogen promoted
dislocation motion on rational planes of α phase in the hydrostatic stress region around cracktip, which results in strain accumulation and subsequent nucleation of secondary cracks. Then
the β phase, at the grain boundaries, between α grains failed by ductile rupture. The SCC crack
propagates in a repetitive manner as it encounters each new β grain boundary [13]. However,
there is no fractographic evidence for the proposed hypothesis in the previous study．

Fig. 4.15. (a) Proposed facets formation mechanism involve hydrogen enhanced localized plasticity (HELP); (b)SE image of
cross section view of SCC crack tip in the wrought Ti-811 sample, feature 1 is the primary SCC crack and feature 2 is the
secondary SCC cracks. The black arrow indicates the crack propagation direction.

A schematic illustration of the facet formation mechanism is visualized in Fig. 4.15a based on
the hypothesis from reference [13]. The cross section view of SCC crack tip, at the test ending
point in the wrought Ti-811 sample, is illustrated in Fig. 4.15b. It revealed that secondary
cracks (feature 2) were nucleated in α grains ahead of primary crack (feature 1) tip, which
encountered grain boundaries containing β phase. The primary SCC crack was continuous, and
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secondary cracks were only observed ahead of the primary crack. This is probably because the
stress intensity factor was too low (at KISCC) to join the secondary cracks with the primary crack
when the crack arresting happened. This suggests the propagation mechanism, illustrated in
Fig. 4.15a, which depicts the nucleation of the secondary crack ahead of the primary crack tip.
Also, the nucleation of the secondary crack is attributed to the hydrogen promoted localized
dislocation motion in the hydrostatic stress region around crack tip [13].

4.3 Summary
i.

Tear ridges and slip bands on SCC propagation facets indicate a heavily localized plastic
deformation in the microstructure adjacent and below the fracture surface, which aligns
well with the concept of HELP as the SCC mechanism. The SCC propagation is speculated
to be the result of joining the primary with the secondary SCC cracks formed by HELP in
α grains ahead of the primary crack-tip. The hydrogen source is mainly provided through
externally absorbed hydrogen from the environment at the crack-tip.

ii.

The presence of both α2 precipitates and microtexture is detrimental to the SCC resistance
in Ti-8Al-1Mo-1V. The slip bands on SCC facets are evidence of localized planar slip,
which is promoted by α2 precipitates in the material and HELP mechanism during SCC test,
therefore the SCC process is accelerated. The presence of microtextured regions increases
the SCC crack propagation velocity significantly, and the SCC crack propagation direction
is correlated to the microtexture according to the EBSD maps.

iii.

Ti-8Al-1Mo-1V made from powder by HIPping without any post heat-treatments reduces
the SCC susceptibility significantly compared to wrought products prepared by the
conventional thermomechanical processing. The HIPped material exhibited minimal
microtexture compared to the wrought product.
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iv.

A Ti-8Al-1Mo-1V alloy with zero SCC susceptibility can be obtained by combining the
HIPping process and appropriate heat-treatment used in the study.
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5 CHAPTER V: STUDY OF THE AQUEOUS SCC
MECHANISM(S) IN Ti-8Al-1Mo-1V
Although several hypotheses state that hydrogen is involved in the SCC of Ti-811 [22, 57, 58,
65], there is no published evidence of interrelationships between microstructure, dislocation

substructure and the aqueous SCC mechanism for Ti-811. In a study based on Chapter IV [120],
a fracture mode transition from dimples to facets was presented at the starting point of aqueous
NaCl SCC tests in both wrought Ti-8Al-1Mo-1V bar and powder hot isostatic pressed (HIPped)
Ti-8Al-1Mo-1V materials. An understanding of the transition between the pre-crack region
(fractured in air) and SCC crack region (failed in 0.1M NaCl aqueous solutions) is needed to
reveal the mechanism. The basic aim of this chapter is to reveal the SCC mechanism in Ti811.This section will investigates the differences in dislocation type and density underlying the
dimples and facets, as well as the formation mechanism of SCC facets in Ti-811. Focused ion
beam (FIB) provides the means to extract a small volume of material underneath the fracture
surface, then transmission electron backscatter diffraction (T-EBSD) and transmission electron
microscope (TEM) examination can be conducted to elucidate the SCC mechanism.

5.1 Experimental Results
5.1.1 Fractography
The DCB samples were pre-loaded in air to a length of 3 mm on both side surfaces before
immersing in the aqueous NaCl solution. Ductile dimples were found to be the characteristic
fracture mode in the pre-crack region of the wrought Ti-811 condition (Fig. 5.1a). Fig. 5.1b
shows a typical SCC fracture surface where a dimpled region was observed between
transgranular facets indicated by the black arrowhead. The facets were formed at different
heights, and their surfaces were covered by aligned ductile tear ridges. The size of facets was
about 20 μm, which is similar to that of α grains in the wrought Ti-811 shown in previous
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chapter. This suggests that the facets correspond to different α grains. Such a transgranular
faceted fracture containing tear ridges is typical for SCC in α + β Ti alloys. The observed
fracture mode transition indicates a deformation mechanism change in the SCC.

Fig. 5.1. Fractography, (a-b) of wrought Ti-811 (a) dimples on pre-crack failed in air and (b) propagation SCC facets fractured
in 0.1M aqueous NaCl solution; (c-d) of HIPped Ti-811 sample (c) propagation SCC facets fractured in 0.1M aqueous NaCl
solution and (d) localized slip band observed on facets in white dashed line box in (c).

Similar to the SCC facets of the wrought sample, the fracture characteristics are pre-crack
dimples and SCC facets in the HIP-Ti-811 sample according to Chapter IV. As shown in Fig.
5.1c, the SCC fracture surface of a HIPped Ti-811 sample also contained by flat facets. These
elongated facets corresponded to the size of lamellar microstructure in HIPped Ti-811 sample.
Fig. 5.1d is a close up image of the white dashed line box in Fig. 5.1c.

is Fig. 5.1d. In addition
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to tear ridges, there were planar slip bands with spacing from 100nm to 800 nm (features
denoted by the white arrowhead) on the facet in Fig. 5.1d.

5.1.2 FIB Lift-out and T-EBSD
In order to reveal the SCC mechanism by study the dislocation substructure underneath the
fracture surface, FIB lift-out technique was used to extract a small volume of material from
either dimples or facets fracture surface. FIB lift-out lamellae were obtained from the dimpled
region of the pre-crack (Fig. 5.2b) of the wrought Ti-811 bar, and from the SCC fracture
surfaces containing facets of the wrought and HIPped Ti811 samples (Fig. 5.2e, and Fig.
5.2h). A small amount of Pt deposition remained the foils after the final low FIB energy
polishing at 2 kV and 27 nA to identify the fracture surface for the facet crystallography
analysis. An interesting phenomenon was observed in region 2 of Fig. 5.2e, where a secondary
crack was found at the top right corner of black dashed box, and both the secondary crack and
main fracture surface were roughly parallel to the (0001)α plane. Fig. 5.2h shows the foil
sectioned from the faceted region of HIPped Ti811, and the insert is an enlarged image of
region 3. Stair-like steps were observed on the facets with a spacing of approximately 700nm,
which was expected as the planar slip bands similar to Fig. 5.1d.
As fraction of β phase was about 10% in both wrought and HIPped Ti-811, thus pole figures
were only computed for α-Ti texture. With all the three lamellae, the loading condition was
tensile stress along vertical direction (red arrows in Fig. 5.2b, e and h). Fig. 5.2c is the pole
figure of region 1 in Fig. 5.2b. There is a strong basal pole in the area of interest and the [0001]α
direction is inclined approximately 25°away from the tensile direction. For region 2 beneath
facets (the faceted region (Fig. 5.2e), all the data points have their c-axis inclined approximate
45°away from the loading direction. As the size of α grains were in the range of 20-30μm in
the wrought Ti-811, the EBSD mapping area (black dashed box) of 2 × 2 μm2 indicates that it
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could be a single grain in region 2, which agrees with the pole figure data. For region 3 beneath
SCC facets of HIPped Ti-811 (Fig. 5.2h), the basal pole is approximately 6°away from the
loading axis.

Fig. 5.2 (a-f) FIB lift-out lamellae obtained from a fractured wrought Ti-811 sample, (a) and (b) from pre-crack

dimpled fracture, (d) and (e) from SCC faceted fracture. Pole figures of α phase, (c) the pole figure corresponding
to region 1 in (b), (f) the pole figure corresponding to region 2 in (e). (g-i) FIB lift-out lamella obtained from a
fractured HIPped Ti-811 sample, (g) and (h) from SCC faceted fracture, and the insert in (h) is an enlarged view
of region 3; (i) the pole figure corresponding to region 3 in (h). All the fracture surfaces beneath the platinum (Pt)
deposition are denoted by the black arrowheads, and all the red arrows denote the tensile direction in (b), (e) and
(h).
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Based on the tensile loading direction (vertical direction in Fig. 5.2b, 5.2e, and 5.2h) and
crystallographic orientations in the grains of interest, the relative critical tensile stress (𝜎𝑐 )
can then be calculated by the Schmid factor (𝑚) and Critical Resolved Shear Stress (CRSS,
𝜏𝑐 ) for various slip systems in α-Ti grains as following Eq. (5.1):
𝜎𝑐 = 𝜏𝑐 /𝑚

(5.1)

The slip system with the lowest 𝜎𝑐 will be preferentially activated. As CRSS data for various
slip systems in α phase of Ti-811 are not available, a reference relating to a Ti-6.6Al single
crystal at 300 K was adopted considering its high Al content [28]. The combination of basal
and prismatic <a> slip systems which gives a pyramidal <a> slip, was not considered here. The
CRSS of <c + a> slip systems is roughly four times as high as that of <a> slip on either the
basal or prismatic planes. Different types of <c + a> slip systems generally have not been listed
clearly in numerous CRSS studies. Therefore, the same CRSS was used in our study for the
first-order pyramidal {101̅1} and second-order pyramidal {112̅2} <c + a> slip [121, 122].
Tab. 5.1 lists the Schmid factors and relative σc of various slip systems in regions 1-3 as
shown in Fig. 5.2. Although the α-Ti grain in region 1 is orientated such that <c + a> slip
systems had the highest Schmid factor, the relative 𝜎𝑐 is still lower for basal <a> slip due to
the high relative CRSS of <c + a> slip. Therefore, basal <a> slip is the easiest activated slip
system compared to other systems in region 1. For region 2, the basal plane is inclined
approximately 45o away from the loading axis, which means that the Schmid factor will be the
highest for basal <a> slip, thus the basal <a> slip will be preferentially activated. In region 3,
beneath the SCC facets of a HIPped Ti-811 sample, the c-axis is close to the stress axis which
results in a high Schmid factor for pyramidal <c + a> slip systems, and a low relative 𝜎𝑐 in
turn. However, the difference between the relative 𝜎𝑐 of <c + a> slip systems and basal <a>
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slip system is small, only about 20%. Unlike the other two regions (1 and 2) orientated
favourably for basal <a> slip, the <c + a> slip will be preferentially activated in region 3.
Tab. 5.1. Schmid factors, relative CRSS and relative critical tensile stress for various slip systems for the interested regions
of FIB lift-out lamellae in Fig. 5.2b, e and h.
Slip systems*

<a>

Schmid Factor
(𝑚)

Relative CRSS
(𝜏𝑐 ) [28]

Relative Critical
tensile stress (𝜎𝑐 )

(0001)

0.368 - 0.369

0.2625

0.711 - 0.713

{101̅0}

0.076 - 0.077

0.2375

3.084 - 3.125

{101̅1}

0.497 - 0.498

1

2.008 - 2.012

{112̅2}

0.463

1

2.16

(0001)

0.493 - 0.500

0.2625

0.525 - 0.532

{101̅0}

0.194 - 0.250

0.2375

0.950 - 1.224

{101̅1}

0.345 - 0.411

1

2.433 - 2.899

{112̅2}

0.255 - 0.319

1

3.135 - 3.922

(0001)

0.075 - 0.109

0.2625

2.408 - 3.5

{101̅0}

0.003 - 0.007

0.2375

{101̅1}

0.444 - 0.457

1

2.188 - 2.252

{112̅2}

0.478 - 0.487

1

2.053 – 2.092

Region 1: underneath dimples in
wrought Ti-811
<c + a>

<a>
Region 2: underneath SCC facets
in wrought Ti-811

<c + a>

<a>

33.93

- 79.17

Region 3: underneath SCC facets in
HIPped Ti-811
<c + a>

̅ 0>, and <c + a>-type slip direction is <112̅3>
*Where <a>-type slip systems have slip direction in <112

5.1.3 Dislocation Contrast Analysis
After the FIB lift-out experiment, all FIB lamellae were subjected to dislocation contrast
analysis, and the same areas in the black dashed boxes were investigated. As shown in Fig.
5.3a, t the c-axis is consistent with the pole figure in region 1 (Fig. 5.2c). Fig. 5.3b and c are
high magnification images for Fig. 5.3a. During the dislocation contrast analysis, the electron
beam was tilted a few degrees away from the [21̅1̅0] zone axis to obtain the appropriate g
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vector. The basal plane was approximately on edge and parallel to the beam direction. The
distribution of dislocations seems to be heterogeneous in region 1. Straight dislocation
segments were on (0002)α planes from 600 to 1500 nm beneath the fracture surface (below the
Pt deposition) when g = [011̅1̅] was operating. Most of the straight features were extinct under
g = [0002], which suggests that they had a <a> type Burgers vector. However, two planar slip
bands with a thickness of 20 nm (see white arrowheads in Fig. 5.3b) remained visible under g
= [0002]. One explanation is that they are bands of <c + a> dislocations, which have contrast
under both g = [0002] and g = [011̅1̅]. However, <c + a> type dislocations glide on pyramidal
planes, and they are not expected as edge on features residing on the basal plane when the
electron beam direction is approximately parallel to [21̅1̅0]. Another possibility is that the two
slip bands are residual contrast of <a> type edge dislocations. Despite the invisibility criterion
g ∙ b = 0, the strain field raised from a high density of <a> type edge dislocation debris in the
bands leads to an incomplete vanished contrast [123]. Therefore, arrays of dislocations
including the two slip bands can be determined as <a> type dislocations on the basal plane,
which is predicted and confirmed by the relative 𝜎𝑐 calculation in Tab. 5.1.
The deformed substructure underneath the facets (region 2) in wrought Ti-811 is shown in Fig.
5.4. The black arrowhead at top right corner denotes the secondary crack that is aligned on the
basal plane. TEM shows the same crystallographic orientation to the pole figure in Fig. 5.2g.
The bright field micrograph of Fig. 5.4a shows a high density of dislocations with b = <c + a>
under g = [0002], which were not observed in region 1 beneath the dimples Fig. 5.3. When g
= [01̅11] reflection was excited, localized planar slip bands and straight dislocation segments
were observed gliding on the basal plane, while there were no dislocations with a <c>
component. As B was close to [21̅1̅0], the dislocation arrays and bands that resided on the basal
plane were determined to be basal <a> slip in Fig. 5.4b. The activation of basal <a> slip in
region 2 was also predicted by Schmid’s law calculations (Tab. 5.1). In addition to the predicted
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basal <a> slip, <c + a> slip is also present in region 2 (Fig. 5.4a). The feature originated from
the secondary crack tip denoted by the white arrowhead was a sub-grain boundary in Fig. 5.4b,
and grains on each sides of the boundary had a misorientation of 1.4o (see the SAD pattern (Fig.
5.4c) taken from the yellow circle in Fig. 5.4b). The small angle sub-grain boundary is not an
effective barrier for dislocation motion, and therefore the slip bands are continuous across the
boundary in Fig. 5.4b.

Fig. 5.3. Bright Field (BF) TEM micrographs of region 1 lift-out from the pre-crack dimples of wrought Ti-811 in Fig. 5.2b.
Low magnification (a) g = [0002], high magnification (b) g = [0002], the white arrowheads indicate two planar slip bands,
̅ 0]. In all case black arrow indicates
(c) g = [011̅1], the black arrowhead denotes a grain boundary at bottom right, B ≈ [21̅1
the excited g vector.
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The interim crack length was shorter in the dimpled region of pre-crack than that of the SCC
facets. As the SCC test was a constant displacement test, the stress intensity factor (K) has an
inverse relationship with the interim crack length according to Equation 3.1. Therefore K was
decreasing during the crack propagation (increased crack length) and stress intensity factor was
higher for dimpled regions than that of the faceted regions. However, higher dislocation density
was presented in the material underneath facets than that of dimples according to the contrast
analysis in Fig. 5.4 and Fig. 5.3 respectively. This will be further discussed in section 5.2.

Fig. 5.4. BF TEM micrographs of region 2 lift-out from the SCC facets of wrought Ti-811 sample in Fig. 5.2e. (a) BF image
when g = [0002] is excited, the black arrowhead denotes the secondary crack tip which is previously illustrated in Fig. 5.2 (e);
(b) BF image when g = [01̅ 11] is excited, white arrowhead indicates a sub-grain boundary; (c) Selective area diffraction (SAD)
pattern taken from the yellow circle in (b). B ≈ [21̅ 1̅ 0]. In all case black arrow indicates the excited g vector.
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Fig. 5.5. BF TEM micrographs of region 3 lift-out from the SCC facets of HIPped Ti-811 sample in Fig. 5.2h. (a) g = [0002],
(b) g = [21̅1̅2], (c) proposed steps formation mechanism on facets in α grain. The white arrowheads indicate the linear <c +
a> segments resided on the (2̅112) plane, and the black arrowhead denotes a step on facet surface. B ≈ [011̅0], In all case
black arrow indicates the excited g vector.

Fig. 5.5 provides BF images taken with diffraction conditions of g = [0002] and [21̅1̅2] for
region 3 underneath the faceted fracture of HIPped Ti-811. Highly localized basal <a> slip
bands were observed to be parallel to the (0002) trace underneath the facet containing steps
for g = [21̅1̅2]. In addition to <a> slip, a high density of <c + a> entanglements appeared
from areas very close to the surface to that 1600nm beneath when g = [0002] was excited.
Besides, linear <c + a> dislocation segments were also observed on (2̅112) plane, which are
indicated by the white arrowheads. In region 3, activation of <c + a> slip is predicted by
Schmid’s law calculation in table 2. Fig. 5.5c is an illustration of steps formation on faceted
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fracture surface by <c + a> slip joining the neighbouring basal <a> slip bands, and it will be
elaborated in details in the discussion section.

5.2 Discussion
The nature of dislocation and density of dislocation will be discussed in the following sections.
To help identify the mechanisms involved in the SCC of Ti-811, the nature and density of
dislocations will be discussed in the following sections. It is possible that they could be affected
by the ion beam damage during the FIB lift-out sample preparation stage. Previous studies
[113-115] have identified defects, including dislocations, produced by high energy Ga+ ion
damage in FIB lift-out foils. However, a recent study on a near α Ti alloy showed that FIB
lamellae, which were prepared by using a sequentially reduced ion beam energy during the
thinning process and a final low polishing voltage and current at 2 kV and 28 pA, had a
comparable sample quality with electropolished foils in the dislocation contrast experiment
[116]. In the current study, a low energy ion beam at 2 kV and 27 pA was used in the final
polish process. Therefore, FIB lift-out conducted in our experiment is not expected to affect
the dislocation analysis.

5.2.1 Nature of Dislocation
From the TEM contrast analysis, basal <a> glides were observed in both regions 1 and 2 from
dimpled and faceted fracture of the wrought Ti-811 material respectively. The activation of
such type dislocation was predicted by the relative critical tensile stress (𝜎𝑐 ) calculation in Tab.
5.1. In addition to the basal <a> dislocation, <c + a> dislocations were observed only
underneath the facets (region 2 illustrated in Fig. 5.4). In general, <c + a> glide is expected to
be important for ductility in α titanium with a HCP crystal structure, because it provides the
additional independent slip systems for a homogeneous plastic deformation according to von
Mises criterion [8, 124-127]. Therefore, one would have expected to find <a> as well as <c +
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a> type dislocations beneath the dimpled fracture. Instead they were observed underneath
facets in the SCC regions which are associated with brittle failure. Thus “facets” need not be
regarded as brittle failure, because there were extensive tear ridges and planar slip bands
observed on facets surface. Such tear ridges and planar slip bands on facets are indications of
microplasticity [13, 75, 128], which suggests a high degree of dislocation activity at the crack
tip. Previous research in Ti-811 proposed an assumption that either basal <a> slip or <c + a>
slip are promoted in the SCC crack tip region enriched with hydrogen [13]. For the first time,
direct evidence has been provided for the role of hydrogen in SCC. Therefore, hydrogen
induced dislocation emission seems likely to be related to the activation of <c + a> slip below
facets.

5.2.2 Dislocation Density
The self-loaded SCC experiment was a constant displacement test. Therefore, the stress
intensity factor was reducing during crack propagation which means the stress intensity factor
was much higher in the dimpled region at pre-crack than that of propagation facets formed
subsequently. However, a higher density of dislocation was observed below the SCC faceted
crack region (region 2 illustrated in Fig. 5.4) compared to that below dimples (region 1
illustrated in Fig. 5.3) for wrought Ti-811 sample. The difference in dislocation density may
help us to reveal the aqueous NaCl SCC mechanism in Ti-811.
Several studies of hydrogen effects on dislocation showed that hydrogens lowered the
dislocation emission energy [129], as well as reduced the flow stress and increased dislocation
velocity along a narrow slip band [67, 129-131]. Another hydrogen embrittlement (HE) study
pointed out that hydrogen stabilizes edge components of mixed dislocations, therefore it
prohibits cross slip [130]. In summary of the previous HE work, hydrogen promotes dislocation
emissions and increases dislocation motions on confined crystallographic planes, which results
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in a high dislocation density, localized slip bands and a macroscopically high crack velocity.
The concept of all these HE studies are similar to the experiment observations in the current
work. High density of localized planar basal <a> slip bands and <c + a> dislocations below
the facets, which are covered by extensive plastic tear ridges is a suggestion of hydrogen
promoted dislocation emission and motion at hydrostatic stress regions of the crack tip.
Therefore, the aqueous NaCl SCC mechanism in Ti-811 is possibly related to the effect of
hydrogen on dislocation emission and motion.

5.2.3 Hydrogen Diffusion

Fig. 5.6. (a) BSE SEM image of the fully lamellar IMI834 alloy in the study of [87], (b) BSE SEM image of the wrought Ti8Al-1Mo-1V alloy with a bi-modal microstructure used in the current study, (c) BSE SEM image of the HIPped Ti-8Al-1Mo1V alloy used in the current study.
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Solute hydrogen concentrations were about 34 ppm and 24 ppm (see Tab. 3.2) for the wrought
and HIPped Ti-811 samples, and they were regarded as low hydrogen levels. Thus, absorbed
hydrogen from the vicinity fluid played a significant role in the present SCC study. As
described in the introduction section, hydrogen absorption was triggered by electrochemical
charging at the crack tip, and the absorbed hydrogen then diffused into the material.
As there is no published data of 𝐷𝐻0 and 𝑄 for Ti-811, a reference of a near α Ti alloy,
IMI834, is adopted in Tab. 1.3. Therefore at room temperature (300K), 2.63 × 10−14 m2 /s
was the overall diffusion coefficient for IMI 834, in which the spheroidized β phase existed in
lamellae region (see Fig. 5.6a) [87]. However, both the wrought and HIPped Ti-811 had an
interconnected β phase network (bright β phase in Fig. 5.6b and c), the overall diffusion
coefficient should be higher than the calculated 𝐷𝐻−𝐼𝑀𝐼834 . In addition, it is also expected to
be lower than the bulk diffusion in β phase, as there are α grains and lamellae acting as barriers
in Ti-811, which confines the diffusion path. Therefore diffusion coefficient of β Ti is the upper
limit. 𝐷𝐻−𝛽 is about 2.89 × 10−12 m2 /s at 300 K according to Tab. 1.3 [88].
Hydrogen is an interstitial element in Ti alloys, and its solubility and diffusivity is much higher
in β phase compared to in α phase due to the low pack density in BCC crystal. As a result, a
more rapid diffusion of absorbed hydrogen can be achieved by the interconnected β phase into
the bulk material [22]. In addition, there will be a hydrogen concentration gradient developed
around the crack tip during the hydrogen charging and diffusion [86, 132, 133].
An estimation of the hydrogen diffusion length by lattice diffusion is [134]:
𝐿𝐻 = √2𝐷𝐻 𝑡

(5.2)

Where 𝑡 is the diffusion time and 𝐷𝐻 is the diffusion coefficient, which is a function of
temperature [87]:
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The bulk hydrogen diffusion rate (diffusion length/time) is then calculated by equation (5.2),
and they are 2.40 × 10−6 m/s for β Ti and 2.30 × 10−7 m/s for IMI834. Therefore, the
overall hydrogen diffusion rate should be in the range between 2.30 × 10−7 m/s and 2.40 ×
10−6 m/s for Ti-811. As the plateau SCC crack velocity is in the order of 10−5 m/s in
Chapter IV (Fig. 4.10), which is still at least one magnitude higher than the calculated hydrogen
diffusion rate. This indicates that bulk hydrogen diffusion is not sufficient for hydrogen
enhanced localized plasticity mechanism operating in such a high crack velocity case.
Hydrogen segregation on mobile dislocations must account for the high cracking velocity.
Hydrogen diffusivity can be increased by transportation through dislocations [30, 89, 91, 135137], especially for the presence of planar slip bands which allow longer slip length [30, 90,
136]. Hydrogen transport through slip bands was reported in various systems including steel
[93], Al [90], and Ti [30, 92, 138]. It was stated that pipe diffusion along dislocation is
kinetically preferred to volume diffusion, and the hydrogen diffusion rate was increased by
orders of magnitude through the pipe diffusion [89, 90]. The coherent ordered α2 precipitates
lead to localized planar slip bands with a length longer than 1 μm underneath SCC fracture
surface (Fig. 5.4b and Fig. 5.5b). These planar slip bands then provided transport highway for
the absorbed hydrogen at the crack tip to diffuse into grain interior at a high rate. As calculated
in the above paragraph, the SCC crack velocity was at least one magnitude higher than the bulk
hydrogen diffusion rate in Ti-811. Therefore, hydrogen transport through slip bands helps to
keep pace with the high SCC crack velocity. In addition to the hydrogen segregation and
diffusion, the hydrogen concentration is high within the slip bands, which leads in turn to an
easier crack propagation along the slip bands [8].
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5.2.4 Crystallographic Orientation of SCC Faceted Planes
SCC fracture planes were reported to be close to (0002) plane in Ti-811 [13, 17, 36, 59], and
they were determined to be inclined 5o to 15o away from the basal plane by using quantitative
tilt fractography/EBSD method [13]. Coincidentally, a well-known hydride habit plane
{101̅7} is approximately 15o from the (0002) plane. However, hydride formation and fracture
mechanism was not suitable for the SCC of Ti-811 as previously mentioned in section 0 and
section 0. The tear ridges and localized slip bands observed on the facets (Fig. 5.1b, c and d)
are ductile features and are indications of microplasticity.
In the current study, three FIB lift-out lamellae, including region 2 to 4, were examined by
TEM from wrought and HIPped Ti-811 samples. BF TEM images of facet surface of these
three regions are illustrated in Fig. 5.7, and facet crystallographic orientations are summarized
in Tab. 5.2 based on the SAD patterns in Fig. 5.7.
As shown in Fig. 5.7a and b respectively, the main faceted surface of regions 2 and 3 below
the Pt deposition layer are parallel to (0002)α. Especially for region 2, which also has a
secondary crack on the basal plane (see the black arrow head in Fig. 5.7a). Fig. 5.7c shows a
facet (above region 4) formed on a plane inclined 16.4o away from the basal plane, which is
close to a hydride habit plane {101̅7}. In all three cases, <c + a> entanglements appear
underneath the facet.
The three direct observations showed that facet formations were on planes either parallel to, or
inclined 15o away from, the basal plane, which was an incomplete consistency with the range
of 5o to 15o away from the basal plane in the previous study [13]. The method of quantitative
tilt fractography/EBSD measured the average orientation of a facet plane and had an accuracy
of ±3o [13, 75], while BF TEM images of the lift-out foils provided direct observations. The
average measurements on facets with those ductile features on facets, including planar slip
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bands and tear ridges, may also have contributed to the inconsistency of the crystallographic
orientation.

Fig. 5.7. BF TEM micrographs of (a) region 2 lift-out from the SCC facet of wrought Ti-811 sample in Fig. 5.2e, and the black
arrow head indicates the secondary crack tip, B ≈ [21̅1̅0], (b) region 3 lift-out from the SCC facet of HIPped Ti-811 sample
containing the surface steps in Fig. 5.2h, B ≈ [011̅0], (c) region 4 lift-out from the SCC facet of HIPped Ti-811 sample in
Fig. 5.2h, B ≈ [011̅0]. The main fracture surface is below the Pt deposition in all cases, and trace of (0002) α planes are
indicated by the SAD patterns.

For regions 2 and 3, faceted planes on (0002)α could be a result of the fracture propagation
along basal <a> slip bands, which are illustrated in Fig. 5.7a and b. A slight difference is that
the fracture surface contained steps formed by joining adjacent basal <a> slip bands rather than
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a single slip band in region 3. The facet plane of region 4 (Fig. 5.7c) is approximately 16o from
(0002)α, or close to irrational {101̅7} planes. However {101̅7} are not slip planes, the
overall propagation facet on {101̅7} could be a result of operation of both the pyramidal <c +
a> slip and basal <a> slip. Therefore, the facet orientation is related to the operating
dislocations underneath.

Tab. 5.2. Crystallographic orientations of SCC facets investigated in Fig. 5.7.

# For

Samples

Angle between facet normal and [0001]α (o)

Facet of region 2 in wrought Ti-811

0#

Facet of region 3 in HIPped Ti-811

0*

Facet of region 4 in HIPped Ti-811

15

main fracture surface and secondary crack tip. *For the horizontal part of the step.

5.2.5 SCC Mechanisms
The tear ridges on facets were evidence of microplasticity [13, 75, 128], which indicated a high
degree of dislocation activity at the crack tip. A Previous study proposed a hypothesis, in which
either basal <a> slip or <c + a> slip were promoted in the SCC crack tip region enriched with
hydrogen [13], and now the first direct TEM evidence is provided by the present work.
The ductile features of steps with spacing at a few hundred nanometres on the facet of region
3 (Fig. 5.5) were related to the planar slip band features on facets (Fig. 5.1d). These steps are
fractographic evidence of highly localised plastic deformation. According to the dislocation
contrast analysis, extensive basal <a> slip bands and pyramidal <c + a> dislocations are
observed beneath the facets. As these steps are parallel to the (0001)α plane, it is suggested that
step formation is a result of <c + a> dislocations joining neighbouring basal <a> slip bands in
Fig. 5.5c.
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In SCC of Ti alloys, the pH was found to be below 2 at the crack-tip zone for a neutral bulk
solution [64]. The low pH value (high hydrogen ion concentration) is a result of anodic reaction
of Ti, and hydrolysis of Ti ions at the crack-tip zone [64]. Then, hydrogen absorption is a result
of cathodic electrochemical reactions at SCC crack tip [64]
Therefore, the absorbed hydrogen weakens the interatomic band, promotes dislocation
emission and increases the dislocation density around the crack tip by AIDE. The diffused
hydrogen then promoted a localized plastic deformation ahead of the crack tip by HELP. The
overall crack propagation was a result of the accumulation of highly localized plastic
deformation in the vicinity grains ahead of the crack tip. Thus, a combined AIDE and HELP
mechanism schematically shown in Fig. 5.8 is proposed for the SCC of Ti-811 in aqueous NaCl
solution.

Fig. 5.8. Illustration of a hybrid aqueous NaCl SCC mechanism including absorption induced dislocation emission (AIDE)
and hydrogen enhanced localized plasticity (HELP) for Ti-8Al-1Mo-1V. Habs is the absorbed hydrogen.
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5.3 Summary
In order to understand the SCC mechanism, a combination of FIB lift-out, T-EBSD, and TEM
contrast analysis were applied to study the substructure of α grains underneath dimpled and
SCC faceted fracture surface in wrought and HIPped Ti-8Al-1Mo-1V.
Schmid’s law predicted the activation of slip systems in regions 1-3 based on the relative
critical tensile stress (𝜎𝑐 ) calculation. Region 1 and 2 were taken from dimpled and faceted
region in SCC sample of wrought Ti-811, and region 3 was lift-out from SCC facets of HIPped
Ti-811. In spite of Schmid’s law, there is a change in the dislocation types between the regions
underneath pre-crack dimples and SCC facets in wrought Ti-811. Both regions were orientated
favourably for basal <a> slip, but <c + a> slip was observed underneath SCC facets that failed
in aqueous NaCl solution.
In addition to the change in dislocation type, an increase in dislocation density was observed
in the SCC faceted region compared to that of the pre-crack dimples. The increased dislocation
density is an evidence of micro-plasticity related to AIDE mechanism around the crack tip.
The crystallographic planes of the SCC facets were either parallel to, or inclined 15°away to
the (0002)α plane. The orientations of three facets are attributed to the operating dislocation
types beneath.
The main hydrogen source is likely external absorbed hydrogen from the solution at the crack
tip rather than solute hydrogen. Subsequent hydrogen diffusion is not solely dependent on bulk
diffusion, but rather on pipe diffusion through the planar slip bands in α-Ti grains ahead of
SCC crack tip.
Based on the TEM evidence, it may be concluded that a combined AIDE and HELP mechanism
is proposed as the aqueous NaCl SCC mechanism for Ti-8Al-1Mo-1V.
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6 CHAPTER VI: CONCLUSIONS
One research aim of this work was to determine the individual effect of microtexture and α2
precipitates on SCC properties for Ti-8Al-1Mo-1V, and thereby to improve the SCC resistance
of Ti-8Al-1Mo-1V by manipulating microtexture and α2 precipitates in the alloy.
i.

Both ordered α2 precipitates and microtexture were found to be detrimental to the SCC
property of Ti-8Al-1Mo-1V. The slip bands on SCC facets are evidence of localized
planar slip, which is promoted by α2 precipitates and the SCC process is subsequently
accelerated. The presence of microtextured regions increases the SCC crack
propagation velocity significantly, and the SCC crack propagation direction is
correlated to the microtexture according to the EBSD result.

ii.

Hot isostatic pressing (HIPping) without any post heat treatments can reduce the SCC
susceptibility significantly compared to wrought Ti-8Al-1Mo-1V. In addition, the
mechanical properties are not affected adversely by the HIPping processes.

iii.

Zero SCC susceptibility for Ti-8Al-1Mo-1V can be obtained by combining the HIPping
process and appropriate post heat treatment to eliminate microtexture and α2
precipitates. However, the post heat treatment, which suppresses the α2 ordering
transformation, results in a decrease in elastic modulus and yield strength. As Ti-8Al1Mo-1V is weight reduction attractive in aerospace applications for its high young’s
modulus and specific strength, reduced elastic modulus and yield strength would
weaken the advantages of Ti-8Al-1Mo-1V.

iv.

Fractography study showed that there was a transition between ductile dimpled fracture
in air and flat faceted fracture in aqueous NaCl solution. Ductile features of tear ridges
and slip bands on SCC facets were observed by high resolution SEM, which implies a
localized plastic deformation in the microstructure adjacent and below the fracture
surface.
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Another research aim was to understand the SCC mechanism, which was investigated by
studying the difference between the dislocation substructure in α grains underneath dimpled
and SCC faceted fracture surface in wrought and HIPped Ti-8Al-1Mo-1V.
v.

The crystallographic planes of facets were either parallel to basal plane or close to a
hydride habit plane {101̅7} . The facets orientation is a result of the operating
dislocations underneath.

vi.

The activation of slip system is predicted by Schmid’s law based on the relative critical
tensile stress (𝜎𝑐 ) calculation. However, a dislocation type change is accompanied by
the fracture mode change from ductile dimples to SCC facets. Both pre-crack dimpled
and faceted regions of wrought Ti-8Al-1Mo-1V samples were orientated favourably for
basal <a> slip. In addition to the predicted basal <a> slip, <c + a> slip was observed
underneath SCC facets that failed in aqueous NaCl solution.

vii.

In addition to the dislocation type change, dislocation density was increased underneath
SCC facets compared to that below the pre-crack dimples. The increased dislocation
density implies increased degrees of microplasticity, which is related to hydrogen
induced dislocation emission and hydrogen promoted dislocation motion during the
SCC process.

viii.

It may be concluded that a combined SCC mechanism including absorption induced
dislocation emission (AIDE) and hydrogen enhanced localized plasticity (HELP) is the
aqueous NaCl SCC mechanism for Ti-8Al-1Mo-1V. Hydrogen is mainly externally
absorbed hydrogen from the corrosive fluid around the crack tip. The following
hydrogen diffusion should be primarily depended on pipe diffusion through slip bands
in α grains.

ix.
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7 CHAPTER VII: SUGGESTIONS FOR FUTURE
WORK
Although a reasonable explanation of microtexture and α2 precipitates has emerged from this
study, and two rational SCC mechanisms are established for the aqueous SCC in Ti-8Al-1Mo1V. There are still number of interesting areas that should be investigated in future work.
•

Effect of size and volume fraction of α2 precipitates on SCC properties: In this work,
the effect of α2 precipitates was studied in the sample with and without microtexture.
However, effects of size and volume fraction on SCC properties were not investigated.
Techniques including TEM, and X-ray line broadening would be useful to study the
size and volume fraction of α2 precipitates in Ti-8Al-1Mo-1V obtained from different
heat treatments. A correlation between α2 precipitates size and volume fraction and
SCC properties can be then established.

•

Effect of sharpness of microtexture on SCC properties: Ti-8Al-1Mo-1V samples
may have different sharpness of microtexture depending on the deformation type and
degree in conventionally thermomechanical processing. If Ti-8Al-1Mo-1V samples
with different texture intensity are available, it would be interesting to do SCC and
EBSD studies to examine the effect of sharpness of microtexture on SCC properties.

•

In-situ SCC experiment in TEM: If a TEM SCC cell is available, an in-situ SCC test
can be performed in TEM. The obtained result will further support the established SCC
mechanisms.

•

Extend the established SCC mechanism to other α+β Ti alloys: SCC study of Ti6Al-4V can be replicated to further extend the established theory to other α+β Ti alloys.
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8 Appendix

Fig. A1. Threshold image of Fig. 4.1 for phase volume fraction measurement. White phase is α, and black phase
is β.
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Fig. A2. The thickness of FIB lift-out lamellae obtained from the wrought Ti-811 sample, (a) the thickness of Pt
deposition above region 1 in Fig. 5.2b, and (b) the thickness of Pt deposition above region 2 in Fig. 5.2e.

According to Fig. A2, the thickness of retained Pt deposition on FIB lift-out foils are similar
above regions 1 and 2 in Fig. 5.2. As regions 1 and 2 are located next to the Pt deposition layers.
It would be expected that the thickness of these two regions are similar.
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Fig. A3. SCC crack propagation in DCB samples with different orientations in 0.1 M aqueous NaCl solution.

Fig. A3 shows the SCC crack propagation direction in samples with different orientations
sectioned from the wrought Ti-811 bar.
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